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FOREWORD

ApvaNnces IN CHEMISTRY SERiES was founded in 1949 by the
American Chemical Society as an outlet for symposia and col-
lections of data in special areas of topical interest that could
not be accommodated in the Society’s journals. It provides a
medium for symposia that would otherwise be fragmented,
their papers distributed among several journals or not pub-
lished at all. Papers are refereed critically according to ACS
editorial standards and receive the careful attention and proc-
essing characteristic of ACS publications. Papers published
in ADVANCES IN CHEMISTRY SERIES are original contributions
not published elsewhere in whole or major part and include
reports of research as well as reviews since symposia may
embrace both types of presentation.
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PREFACE

In many applications of plastics, when products finally fail, they fail
because of brittle fracture. Plastics are not unique in this respect;
products made of metals, ceramics, and wood also sometimes fail by
brittle fracture. Thus the mechanism and understanding of brittle frac-
ture are a major concern of materials scientists and materials engineers.
The prevention of brittle fracture has challenged the ingenuity of
polymer chemists, polymer physicists, and plastics engineers. They have
made great progress in the past 20 years toward practical solutions of
the problem and in the past 10 years toward theoretical understanding
as well.

The idea of a symposium on the subject was first suggested five
years ago, during a conference on New Plastics Materials at the Uni-
versity of Lowell for the Plastics Institute of America. Noting that many
of the new plastics were designed to solve the problem of brittle fracture
and that there was much controversy among the conferees on the subject
of mechanism and test methods, Albert W. Meyer suggested a symposium
on the subject, and the conferees all heartily agreed.

The symposium was organized by the joint efforts of the Organic
Coatings and Plastics Division of the American Chemical Society and
the Engineering Properties and Structure Division of the Society of
Plastics Engineers. The papers were collected from the membership of
both societies and through their contacts with other authorities and
researchers active in the field. The result is a broad coverage of the
present understanding and current research in the field of toughness and
brittleness of plastics.

The papers have been collected and arranged in three major classi-
fications dealing with Homogeneous Systems, Multi-Phase Polymer Sys-
tems, and Reinforced Plastics. The first group deals mainly with the
mechanisms of fracture, while the second and third deal with the two
major techniques for preventing fracture and providing toughness. All
together they present a thorough coverage of current knowledge and
research in the field.

University of Lowell RuporprH D. DEANIN

Lowell, Mass, 01854 Aipo M. CruGNOLA
October 1974

xi
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Thermodynamic Aspects of Brittleness in
Glassy Polymers

S. MATSUOKA

Bell Laboratories, Murray Hill, N. J. 07974

A shortening in relaxation time in the critically strained re-
gion makes some materials tough. The shift of relaxation
time is attributed to strain-induced dilatation and can reach
as much as five decades. Thermal history, on the other hand,
dictates the initial state from which this dilatation starts
and may be expressed in terms of excess entropy and en-
thalpy. The excess enthalpy at T, is measurable by differ-
ential scanning calorimetry. Brittle to ductile transition
behavior is determined by the strain-induced reduction in
relaxation time, the initial amount of excess entropy, and the
maximum elastic strain that the material can undergo with-
out fracturing or crazing.

Failure properties are dictated by events in the limited local regions

and are more difficult to handle and to interpret molecularly than
average properties such as modulus, viscosity, and heat capacity. We
propose shortening of relaxation times in material in the critical regions
as a mechanism responsible for the toughness of solid plastics. The stress
tends to dilate most solids, and the relaxation time can be shortened by
several orders of magnitude by this type of dilatation. This process is
quantitatively describable in terms of excess entropy. The initial amount
of the excess entropy before stress is a function of thermal and mechanical
history, e.g. annealing and drawing. How much the relaxation time can
be shortened is determined by the maximum strain attainable in the
material before fracture or craze formation occurs. The shortening of the
relaxation time is a local plasticization process, and the mechanical energy
is more readily dissipated.
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Strain Energy as the Strength Criterion

In plastics the strength of a material is often unrelated to the average
properties such as the modulus. ABS resins, which are essentially rubber-
reinforced SAN resins, are stronger in most applications than the unmodi-
fied SAN resins, even though both the modulus and the elastic stress
limit for SAN are higher than that for ABS. Berry (1) noted that much
of the mechanical energy required to propagate a crack through the bulk
of a material is dissipated during plastics deformation near the tip of the
crack; this energy can be several orders of magnitude greater than the
actual surface energy for separating the two surfaces. Thus plastic defor-
mation in microscopic scale is perhaps the most important factor in
making a material tough. Tensile elongation indicates the ability of a
material to deform before breaking; it is a more important design factor
in choosing a proper material than many of the average properties re-
ferred to above.

An impact modifier is a rubber phase dispersed in particulate form
throughout the matrix of a polymer solid. Unlike plasticizers, the rubber
particles retain their intrinsic properties as a separate phase. The glass
transition temperature of the parent matrix is not lowered by the addition
of an impact modifier. The rubber particles do two things to the parent
matrix phase (2, 3, 4): they act as stress concentrators (i.e., a large strain
will start in the matrix near the interface) and they enhance the multi-
axiality in stress. As multiaxial tensile strength near the interface further
enhances dilatation, which shortens the mechanical relaxation time, the
otherwise brittle polymer solid of the matrix will undergo plastic defor-
mation in the vicinities of the rubber particles.

Shift of Relaxation Time under Strain

The concept of stress-induced dilatation affecting the relaxation time
or rate has been suggested by others (5, 6, 7, 8). The density of most
solids decreases under uniaxial stress because the lateral contraction of
the solid body does not quite compensate for the longitudinal extension
in the direction of the stress, and the body expands. The Poisson ratio,
the ratio of such contraction to the extension, is about 0.35 for many
polymeric solids; it would be 0.5 if no change in density occurred, as in
an ideal rubber. The volume increase, AV, accompanying the tensile
strain of ¢, can be described by the following equation:

AV/V = e(1-2p), (1)

where V is the specific volue, and u is the Poisson ratio (8). The volume
increases linearly with the strain up to the elastic limit according to this
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equation. However beyond this limit the body either yields, crazes, or
fractures, so that deformation beyond this point no longer causes an
additional dilatation. The maximum amount of such a strain is about
3 X 107 for many polymers. The corresponding fractional volume in-
crease, AV/V, is about 103 for many polymer solids.

The WLF equation is an empirical expression for the shift of relaxa-
tion time with respect to the temperature change and applies to rubbery
materials. It is well known (10) that the WLF equation can be written
as a function of the fractional free volume only:

In ar = B(1/f—1/fy), @)

where ar is the normalized relaxation time; B is a constant and is usually
unity; f is the fractional free volume, and the g is the glass transition
temperature. The fractional free volume reaches 1/40 at vitrification
where the remaining free volume no longer contributes to the relaxation
process and presumably remains constant below T,.

If an increase in free volume arising from stress-induced dilatation
contributes to the relaxation process in the same manner as dilatation by
raising the temperature, we can estimate the shift in relaxation time with
Equation 2 by substituting for the fractional free volume, f,

J =T+ AV/V = fo + (1-24). ®3)

(See Curve A in Figure 1.) The maximum possible shift in relaxation
time is determined by the limiting elastic strain, beyond which dilatation
no longer continues.

Effect of Anmnealing

Well-annealed polymeric solids tend to be stiffer and more brittle
than unannealed solids. For crystalline polymers annealing increases the
degree of crystallinity and crystallite sizes (lamellar thickening). These
changes are defined and measured thermodynamically as the decrease in
enthalpy and entropy.

Annealing of glassy polymers can be thermodynamically treated in
a similar way, even though it does not involve crystalline phase transi-
tion (11, 12). Annealing a polymer glass will lower the enthalpy. This
decrease is approximately equal to the product of the temperature and
the corresponding change in entropy since the Gibbs free energy would
remain essentially unchanged, as in the case of crystallization of the
super-cooled liquid. This excess entropy is associated with the free vol-
ume as it becomes available at the glass-to-rubber transition by heating



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch001

6 TOUGHNESS AND BRITTLENESS OF PLASTICS

or by mechanical dilatation. Thus entropy of mixing of the occupied and
the unoccupied sites is

AS = —R(n; In v; + ns In v,), (4)

where n is the mole fraction; v is the volumetric fraction, and the sub-
scripts 1 and 2 refer to the occupied and unoccupied sites. When the
concentration of the unoccupied sites is much smaller than that of the
occupied sites, Equation 4 is simplified to the form

AS = —Rf In {, 5)

where f is the fractional free volume. We stated before that the unoccu-
pied sites in the glass become available as free volume, f,, at the point of
the glass-to-rubber transition. If the glass is subjected to a thermal history
which decreases its excess entropy (annealing ), the free volume fraction
might be less than the average value, f,, for the quenched glass.
Differential scanning calorimetry experiments (10, 11) show that a
well-annealed glass would have greater endotherm at the glass-to-rubber
transition and conversely would require a greater strain to gain a given
amount of fractional free volume by dilatation. A number of curves to
account for the different thermal history are shown in Figure 1. These
additional curves were calculated for materials with different degrees of

g o 4 1 \\ 1 1
K \\ 0.15 CAL/g
& - .
n 0.47CAL/g o
= P
» -2 ,/' 7
W /
s /
= -3 J/ b
o
2 ,/
S s
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< 0.69 CAL/g\ ,
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Figure 1. The effect of strain-induced dilatation
on relaxation time
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annealing. The initial excess enthalpy is a measurable quantity and de-
creases with annealing. The points are from the experimental data of
Ref. 13. The smaller the excess entropy initially, the greater the strain
required before the relaxation time begins to shorten. It follows that
annealing impedes a strain-induced plasticization.

We have stated that the maximum attainable dilatation is determined
by the limiting magnitude of strain; anything above that would cause
cracks or crazes. If a sample is well annealed, this maximum strain is
reached before a sufficient shift in relaxation time has occurred (see
Figure 1). The material would not be able to dissipate much strain energy
and could fail in brittle manner. How much of a shift in relaxation time is
required for the tough behavior depends on the rate of straining pertinent
to the particular application or testing method in question. Assuming the
average relaxation time at f = f, is 1 sec, a shift of two to three decades
corresponds to such a requirement.

Our data given here for ABS resins hold for other polymers as well
since many exhibit similar values for f,, the Poisson ratio, and the limiting
stress. For example, the shift of four decades in PVC creep retardation
time after annealing was obtained by Turner (13). The maximum excess
entropy at T, is similar for many polymers and some inorganic glasses
(14).
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Structural Parameters Affecting the
Brittleness of Polymer Glasses and
Composites

ROGER J. MORGAN and JAMES E. O'NEAL

McDonnell Douglas Research Laboratories, McDonnell Douglas Corp.,
St. Louis, Mo. 63166

The degree of brittleness of a polymer glass is related to the
amount of flow that occurs during the failure process. Small
main-chain glassy state molecular motions, the free volume,
and the morphology of polymer glasses all affect these flow
processes. The glassy state embrittlement of polycarbonate
appears to result from normal free volume changes and not
from the growth of ordered regions. The number and size
of microvoids affect the amount of molecular flow. Changes
in brittleness of polymer glasses induced by fillers in the
interfacial region depend mainly on polymer-filler inter-
action and dilatational stresses.

The degree of brittleness of a polymer glass depends on the amount of

flow that occurs during the failure process, either microscopically via
crazing or shear banding or macroscopically via necking. This flow, which
absorbs energy during the failure process, decreases the brittleness of the
polymer glass. Flow processes involve both the movement of polymer
chain segments past one another and the alignment of ordered nodular
regions. The molecular and morphological parameters affecting these
flow processes are not entirely understood. There is however growing
evidence that small main-chain motions as measured by dynamic me-
chanical loss, dielectric loss, and NMR techniques enhance the larger
scale segmental flow processes (1, 2, 3, 4, 5, 6, 7). The exact nature of
these small main-chain motions and the structural parameters that permit
their occurrence is incomplete because of the limitations of the experi-
mental techniques. Ordered regions in polymer glasses greatly affect the
flow processes involved in the failure mechanisms of these materials. The

8
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size of the nodules, the packing of the intergranular regions, and the
nature of any internodular crosslinks will affect flow. There is however
considerable controversy on whether polymer glasses (and liquids) con-
sist of ordered regions greater than those associated with normal liquid-
like packing (8). Furthermore it is uncertain whether the embrittlement
of polymer glasses as a result of annealing below T, is a direct conse-
quence of morphological changes or normal liquid-like packing changes
in free volume. Other parameters that affect the amount of flow during
failure include: (1) molecular weight, (2) degree of crosslinking, (3)
low molecular weight additives, (4) number, size and size distribution
of microvoids, (5) presence of fillers and proximity of surfaces, (6) fabri-
cation stresses, and (7) type of stress field applied to the polymer glass.

In this paper we discuss (1) small main-chain motions and their
effect on the flow processes, (2) the embrittlement of polycarbonate,
(3) the formation of microvoids from sample preparation and their effect
on the brittleness of polymer glasses, and (4) the modification of the
degree of brittleness of polymer glasses at the filler interface in polymer
composites.

Discussion

Small Main-Chain Motions and Their Effect on the Flow Processes.
The factors that govern small main-chain motions in the glassy state are
complex. Only units in favorable conformations and surroundings undergo
these motions (9) because of distribution in the packing and conforma-

-tions in the glassy state. All other units are frozen-in until the temperature

approaches the main T,. The volume swept out by the moving unit in
relation to the local free volume available determines the motion if strong
intermolecular interactions such as hydrogen bonding are absent. For
cooperative torsional motions the smallest volume is swept out by struc-
tures containing consecutive trans or extended configurations without side
groups. A number of polymers that have secondary glass transitions
satisfy this condition, e.g., polyethylene, polytetrafluoroethylene, and
trans-polybutadiene. Low energy differences between rotational isomers
also promote these motions. For example, trans-polybutadiene has lower
energy differences between rotational isomers than polyethylene (10)
and exhibits considerable molecular motion at 50°K lower (9). Collinear
bonds in the form of crankshaft structures (9) or phenylene groups may
also enhance main-chain motions because these units can rotate without
the cooperative motion of bonded neighboring units. However these
small main-chain motions are inhibited by strong intermolecular inter-
actions, particularly when such interactions occur short distances from
each other along the polymer chain. For example nylon 4 and higher
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members of this series have secondary glass transitions (11) whereas
nylon 3 does not because it has only two methylene groups between the
hydrogen bonding amide units. Crosslinking generally does not signifi-
cantly affect these small motions—i.e., the secondary glass transition of
the liquid epoxy monomer of bisphenol-A-diglycidyl ether is shifted only
~ 10°K when incorporated into a crosslinked glass (12).

Small main-chain motions enhance the chances of polymer chain
segments associated with flow to pass one another by decreasing the
rigidity of the segment. However it seems that these motions are only
one of several parameters that affect the flow processes. From studies on
the relationships between the dynamic mechanical spectra and the me-
chanical properties of several glassy polymers we found that the amount
of segmental flow during deformation and failure is a function of both
the amount of small main-chain motions and the free volume of the glass
(6,9). This indicates that fewer small main-chain motions are necessary
to enhance segmental flow as the free volume increases. It was also evi-
dent that the small main-chain motions depend on the intra- and inter-
molecular potential barriers. Indeed recent results indicate that small
main-chain motions can be either unaffected (13) or increased despite
embrittlement of the glass (14).

The Embrittlement of Polycarbonate. Polycarbonate embrittles at
80°-130°C (T, ~ 150°C) (15, 16, 17, 18); its original properties can be
restored by annealing above 130°C. This embrittlement is accompanied
by a small density increase (16, 17, 19) but without detectable changes
in short-range order as determined from x-ray diffraction studies (19).
We studied the effect of thermal history on the mechanical properties of
polycarbonate (Lexan, G. E. Co.) after annealing to constant yield stress.
(Solution-cast films and compression-molded specimens attained a con-
stant yield stress, density, and dynamic mechanical y peak intensity
(185°K, 1 Hz) after 12 hr annealing at 145°C and remained unchanged
after prolonged annealing—i.e., 17 days). Consecutive glassy state anneal-
ing cycles between 145° and 125°C, produced reversible changes in yield
stress, density, and enthalpy of the glass. From plots of the log (strain
rate) vs. yield stress and fracture topography studies, we showed that the
125°C annealed glass was considerably more brittle than the 145°C
annealed glass in the impact strain rate region. The linear coefficient of
expansion calculated from the reversible density changes had the same
order of magnitude as that normally associated with liquid-like packing
changes in free volume (cf., ~ 2.0 )X 10). These observations suggest
that the embrittlement of polycarbonate produced by annealing at 80°-
130°C results from normal free volume changes and not from the growth
of ordered regions. However this does not preclude the presence of
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Figure 1. Average intensity of the polycarbonate y peak vs. time for heat
treatments at 100°C and at 140°-145°C

ordered regions in the 145°C equilibrium state glass nor the growth of
such regions in a glass with lower order when annealed above 80°C.
Neki and Geil (20) have observed the growth and rearrangement of
100-1400 A morphological entities on the etched surfaces of quenched
polycarbonate on annealing at 145°C. This suggests that ordered regions
may exist in the 145°C equilibrium glassy state. Furthermore we found
that the dynamic mechanical iy peak exhibits reversible changes in inten-
sity on consecutive thermal annealing cycles between 145° and 100°C.
Figure 1 shows a plot of the average intensity of this peak at 120°-250°K
vs. time of heat treatment at 100°C and at 140°-145°C. The intensity
increases at 100°C in the same time as that necessary to complete the
embrittlement (17) and is restored to its original value by annealing just
below T,. A quenched specimen has a slightly higher intensity than a
specimen that has been slowly cooled through T,. These results suggest
that certain small main-chain motions become enhanced during the em-
brittlement despite a density increase. We suggest that conformation
changes that occur during embrittlement produce poorly packed essen-
tially parallel chain segments, each comprised of consecutive runs of
extended configurations. These segments could cause a small density
increase but still enhance small main-chain motions by allowing such
motions to sweep out smaller volumes than consecutive runs of irregular
configurations. Such configurational changes could be caused by ordered
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Figure 2. Nodular structure in polycarbonate with ap-
parent internodular crosslinks (transmission electron micro-
graph, unshadowed)

regions consisting of essentially parallel chain segments in the 145°C
equilibrium state glass. Small-angle x-ray scattering (SAXS) studies on
embrittled and non-embrittled glasses did not reveal any ordered regions
below ~ 40 A, the limit of detection. However transmission electron mi-
croscopy of solution-cast thin films did reveal ~ 30 A nodules (Figure 2)
that increased to 50-60 A on annealing at 125°C. In addition we observed
the merging of these nodules and the ordering of the internodular material
to form larger structures. The nodules appear to be interconnected by
~ 30 A internodular crosslinks that are less well-ordered than the nodules
themselves. The larger ordered regions were connected by ribbons of
interconnected smaller nodules. We suggest that the 30 A nodules are
molecular domains of ordered, single polymer chains that weakly inter-
connect to form larger structures on annealing below T,. Density meas-
urements also suggest that ordered regions may exist in the 145°C equi-
librium state glass. The density of polycarbonate increased with increas-
ing annealing temperature above 145°C, indicating the further growth
of ordered regions.

Hence for a polycarbonate glass that has a lower state of order than
the 145°C equilibrium state, we suggest that annealing at 80°-130°C
causes simultaneous normal free volume changes and the ordering and
interconnection of molecular domains. Although the free volume changes
are the primary factor controlling the mechanical properties of the glass,
the nature of these changes is modified by ordered regions.



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch002

2. MORGAN AND O'NEAL Structural Parameters 13

Microvoid Formation during Sample Preparation of Polymer Glasses.
Flow initiation on a microscopic basis depends on the local stress concen-
trations present in the form of flaws. The distribution of the magnitudes
of the stress intensity factors associated with all flaws smaller than the
primary flaw has a significant effect on the amount of flow that occurs
during the deformation and failure of a polymer glass. Generally there
are more imperfections on the surface of a glass because of its exposure
during fabrication. However for epoxy resins (12) and polymers cast
from solution (21), surface and internal microvoids can result from the
clustering of one of the constituents during sample preparations. For
epoxies the tendency of the epoxy monomer of bisphenol A diglycidyl
ether to crystallize partially in the liquid monomer (mp ~ 35°C) and to
crystallize in a partially cured resin introduces different sized microvoids
into these glasses by melting the crystals in the resin and subsequently
volatilizing the resultant liquid. Results to date show differences in the
brittleness of these resins for different sizes of the original crystalline
regions. For solution-cast polymer glasses dynamic mechanical studies
indicate that part of the diluent exists in small clusters, as evidenced by
characteristic absorption peaks (21, 22). This phenomenon can be used
to produce microvoids in the glass. Figure 3 shows a transmission electron
micrograph of a strained film of a solution-cast polyimide copolymer
(Upjohn PI 2080) which has a strong dielectric absorption peak charac-

Figure 3. Strained solution cast polyimide exhibiting mi-
crovoids and shear bands (transmission electron micro-
graph, unshadowed)
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teristic of solvent clustering (21). Microvoids of 10-150 A, some of which
may have resulted from solvent clusters, are visible and act as stress-
intensity points as indicated by the dark shear lines associated with each
void. The dark lines indicate denser packing of the polymer chains
resulting from molecular flow and orientation. It is evident from this
electron micrograph that the number and size of microvoids affect the
amount of molecular flow. (The resolution and contrast of this micro-
graph, we believe, result from the film collecting a charge and electrons
accumulating at its top surface when on the microscope grid. We are
investigating this phenomenon in our laboratories. )

Modification of the Properties of Polymer Glasses in the Polymer—
Filler Interfacial Region in Composites. In composites the properties of
the glass are modified at the interfacial region of the filler. The nature
of the interface in fiber composites affects the failure criteria, particularly
in the growth of early damage regions via interfacial failure from the high
shear stresses associated with fiber ends. The fracture process often
occurs within the resin adjacent to the interface when there is strong
interaction between the matrix and fiber. Hence in glassy polymer com-
posites the strength of interaction between the polymer and filler and
the nature of the adjacent polymer layers are important parameters that
affect the ease of crack growth along the interface. Amorphous but crys-
tallizable glasses such as polycarbonate will crystallize at the surface of
fillers (14, 23). However there are indications that even non-crystallizable
glasses such as epoxies order at the filler surface (24).

We studied the effect of high surface area carbon black and fused
silica fillers on the large, secondary glass transition of non-crystallizable
SBR (31.6% styrene) copolymer which is associated with small main-
chain motions of trans-polybutadiene units (25). Figure 4 shows plots
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Figure 4. Damping (A) vs. temperature for SBR (31.6 mole % styrene)
containing 0, 7.8, and 20.6 vol % fused silica



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch002

2. MORGAN AND ONEAL Structural Parameters 15

of the cryogenic dynamic-mechanical relaxation spectra of the SBR-fused
silica composites at different filler volume fractions. Additional damping
mechanisms from filler-filler and polymer—filler frictional effects and a
polymer-rich skin effect (26) were negligible for these composites, and
hence these data could be analyzed for volume additivity of the matrix
damping. From these analyses the amount of molecular motion eliminated
from the glassy state by carbon black was greater than that found with
fused silica; this indicated stronger polymer—filler interaction. The degree
of interaction between polymer and filler at the interface affected polymer
layers further removed from the filler surface via entropic restrictions of
polymer conformations. The dilatational stresses resulting from the mis-
match in the coefficients of expansion of filler and matrix caused the
relaxation spectra to shift to lower temperatures; this effect was more
pronounced when polymer—filler interaction was weak. Changes in the
brittleness of the polymer glass matrix induced by the filler in the inter-
facial region primarily depended on shifts in the polymer relaxation
spectra. These shifts depended on the polymer—filler interaction and
dilatational stresses. It was concluded that as the interaction between
the matrix and the filler becomes stronger, thereby inhibiting dewetting
under applied stress, the adjacent polymer matrix becomes more brittle.

Literature Cited

Boyer, R. F., Polym. Eng. Sci. (1968) 8, 161.
Heijboer, J., J. Polym. Sci. (1968) C16, 3755.
Sauer, J. A., “Molecular Order—Molecular Motion,” H. H. Kausch, Ed.,
p- 69, Interscience, New York, 1971.
Garbuglio, C., Ajroldi, G., Casiragni, T., Yittadini, G., J. Appl. Polym. Sci.
(1971) 15, 2487.
. Bauwens, J. C., J. Mater. Sci. (1972) 7, 5717.
. Morgan, R. J., J. Polym. Sci. Polym. Phys. Ed. (1973) 11, 1271.
Kastelic, J. R., Baer, E., J. Macromol. Sci., Phys. (1973) B7 (4), 679.
“Symposium on Physical Structure of the Amorphous State,” Amer. Chem.
Soc., Div. Polymer Chem., Preprints (1974) 15 (2).
Morgan, R. J., Nielsen, L. E., Buchdahl, R., J. Appl. Phys. (1971) 42, 4653.
. Morgan, R. J., Treloar, L. R. G., J. Polym. Sci. A2 (1972) 10, 51.
La;vzgg, A. H., Sauer, J. A., Woodward, A. E., J. Appl. Phys. (1963) 34,
. Morgan, R. J., O'Neal, J. E., “Structure-Property Relationships of Epoxy-
Amine Systems,” unpublished data.
. Moore, R. S., Petrie, S. E. B., Amer. Chem. Soc., Div. Poly. Chem., Pre-
print 15 (1), 70 (1974).
. Morgan, R. J., O’Neal, J. E., “The Embrittlement of Polycarbonate,” un-
published data.
. Peilstocker, G., Kunstoffe (1961) 51, 509.
. Co{c}en,sji H., Hammant, B. L., Hazell, E. A., ]. Appl. Polym. Sci. (1967)
, 1571.
. LeGrand, D. G., J. Appl. Polym. Sci. (1969) 13, 2129.
. LeGrand, D. G., J. Appl. Polym. Sci. (1972) 16, 1367.

PNIUL A~ o

et
—o©

[
W D

it et
DU

bt bt
0 3



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch002

16

19.
20.
21.

22.
23.

24.

25.
26.

TOUGHNESS AND BRITTLENESS OF PLASTICS

Wignall, G. D., Longman, G. W., ]. Mater. Sci. (1973) 8, 1439.

Neki, K., Geil, P. H., J. Macromol. Sci., Phys. (1973) B8(1-2), 295.

Morgan, R. J., O'Neal, J. E., “Structure-Property Relationships of Poly-
imides,” unpublished data.

Morgan, R. J., Nielsen, L. E., J. Polym. Sci. A-2 (1972) 10, 1575.

Kardos, J. L., Cheng, F. S., Tolbert, T. L., Proc. Annu. Tech. Confr. SPE,
39th, Chicago, 1972, 154.

Manson, J. A., Chiu, E. H., Amer. Chem. Soc., Div. Polym. Chem., Pre-
print 14 (1), 469 (1973).

Morgan, R. J., J. Mater. Sci. (1974) 9, 1219.

Nielsen, L. E., Lee, B. L., ]. Compos. Mater. (1972) 6, 136.

Rece1vep October 18, 1974. Research conducted under the McDonnell Douglas
Independent Research and Development program.



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch003

Complex Formation and Fracture Surface
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Nylon 66 was highly doubly oriented by drawing a necked
unoriented rod under pressure between heated metal bars
maintained at elevated temperatures (below the polymer
melting temperature). The resulting flat strips were exam-
ined intact and were microtomed and/or fractured in the
three mutually perpendicular directions. The doubly ori-
ented samples were also complexed with aqueous iodine—
potassium iodide solutions. The mode of fracture was con-
sistent with the textural features of the strip wherein the
hydrogen bonded planes act to maintain sample integrity.
V-shaped deformation bands are observed. The original
hydrogen bonding network is disrupted to accommodate
the voluminous linear 15~ ions which line up along the
polymer chain backbone direction, forming a new unit cell
with one K'Iy~ associated with each nylon 66 monomer
repeat unit. The complexed system seems relatively stable.

Ever since the pioneering work of Carothers and his associates (1) in

the 1930’s which lead to the discovery and subsequent commercial
production of nylon 66, this material has occupied a prominent position
among other polymers. Although cursory x-ray investigations were car-
ried out in the early stages of technological development to assess orienta-
tion and crystallinity, it was the classic work of Bunn and associates (2, 3,

17
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4) that furthered our understanding of the structure of nylon 66 and the
nature of crystalline polymers in general. Models of the polymeric solid
state were based on this early work. Ideas concerning fracture (rupture
by shearing and tearing) were formulated by Bunn and others (2, 5).
The concept of tie molecules was invoked at an early date. With the
advent of chain folding in the late 1950’'s—an unexpected revolutionary
event in polymer physics—new notions of the arrangement and nature of
polymeric molecules evolved (6). Some early concepts of the morpho-
genesis of the nature of the crystalline state were completely discarded
only to be reinvoked to a varying degree to account for the mechanical
behavior of oriented polymeric systems. The role of tie molecules and
microfibrils is still believed to be significant in this regard (8). Not only
are fibrillar morphologies a dominant feature in crazing of non-crystalline
polymers, but they also appear to be the load-bearing members which
help to maintain the integrity of the crystalline domains of semicrystalline
plastics. Statton (8, 9) recently demonstrated that the structure and
morphology of highly oriented fibers of nylon 66 are modified by thermal
treatment at varying tensions. The fiber texture was characterized by
several techniques. From these results it was concluded that refolding
of molecules is a major contributor to shrinkage and shrinkage tension in
an oriented fibrous systems and that tension during high temperature
annealing disrupts the crystalline perfection within the sample. Other
work on the mechanical behavior of doubly oriented nylon 66 claims that
the (001) is really a higher order of discrete, meridional, small-angle
reflections. Low frequency infrared results (11, 12) provide valuable
insights into our understanding of the structural details of molecular
groups in nylon 66 and other polyamides in their original and complexed
states with iodine—potassium iodine. Calorimetric measurements (I13)
made on fibers in diverse moisture environments helped us to comprehend
the interaction of water with polyamides which it plasticizes. X-ray
scattering measurement from bulk samples and fibers have been made
by several investigators (2, 3, 4, 5, 14). A useful compendium of knowl-
edge which deals with many chemical and physical properties is given in
a recent book (3) devoted exclusively to the properties of polyamides.

Although much of the work referred to in this paper was done several
years ago, it was not reported previously. The content and implications
are sufficiently novel to merit mention even at this time. The fracture
surface morphology of doubly oriented nylon 66 was studied in its un-
treated and I,~KI complexed state. All the work reported here was done
on doubly oriented samples made from an unoriented nylon 66 rod
according to the techniques outlined below.
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DRAW DIRECTION

NYLON 66 ROD
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NECKED REGION

PRESSURE

THERMOSTATTED
NYLON 66 METAL ROLLERS

ROD

PRESSURE

Figure 1. Schematic of the cé%formation procedure for nylon

Experimental

An unoriented nylon 66, % and 3 inch diameter rod provided b
Imperial Chemical Industries Ltd., UK. was drawn to form a nec
which was then located between carefully positioned metal rods and was
doubly oriented by drawing the necked rod through heated metallic bars
which were adjusted to keep the sample compressed during the deforma-
tion operation. A schematic of the procedure is given in Figure 1. The
temperature of the bars was maintained at ca. 200°C, and the rod under-
went several passes until it showed no significant changes in thickness
or length. Through this procedure, attributed to B. C. Stace, the rod
was converted into a flat strip at least 1 cm wide and no greater than
0.1 cm thick. The length increased three- to sixfold approximately, de-
pending on the treatment. The doubly oriented specimen was transparent
through its thin direction (perpendicular to the deformation plane).
Orientation within the main body of the strip was uniform except perhaps
close to the edges. About 1-2 mm of the sample was discarded at this
location in the work described below.

Thin slices were microtomed from the flat (5-50 u) strip (Figure 2)
in the three mutually perpendicular directions. Fractured surface replicas
were also made of the three different directions for samples precooled to
liquid nitrogen temeprature. The specimens fractured most readily be-
tween the (010) planes (Figure 2), exhibiting layered cleavage somewhat
akin to mica flakes. Traverse to this plane, fracture was less well defined
and less facile. However no difficulty was experienced in microtoming
the material in all three directions.

The thin sections were examined with the polarizing microscope,
infrared spectroscopy, laser light scattering, differential scanning calo-
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rimetry, scanning and electron microscopy, and wide and small angle
x-ray scattering. Fractured surfaces were studied by optical and scanning
electron microscopy and by replication-transmission electron microscopy.
Complexes of nyﬁm 66 strips and sections in the doubly oriented state
were formed with iodine in potassium iodide solution according to pro-
cedures outlined previously (11, 12).

Results and Discussions

Morphology of Double-Oriented Samples. More than a decade ago
one of the authors noted that nylon 6 and nylon 66 rods exhibited
enhanced transparency in the [010] direction when they were drawn and
doubly oriented in a single operation. The clear nature of the deformed
sample arises because the large polycrystalline spherulitic entities and
their interspherulitic regions are destroyed during the processing of the
rod and are converted into well-ordered, much smaller crystalline domains
oriented along the draw direction of the nylon strip (see Figure 5).
Consequently the intensity of the scattered light is considerably reduced,
and the orientation overrides the influence of crystallinity. In doubly
oriented polyethylene terephthalate of relatively high crystallinity, en-
hanced transparency has also been reported. Microtomed sections of this
material cut from the nylon strip in the three mutually perpendicular
directions had three distinct morphologies. Figure 3A-C illustrates the
patterns obtained in directions perpendicular, parallel, and transverse to
the rolling direction. In a highly oriented specimen these correspond to
the three crystallographic planes (001), (010), and (100) of the sample.

[o10]

/3
NN,

[oo1)
Fi§ure 2. Schematic of a section of deformed
nylon rod which may be regarded as a pseudo-

crystal. The hydrogen bonded (010) planes and
their corresponding directions are indicated.
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Figure 3. Optical micrograph oi sections through a
doubly oriented nylon 66 rod taken: (A) perpendic-
ular to the roll direction, (001) of Figure 2; (B) par-
allel to the roll direction, (010) of Figure 2; and (C)
transverse to the rolling plane, (100) of Figure 2.

The most regular deformation habit occurs in the (010) plane, and this
is further substantiated by both scanning and electron microscopy.

The nature of the samples is consistent with a well-defined biaxial
figure observed in conoscopic light between crossed polars. Light scatter-
ing measurements in H, and V, scattering modes are in accord with
highly oriented texture depleted of spherulites in accordance with optical
observation. Figure 4 (A and B) illustrates the H, and V scattering
patterns obtained from microtomed section viewed perpendicular to the
(100) plane of Figure 2. (The notation H, denotes that the radiation
incident on the sample is polarized in the vertical plane; the analyzer is
situated horizontal to this direction.) Note that the V; pattern is at
least an order of magnitude more intense than the H, scattering of the
same geometry. The H, and V, scattering perpendicular to the (010)
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Figure 4. Laser scattering pattern of microtomed section parallel to the
[100] direction: (A) is H,, exposure 1/10 sec and (B) is V,,, exposure 1/250
sec. The subscript denotes the polarization of the incident radiation. Sam-
ple to film distance, 11.5 cm in (A) and (B); layer beam 0.25 mm diameter.

direction show similar intensity relationships except that there is a con-
tribution from the —(CONH)- dipoles lying within the plane of the
sample which cause some broadening of the pattern across the molecular
chain direction.

Differential scanning calorimetry of the unoriented and doubly
oriented nylon 66 reveals subtle differences. The doubly oriented
samples display two peaks and melt at a higher temperature than the
unoriented material. This pattern of behavior is consistent with that
previously noted for the melting behavior of oriented nylon 66 fibers. Also
note that the morphology of Figure 5 is consistent with a “shiskebob”
type texture which may be responsible for the double melting peak. This
point will be reported when a definite study substantiates or refutes this
suggestion.

X-ray diffraction studies of these samples showed them to be well
oriented along as well as perpendicular to the draw direction. The unit
cell corresponded to the o form described by Bunn and Garner (4) in
their original paper although we did obtain a few more reflections than
they reported. In the virgin rod the small-angle period was about 90 A.
In the doubly oriented sample it was found to be 100 = 10 A by small
angle x-ray scattering. This value agrees with the dimensions deduced
from a platinum shadowed replica of a (010) fracture surface by trans-
mission electron microscopy. Figure 5 illustrates rows of crystallites of
this dimension within this surface having their long dimensions oriented
transversely to the draw direction (arrowed). The short direction corre-
sponds to the molecular chain directions. Lower magnification micro-
graphs show V-shaped deformation bands (Figure 6) disposed as illus-
trated in the optical micrographs (see Figure 3B for the same plane).
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This well-developed pattern is not superficial but procreates through
the entire sample; the point of the V is aligned along the draw direction.
Optical observations by Zaukelies (15, 16) seem to be consistent with
the cavity formation at the tip of the V-shaped deformation bands in
Figure 6. Although Zaukelies did not examine the fracture surface in his
nylon 66 and nylon 610 samples by electron microscopy, optical observa-
tions provided a spotty image with features consistent with the formation
of surface cavities having dimensions capable of scattering light. He
made similar observations on doubly oriented polyethylene terephthalate
and a polyolefin polymer (15, 16). One of us (J. H. M.) noted behavior
similar to that shown in this paper for nylon 6 which will be reported
at a later date.

It seems plausible to assume that the fracture deformation behavior
presented here may be characteristic of all polymers that are readily
doubly orientable and that have an easy slip plane. Also note that the
V-shaped fracture tip is absent in the other orientation geometries (Figure
3A and 3C). The morphological details of the deformation seem to be
affected somewhat by environmental conditions, but it is too early to make
precise comments on this point.

Figure 5. Replica of platinum shadowed,

fractured, (010) hydrogen-bonded surface

showing chain folded crystallites aligned

with their molecular axis along the draw
direction arrowed
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Figure 6. Electron micrograph il-
lustrating V-shaped deformation
bands within the hydrogen-bonded
(010) planes of fractured nylon 66.
Micron marker insert, an edge view
of fracture surface running from
(010) plane through the thin direc-
tion of the strip (Figure 2).

Scanning electron micrographs of specimens fractured at liquid
nitrogen temperatures and metal shadowed with Pd/Au alloy also exhib-
ited unique deformation patterns which revealed a layered fracture
morphology reminiscent of the sheet-like morphology of mica in appear-
ance. Figure 7 shows the terraced texture of a specimen fractured at
45° through the (010) plane in the [100] direction. The angle of the
V-shaped fracture in the scanning electron micrograph corresponds to
58° =+ 2° and agrees with that seen in the optical micrographs (Figure
3B). By way of comparison for the unoriented rod, the scanning electron

Figure 7. Scanning electron micrograph of (010)
sample shadowed with Pd/Au alloy
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micrograph (Figure 8) displays a spherulitic texture with no preferred
orientation exhibited within the rod. The undeformed rod fractured
equally well along or transverse to its long axis, whereas in the doubly
oriented material fracture occurred most readily between the tenaciously
held, hydrogen bonded, sheet-like layers separated by the weaker van der
Waals forces. This fracture mode is hardly unexpected when one recalls
that the -CONH- interchain dipole-dipole interactions contribute 4.8
kcal/mole to the lattice energy of the polyamide crystal (17). About
93% of this interaction energy arises in the “a” axis dipole arrays in nylon
66 and is a controlling structure determining factor which manifests itself
in the mode of fracture. Both the x-ray structure and infrared spectro-
scopic measurements support a texture comprised of hydrogen-bonded
sheets. The symmetry of the monomer repeat within the nylon 66 unit
cell facilitates H-bond formation in a folded or chain extended confor-

Figure 8. Scanning electron

micrograph of the unoriented

nylon 66 rod fractured at 45° to
the longitudinal axis

mation without disruption of the structure. Chain folds where they exist
must be regarded as defects which, like chain ends, contribute to the
observed amorphous x-ray scattering patterns. Undoubtedly voids and
dislocations are numerous in nylon 66, and their overall contributions
during drawing are significant. Tie molecules connecting crystalline
domains also contribute substantially to the ultimate properties. In
polymer fibers these are generated during the orientation procedure.
Peterlin (18, 19) noted that a crystalline fiber may have a high crystalline
orientation factor (approaching unity) close to its melting point where its
mechanical strength is severely impaired; this signifies that the state of the
system clearly cannot be defined uniquely in terms of one or two parame-
ters if the environmental conditions are altered. Remember this illustra-
tion when attempting to establish simplistic property—texture models
which may have questionable validity. At elevated temperatures the
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increased mobility in oriented fibers assessed by NMR is likely to be
associated with the intercrystallite regions (folded and comprised of tie
connections) formed as a consequence of the drawing and deformation
that occur within the nylon 66 rod. Since the mobile fraction of the
polymeric fibers increases as the sample temperature is raised (9), there
is every reason to believe that the conditions used in our double-orienta-
tion experiments are consistent with nylon 66 of high crystallinity. In
our preliminary x-ray measurements on well-oriented bulk samples, we do
not have results to support coherence between the small and wide angle
scattering on the meridian—a condition which is claimed to exist in mats
of nylon 66 single crystals (10). Still, the topographical features of our
samples are consistent with deformation occurring predominantly be-
tween kink and slip planes in crystalline material at a well-defined angle
6 given by the Orowan (20) relation:

cot 0 = 2 md/nc 1)

where m is the number of lamellae involved in the deformation process,
d is the interplanar spacing, c is the crystal lattice spacing along the slip
plane, and n denotes the number of ¢ spacings per slip plane. Zaukelais
(2I) noted that the shear forces for nylon 66 were predominately in the
(010) plane and in the [1,3,14] direction—a finding not inconsistent with
our observations.

Cursory birefringent measurements made with a Berek compensator
indicate some degree of distortion or non-uniformtiy throughout the de-
formed nylon 66 strips. This is most predominant at the edges of the
doubly oriented sample which were not involved in this study. Currently,
there appears to be little doubt that the mode of fracture is consistent
with deformation and concomitant textural changes in the unoriented
nylon 66 rod during its transformation into a flat doubly oriented strip.
Voids and stress raisers cause the crack initiation and its step-like propa-
gation as the fracture moves through the sample predominately along
crystallographic directions.

Doubly Oriented Complexed Samples. The dimensional changes
which oriented samples undergo when complexed with I, in KI solutions
are a function of film thickness, solution concentration, and time. From
previous work (11, 12) appropriate conditions were established for com-
plexing nylon 66. Infrared work on thin sections is invaluable in estab-
lishing that a new structure is formed with the triiodide ion (I3") strongly
interacting with the oxygen and nitrogen atoms of the amide group form-
ing a bridge between an amide nitrogen and a protonated carbonyl group
in adjacent sheets. To accommodate this large anion aligned along the
molecular chain directions a contraction of the zig-zag chain occurs
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Figure 9. Niobium-filtered mo-
lybdenum radiation x-ray patterns
of I,-KI complexed nylon 66: (A)
fiber axis vertical, x-ray beam per-
pendicular to (100) planes; (B)
fiber axis vertical, x-ray beam per-
pendicular to (010) planes, and
(C) x-ray beam parallel to the
fiber axis

around the -CONH- group in the chain direction. The effect of molecular
iodine on polyamides has already been noted by one of us (see Ref. 11),
and it has been clearly demonstrated that the I3~ form is most effective in
complex formation.

The infrared spectra (11, 12) can be used advantageously to provide
a facile procedure to characterize polyamides in the untreated and treated
states. Structure—frequency correlations have been established which
indicate that the « form and 7y form can be clearly distinguished using
two amide bands characteristic of the structure of the polyamide. These
are:

a Form v Form
amide V ca. 690 cm™! ca. 710 cm™!
amide VI ca. 580 cm™! ca. 620 cm™!

The amide VI band is associated with C=O out-of-plane bending, and
the amide V band corresponds to the N-H out-of-plane bending. Both
modes are associated with the changes in crystal modification as we (11)
and others (21) noted by x-ray diffraction in polyamides. For nylon 66
the spectra of the untreated and iodine—potassium iodide desorbed sam-
ples are identical although that of the complexed polyamide (12) differs
significantly. Evidence from polarized low frequency, particularly of the
140 and 100 cm™ bands of the ion is also definitive on this point and has
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been successively used to characterize many polyamide structures (11,
12).

X-ray evidence (Figure 9) with niobium-filtered molybdenum radia-
tion has established that well-defined novel patterns are obtained in the
three mutually new perpendicular directions of the complexed sample.
Previous workers (22, 23) hinted at a new structure and mentioned that
copper radiation was strongly absorbed by the abundance of iodine in
the sample. Using 25 unique reflections from the complex, we propose a
tentative orthorhombic unit cell for the complex where a =9.33, b =
15.95, and ¢ = 16.30 A with a calculated density of 2.52 g/cc based on six
molecules per cell. There appears to be one K'I;~ associated with each
nylon 66 monomer unit within the complex. Although this x-ray density is
higher than that determined by the flotation method (2.4 g/cc in this
work), it can be readily rationalized with the current experimental evi-
dence. Figure 9C suggests a degree of chain twisting consistent with this
new conformation in the complexed polymer. Note that the nylon 66
reverts to its original « structure when the iodine is desorbed with warm
thiosulfate solution, indicating that this « structural form was preferred
over the chain contracted yy conformation commonly associated with many
other polyamides (11). Indeed the route to the y phase in nylon 6 is
conveniently reached through complex formation followed by iodine
desorption.

The small angle x-ray scattering results obtained from the nylon 66
complex show a substantial increase in the small angle spacing from 110 A
in the doubly oriented strip to 160 == 20 A in the complexed state de-
picted in Figure 10 along with the rich pattern of collagen that is used as
a reference sample. The marked increase in the small-angle spacing is in

Figure 10. Smadll angle x-ray pat-
tern of: (a) untreated nylon 66 per-
pendicular to (010) face; (b) I1,-KI
treated nylon 66 perpendicular to
(010) face, and (c) collagen
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Figure 11. Scanning electron micrograph of a

freshly fractured sample of complexed nylon 66

showing the distorted layers corresponding to Fig-

ure 7. Sample was unshadowed and fractured at
liquid nitrogen temperature.

accord with the geometrical changes of the sample itself attributed to the
ingress of K'I3” into the amorphous and crystalline regions of the sample.
The increase in the dimension transverse to the rolling direction is about
double that of the original sample with some perceptible void space
sometimes occurring in the middle of the swollen section.

Unfortunately the surface of the complexed sample cannot be repli-
cated and examined by electron microscopy because the solvents nor-
mally used perturb the complex by introducing artifacts. However
scanning electron micrographs of these fracture surfaces indicate that
the morphology of the original polymer is modified considerably by the
I,—KI treatment—a fact consistent with the wide angle x-ray and other
evidence. It has been pointed out elsewhere (11) that thin films and
fibers of complexed polyamides are very pliable and often putty-like
when first removed from the complexing solution; this fact is consistent
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with the substantial property changes associated with this new state of
the material. The stretchability (1I) of the sample is also greatly
improved because of the increased plasticization afforded by the moisture
complex formation. In thicker samples of the type encountered in this
work this plasticity is less apparent, although the structural evidence
(infrared and x-ray) should be independent of sample thickness if suffi-
cient time is allowed for all the hydrogen bonds to interact with K'I5"
We recently noted that the ingress of I,—KI into a thick rod is diffusion
limited.

Figure 11 shows a scanning electron micrograph of a (010) surface
of the complexed nylon that has been fractured at liquid nitrogen tem-
perature. There is some semblance of the layered texture depicted in
the original Figure 7. Parenthetically, it is worth pointing out that the
stability of the sample surface to the electron beam is greatly enhanced
by the I,-KI complexing agent so that metal shadowing (with Pd/Au)
was unnecessary to prevent surface charging in these materials, thereby
permitting more surface detail. However most of the samples reported
here were coated to enable a direct comparison with the untreated nylon
66. Many variations in surface texture ranging from a seemingly glassy
to an almost faceted appearance have been noted for nylon 66. For
example Figure 12 A and B illustrates some of these surfaces, and Figure
13 A and B shows the composition of the back-scattered x-rays from
these samples respectively. In both specimens iodine (La), iodine (Lg),
potassium (Ke), and gold (La) are noted. In the case of the “glassy” tex-
ture the potassium (Ka) peak from Figure 12 A was only about one-third
the intensity of the value noted in Figure 12 B; this indicated a composi-
tional change between these two areas of the same sample. However, a

Figure 12. Scanning electron micrograph of: (A) another area of the Figure 11
sample displaying a glassy texture, and (B) another structural ramification of the
same sample
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Figure 13. Back scattered x-rays obtained from
Figures 12A and 12B

more recent observation on freshly prepared complexed samples does
not show significant variations in peak intensities.

It has been noted elsewhere (7, 18, 19) that microfibrils are generated
when polymer monofilaments are highly drawn uniaxially. Microfibrils
also form here and emerge from the lathe-like sheets comprising the
(010) texture in nylon 66 when these materials are drawn to failure.
However a lathe-like morphology is very predominant. Although the
textures described above have not been completely elucidated in this
work, they do reveal a fruitful field for further study—namely, that of
complex formation and morphology of highly textured polymers, even
though polyamides and nylon 66 have received much attention over sev-
eral decades. The “shiskebob” texture of Figure 5 requires that it be



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch003

32

Figure 14. Scanning elec-
tron micrograph of a frac-
ture exhibiting crystalline
entities between the (010)
layers of a fractured sam-
ple after storage at room
temperature for eight years
at (A) low magnification
(X100), and (B) higher
magnification. No metal
shadowing was wused in
these micrographs.
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probed more deeply using suitable etchants. Furthermore the treatment
of the nylon 66 surface with a complexing agent such as I,—KI, which
functions as a potential etcher, can be used to modify and to improve
the morphology and hence the adhesion between these polymers and
other surfaces as reported recently for nylon 6 (25). Certainly this general
area of investigation merits a more detailed study from many points of
view. We hope that this preliminary report will stimulate interest.

Conclusions

(a). Opaque nylon 66 rod can be readily transformed into relatively
thick transparent doubly oriented strip.

(b). The doubly oriented material displays a different fracture mor-
phology in the three major sample directions in the doubly oriented strip.

(c). The V-shaped deformation pattern with a cavity at its tip seems
to be characteristic of many polymers which have an easy slip plane in
accord with the predictions o? Zaukelais. Observations made by optical,
scanning, and electron microscopy are self-consistent.

(d). Complex formation of nylon 66 with I,—KI in solution gives
rise to a new crystal structure where one K'I3” is coordinated with each
monomer repeat unit of nylon 66. A marked density increase is noted.
Complex formation occurs in both the crystalline and amorphous regions
of the sample with the halogen ion, I5", aligning itself with the molecular
chain direction.

(e). The untreated and complexed doubly oriented samples have
been characterized by several complementary experimental techniques
which indicate that the morphology is well developed in each instance
although the ingress of the large linear I3~ ion causes disorientation
transversely to the hydrogen-bonded direction in the complexed state.

(f). Difficulties are experienced in making a direct comparison of
the fractured and complexed fractured surface by high resolution, elec-
tron microscopic techniques because of the interaction of replicating
solvents with the complex.

(g). The I,—KI solution when mildly applied can be a useful etcher
for nylon 66 and other polyamides surfaces since it changes the mor-
phology of the surface and hence its ability to adhere to other surfaces.
Details of the surface structure in this regard need further elucidation.
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A Flaw Spectrum Theory for Multiple Flaw
Failure in Solid Polymers

I. Effects of Orientation

S. S. STERNSTEIN and J. ROSENTHAL

Materials Engineering Department and Chemical Engineering Department,
Rensselaer Polytechnic Institute, Troy, N. Y. 12181

Failure processes in solid polymers often involve multiple
local fracture, yield, or craze events. To account for such
phenomena a flaw spectrum theory is proposed which con-
siders the distribution of stress concentration factors arising
from adventitious distributions of flaw sizes, shapes, and
orientations. The theory is used to predict the decrease in
transverse tensile strength and increase in axial tensile
strength arising from the uniaxial orientation of a glassy
polymer. Applications of the theory to multiaxial loading
situations and to failure properties of highly oriented fibers
and rubber-modified glassy polymers are also considered.

Fracture processes in polymeric solids are difficult to analyze because of
the complicated rheological behavior of these materials. For example,
the creep and relaxation behavior of polymers is generally a nonlinear
viscoelastic process which is stress or strain state dependent (I, 2, 3).
Also the criteria for shear yielding and crazing processes are dependent
on both the isotropic and deviatoric components of the stress tensor (4,
5,6,7,8,9). A mechanical strain history results in a thermomechanical
shift of the relaxation time spectrum for metastable glassy polymers which
is analogous to time—temperature superposition. This results in far more
rapid aging of the glass than that which occurs spontaneously without
external stress or strain (10).

The incorporation of nonlinear, history dependent, and stress or
strain state dependent deformation processes into a rigorous stress analy-
sis for crack or flaw tip behavior is a formidable task which may never
be accomplished in complete detail. However, since flaw instability and

35
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crack growth are never uniaxial, low stress or strain processes locally,
the relative significance of various nonideal rheological processes should
be assessed as they relate to the fracture process.

Solid polymers may contain various stress concentration sources
(hereafter referred to as flaws) which are either continuum defects
(such as cracks, holes, inclusions, and the like) or quasimolecular flaws
(such as regions of orientation, packing defect, crystallinity, or excess
free energy) in an otherwise homogeneous and ostensibly structureless
glassy polymer.

Many failure-related processes require consideration of the entire
flaw population rather than a single critical flaw. For example, the failure
of a sample by the propagation of a single crack, i.e., the classic Griffith
problem, is a single flaw problem whereas the formation of numerous
shear bands and subsequent ductile drawing of a sample or the formation
of enormous numbers of crazes in a dart drop impact test are examples
of multiflaw phenomena. The toughness of rubber-modified glassy
polymers such as high impact polystyrene is another example where it is
convenient to view the material response as being caused by a large
number of flaws (the rubber phase) which produce copious amounts of
small and beneficial crazes.

The population of flaws can be characterized by a flaw spectrum
which is defined by (a) the distribution of flaws in terms of their char-
acteristic dimensions (for example, their lengths and radii of curvature);
(b) the distribution in terms of mean spacing or distance between flaws;
and (c) the distribution in terms of anisotropy or directional preference
with respect to some sample reference axis (e.g., an axis of orientation
or draw direction). The interactive and collective probabilities which
describe distributions (a), (b), and (c) comprise the flaw spectrum and
through suitable analysis serve to determine, in principle, the distribu-
tion of stress concentration factors (SCF) in a given material.

In this paper, we present a preliminary treatment of the concept of
flaw spectra as related to certain aspects of material behavior. The
treatment is limited to non-interacting flaws which is tantamount to
considering each flaw as being acted upon by the external stress or strain
state without perturbation by nearest neighbor flaws. This is a first
approximation which nevertheless gives rise to several interesting pre-
dictions in reasonable agreement with observed behavior.

A flaw may be considered active if its stress concentration factor
gives rise to local conditions suitable for craze, shear band, or failure
initiation. Similarly the activity of the flaw spectrum may be considered
as the collective fraction of all flaws that are active for a given set of
conditions. The activity (or active fraction of flaws) depends on the
external state of stress or strain and on sample orientation or anisotropy
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as induced by drawing. Furthermore, the predicted decrease in tensile
strength in the direction transverse to the orientation axis agrees well
with experimental findings on drawn polystyrene. This is an intriguing
result since the calculation is based solely on the idea that changes in
the distribution of SCF arise from the changes in ellipticity and orienta-
tions of flaws accompanying the drawing process.

While the presence of molecular orientation and its effect on intrinsic
fracture toughness (i.e., crack propagation resistance) cannot be denied,
our analysis strongly suggest that flaw reorientation and ellipticity
changes are equally important. In other words, changes in tensile strength
associated with changes in sample anisotropy may be partially caused by
changes in the flaw spectra. From this viewpoint, a material’s failure
properties are determined by the flaw spectrum, and changes in the
spectrum must be considered before invoking molecular arguments or
changes in failure mechanism.

The flaw spectrum approach may be capable also of correlating
failure data obtained under conditions which appear to give different
material behavior. For example, tensile, Izod, and dart drop impact
tests all give different impact energies or toughness measures. In part,
this may be explained by the simple idea that a different fraction of
flaws is active in each test. Equal biaxial loading (as in dart drop) and
uniaxial tension (as in tensile impact) give rise to different flaw activi-
ties; thus it is to be expected that the number of crazes produced in each
test will be different.

Flaw activity and the resultant stress concentration factors can also
be expected to depend on the material’s rheology. The sample loading
history and path play a major role in determining the behavior of a given
flaw as described elsewhere (6, 11, 12, 13), and these ideas are currently
being extended to account for recent developments in constitutive equa-
tion theory for solid polymers and the idea of a flaw spectrum. In this
paper, time and path dependence are not considered further, and the
calculations are based on elastic stress concentration factors associated
with elliptic law geometries.

Stress Concentration from an Elliptic Flaw

In this section the maximum stress concentration developed by an
elliptic hole at arbitrary orientation in an infinite elastic sheet subjected
to general biaxial stress loading is considered. In Figure 1, consider an
elliptic hole of major axis a, minor axis b, and orientation angle g with
respect to an axis of applied uniaxial tension S,. If the sheet is isotropic,
elastic, and infinite, then the major principal stress (o) at the surface of
the ellipse (14, 15, 16) is given by:
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o sinh 2§, 4 cos 28 — e*ecos 2(B — ) 1)
S cosh 2¢, — cos 2y

where & = tanh™(b/a), and the variable 5 determines the particular
point on the elliptic surface (Figure 1) at which the stress is computed,
e.g., n = 0 corresponds to the major axis, and n = =/2 corresponds to the
minor axis. The unit tangent on the ellipse surface at the point defined
by 7 is the principal axis direction for the principal stress o. A second
principal axis is the normal to the ellipse surface, and the corresponding
principal stress is zero since a free surface is considered.

Consider now that S, is zero, and the external stress is given by S,
as shown in Figure 1. The value of ¢ generated at the point defined by
n can be obtained from Equation 1 provided that S; is replaced by S,
and B is replaced by »/2 + B. The value of » is unchanged since this
variable is measured with respect to the major axis. The value of o gen-
erated by the simultaneous application of S; and S, is obtained simply by
adding the two independent contributions from S; and S,. This is per-
missible since the principal axes generated by each external load are

(I N

&« —>
S, S
<« —>
< —_>

Lol

Figure 1. An elliptic flaw in an infinite, isotropic, and

elastic medium subjected to uniform biaxial stresses S; and

S,. The major axis of the ellipse is a, minor axis b, ellipticity

R = b/a, and orientation angle with respect to S, is S.

o is the major principal stress acting at the surface at a
point designated by elliptic angle 5.
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coincident at all points on the elliptic surface. The procedure for super-
position at points off the surface is more complicated because the princi-
pal axis directions generated by each load individually and by the simul-
taneous loads will all be different. Only stresses at the surface are
considered here.

Superposition of the combined effects of S; and S, gives rise to a
principal stress, o, at the elliptic surface which is given by:

o K,;sinh2¢ 4 Kj[cos 28 — e cos 2(B — 7)] @)
V28] T cosh 2¢, — cos 2y
where: IS| = V' 8:% + 8,?
_ S +S 8 —=8

and:

VI T V2l

from which it follows that K;2 4 K2 = 1. K; and K; are measures of the
isotropic (volumetric) and deviatoric (distortional or shear) components
of the applied stress state, respectively.

A more convenient means of representing general biaxial stress states
is obtained by introducing a variable ¥ defined as:

Sy =8| cos ¥ and S; = |8| sin ¥ (3)

from which it follows that:
tan ¥ = S»/S; (4)
\/§K1=cosir—|—sinwlr V2K, —=cos¥ —sin¥ (5)

The stress state variable ¥ is depicted in Figure 2 and has the following
important special values: ¥ — 45° represents equal biaxial tension; 0°
and 90° uniaxial tension; —90° and 180° uniaxial compression; —45°
and 135° pure shear; and —135° equal biaxial compression. All biaxial
stress states can be represented by a range of ¥ values from 45° to —135°.

It is emphasized that ¥ defines the state of stress and should not be
confused with the orientation angle 8. For example, ¥ = 45° and 8 =
45° represents equal biaxial tension acting on a sheet whose ellipse is
at 45° to one of the chosen external principal stress axes. This is not
equivalent to ¥ = 0 and 8 = 0, which represents uniaxial tension parallel
to the elliptic major axis (which is equivalent to ¥ = 90° and g = 90°).
Because of symmetry considerations, all possible combinations of elliptic
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S
ry
45° EQUAL
BIAXIAL
TENSION
\
o)
hd -+, o°
UNIAXIAL
TENSION
-j2&® -45° PURE
135 SHEAR
EQUAL .
BIAXIAL -90
COMPRE SSION UNIAXIAL
COMPRESSION

Figure 2. Designation of general biaxial stress
states in terms of a stress state angle variable ¥

and magnitude |S| = /S + S, ¥ is de-
fined by tan’y(S,/S,).

orientations and stress states are included in the ranges of 0 < g < 90°,
—135° < ¥ < 45°.

The principal stress o (per unit |S|) acting at the ellipse surface and
given by Equation 2 is a function of several variables, that is:

g

'\/§|SI .f(Ry B, ¥, 77) (6)
where the ellipticity ratio R has been introduced in place of & and is
defined by R = b/a = tanh §,. For fixed ellipticity R, orientation 8, and
stress state ¥, the value of o will depend on the elliptic angle » (see
Figure 1). (R is actually an inverse measure of ellipticity, that is, R = 1
represents a circle and R — 0 a line crack.) Of particular interest are
the maximum and minimum values of ¢ for the given R, 8, ¥. To obtain
these values conveniently, Equation 2 is differentiated to obtain do/dy
which is set equal to zero to obtain the stationary values. After some
algebra and trigonometry, the following equation is obtained:

2(n + ¢) =sin™ (C3/Cy) @)

where 2¢ = tan™ (C,/C,), C; = (K; — pK; cos 28) (p2 — 1), C; =
[Lzlgz([.l.z + 1) sin 2,3, Cg =2 /Lng sin 2,3, C4 =V 012 + ng, and B =
e,

There are two distinct roots for n in Equation 7 which represent two
positions on the ellipse at which the maximum and minimum values of
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o occur. The second principal stress at each of these positions is zero.
Consequently the maximum and minimum shear stresses are given by
|o|/2. Depending on the particular values of R, 8, and ¥, the two ¢ values
can both be positive or negative, or of opposite sign. The maximum
algebraic ¢ value (i.e., o1 > o2) is of interest when local processes gov-
erned by a critical tensile stress are being considered as, for example, in
crack initiation. On the other hand, the maximum absolute ¢ value (e.g.,
|o2| > |o|) is of interest when shear-controlled processes are involved
as, for example, in shear band formation. The maximum absolute root
may or may not correspond to the maximum algebraic root for o. In the
remainder of this paper all values of local stress concentration have been
obtained by eliminating 5 between Equations 2 and 7 and therefore
involve only the maximum or minimum values of ¢ on the elliptic surface.

A particular well known solution to Equations 2 and 7 is uniaxial
tension (¥ = 0) applied to a sample containing an ellipse at right angle
to the tensile axis (8 = »/2). In this case, the roots of Equation 7 are
given by n = 0 and y = /2. From Equation 2 one obtains a maximum
tensile stress for n = 0, corresponding to the major axis of the ellipse
(Figure 1), which is given by:

T 2
m=1+§ (8)

and since ¥ = 0, |S| = S,.

The more general case where either 8 5« #/2 or ¥ 5% 0, or both, does
not give y — 0 and #/2 as the maximum and minimum points for o.
Thus, the maximum stress is not given by Equation 8 and does not occur
at the major ellipse axis.

It is convenient to define a stress concentration factor based on
Equation 6 (after eliminating » by use of Equation 7) as follows:

Q = l%‘ = '\/E.f (R: :B) \I’) "I*) (9)

where Q is the maximum algebraic or maximum absolute stress concen-
tration depending on which root (* — »; or ) from Equation 7 is used.
These values of Q can range over many decades depending on the ellip-
ticity R, and it is therefore useful to scale them by the uniaxial tension
values of Equation 8.

This is shown in Figure 3 where scaled maximum algebraic stress
concentration factors are shown for uniaxial tension (¥ = 0) and various
elliptic orientations 8. For R — 1 there is no effect from B since this
represents a circle (isotropic when rotated). The case R = 0 represents
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a line crack (since b/a — R — 0) which is very sensitive to orientation
changes. All ellipses display behavior between the upper and lower
bounds represented by R — 1 and R = 0, respectively.

For the case R = 0, we have obtained a simple analytical solution
to Equation 9 (i.e., to Equations 2 and 7) which is given by:

ﬁ%ﬁi — _\2_2 (K1 — Ks cos 28) (10)
where K; and K, are defined by Equation 5 in terms of stress state
variable ¥. The curve shown in Figure 3 represents the case ¥ — 0 for
which V2K, =V 2K, — 1. Equation 10 is exact for R = 0 but is a
good approximation for all ellipticities R < 0.1 and is valid in general
biaxial stress states.

or---X__J_____I__t___rt__I____
R=|(circle)

0.8

R=0.667
0.6

o
>

UNIAXIAL TENSION

Q/(1+2/R)

8
|

Fii;ne 3. Maximum algebraic stress concentrations (Q) de-

veloped by elliptic flaws, of various ellipticities R and for vari-

ous orientations B with respect to the applied uniaxial tension,

relative to the perpendicular orientation value (Q =1 + 2/R).
R = 0 represents a line crack.
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Q/(142/R)

s120°  -90° -0  -30 o 30

Figure 4. Maximum algebraic stress concentrations devel-
oped in general biaxial stress states defined by ¥ of Figure 2

The effect of stress state on the maximum algebraic stress concen-
tration for various orientations of the ellipse (8) is shown in Figure 4 for
an ellipticity R = 0.1. The uniaxial tension condition (¥ = 0) generates
the highest stress concentration. Equal biaxial tension (¥ = 45°) gen-
erates the same stress concentration for any ellipse orientation 8. This is
because the stress state is planar isotropic, and any pair of orthogonal
axes can be chosen as the external principal axes. Consequently the ori-
entation g is without effect.

Maximum absolute stress concentration factors are shown in Figure
5, again for an ellipticity R — 0.1. As before, all orientations g8 give the
same stress concentration for equal biaxial tension (¥ = 45°). In addi-
tion equal biaxial compression (¥ = —135°) gives the same stress con-
centration since absolute stress concentration is being considered. The
shear stress concentration is given by |Q|/2. The curves shown in Figure
5 are symmetrical about the pure shear condition (¥ — —45°).
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1Q1/(1+2/R)

Figure 5. Maximum absolute stress concentrations developed
in general biaxial stress states

Figure 3 shows that the fraction of flaws of given ellipticity R which
develop a given or higher level of stress concentration depends on the
ellipticity. Thus circular flaws (R = 1) are all equally effective in their
stress concentrating ability, whereas the fraction of line flaws (R=0)
achieving a given level of stress concentration depends markedly on their
orientation 8. Similarly, Figure 4 shows that stress state has a major
effect on the stress concentrating ability of a flaw at a particular orienta-
tion. For example, the stress concentration from flaws at orientation g8 =
45° with respect to the external principal axis (S;) are least affected by a
change in stress state from equal biaxial tension (¥ = 45°) to uniaxial
tension (¥ = 0). Conversely, the flaws at § = 90° and B = 0° are
strongly affected. Thus, while these flaws all develop the same stress
concentration in equal biaxial tension, they differ markedly as the stress
state is changed.

The preceding ideas suggest that any material property related to
the stress concentrating ability of a distribution of flaws will depend
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strongly on the ellipticity and orientation distributions of those flaws
and the applied stress state. If the flaw spectrum is described by a dis-
tribution function P(R,B), then the number of flaws having ellipticities
between R and R + dR and orientations between 8 and 8 + dg is given
by:

SN = P(R, B)dRdp (11)

If N* is the cumulative fraction of active flaws having stress concentra-
tion factors equal to or greater than a given value Q¥, for a given stress
state ¥, then:

N*(¥,Q%) =‘/;3" ! P(R,p) H(R,B,¥,Q*)dRdg (12)

—0JR=—0

where H is a unit step function defined by:

H(R::B7‘I" Q*) =0if \/Ef(%f’ \I')ﬂ*) < 1

andH(R; :B; ‘I" Q*) =1if \/Ef(Réf’ ‘I’,")*) >1

where the function f is defined by Equation 9. Thus, H serves to truncate
the flaw distribution by rendering the integrand of Equation 12 zero for
all flaws having less than the required stress concentrating ability.

The evaluation of Equation 12 for various flaw distributions is cur-
rently in progress and will be reported on shortly (17). However, it is
clear from Figures 3, 4, and 5 that the number of active flaws for a given
P(R,B) will be a strong function of stress state ¥ and orientation and
ellipticity distributions. The dependence of N* on ¥ and Q* may be a
key factor in evaluating different types of impact tests and sample prepa-
ration techniques. In the next section, a simple example is presented in
which the effect of a drawing operation on an initially isotropic flaw spec-
trum is used to predict changes in axial and transverse failure strengths.

Orientation Effects by Drawing

Consider a master sheet of a given material from which tensile speci-
mens can be cut at various directions as shown in Figure 6A. The master
sheet is assumed to be both macroscopically homogeneous and isotropic
insofar as its failure properties are concerned. The tensile samples will
display no changes of statistical failure properties with their orientation
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"HOMOGENEOUS"

"ENLARGED"
000&%

0 “o
= (-

Figure 6. Top: schematic of a homo-
geneous and isotropic master sheet
containing individual samples showing
no directional preference of failure
properties. Bottom: an enlarged view
0{1 a section of an individual sample
showing a distribution of flaw elliptici-
ties and orientations.

in the master sheet provided that they are of sufficient size to contain
the same flaw spectrum P(R, ) as the master sheet. An enlarged section
of one of the tensile samples is depicted in Figure 6B and contains a
distribution of both ellipticities and orientations of flaws.

If the master sheet is now subjected to an orientation process, for
example, hot stretching followed by cooling, then it can be expected that
the flaw spectrum is changed insofar as both the distribution of elliptici-
ties and orientations are concerned. It follows that tensile samples cut
from the oriented master sheet will now display different failure prop-
erties with respect to their orientation in the master sheet. While molecu-
lar orientation and relaxation processes undoubtedly play a role in
determining the intrinsic fracture toughness at the high stress concentra-
tion regions of each elliptic flaw, it is also necessary to consider the
consequences of a change in the flaw spectrum. Thus, anisotropic failure
properties and changes in tensile strength may be caused, in part, by
changes in the orientation distribution and ellipticities of the flaws, both
of which serve to alter the stress concentration factors which result from
these flaws. In what follows, the effects of molecular orientation, per se,
are ignored, and the changes in tensile strength associated with drawing
are calculated solely on the basis of flaw spectrum changes.
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The effect of an orientation process on an isolated elliptic flaw is
depicted in Figure 7A. Let o; and a; be the permanent stretch (or draw)
ratios (ratio of drawn to undrawn length) to which the master sheet is
subjected in two orthogonal directions. If an elliptic flaw is originally at
right angles to the o, direction (i.e., 8 — x/2) and a2 = 1, then R will
increase with «; until a particular value of «, is reached at which R = 1.
For larger values of «;, R will then decrease but the major axis of the
ellipse is now at 8 — 0. The critical draw ratio at which the orientation
B jumps from =/2 to 0 and for which the ellipse is circular (R=1) is
described later.

D <I/R
4 D=I/R
o €— —> %
/' D>I/R
A

00 O >

INCREASING DRAW RATIO

c

Figure 7. A. Schematic of an elliptic flaw initially
at right angles to the draw direction. For a uniaxial
draw, the draw ratio D = a,. At a critical draw ratio
D = 1/R the ellipse becomes circular. For higher
draw ratios (D > 1/R), the ellipse forms with a 90°
change in its orientation. B. Schematic of the effect
of increasing draw ratio on an ellipse initially at some
angle other than 90° to the draw direction. C. A gen-
eral biaxial draw (a,, ay) acting on an ellipse at initial
orientation 8 Ko the, major, ﬁraw, dirgction (a; > ay).
merican Chemicaf

Society Library
1155 16th St., N.W.
Washington, D.C. 20036
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An elliptic flaw which is not perpendicular to the major draw direc-
tion (i.e., B5% x/2) is depicted in Figure 7B. This ellipse will rotate
toward the draw axis and change ellipticity as a; increases. Such an
ellipse does not exhibit an R — 1 condition. This is shown in more detail
below.

An ellipse at arbitrary angle 8 to the x; axis (Figure 7C) may be
described by the equation for a quadric surface:

xTAx =1 (13)
A;; A
h — X3 dA— 11 4212
where x [xz] an Aps Ass

The column vector x represents the original (undrawn) coordinate sys-
tem to which the ellipse is referred, x” is the transpose of x, and A

represents the ellipse. The components of A are easily shown to be given
by:

Apy—1+4 (R?—1)sin?B (14)

Ay =1+ (R%2—1)cos?p }

A= (R?2—1)sinBcosf
Had the coordinate system been chosen to coincide with the major and
minor axes of the ellipse (or the angle 8 = 0), then the matrix A would
take canonical form given by:

. R?2 0
A=[0 1] (15)

The ellipse described by Equations 13, 14, and 15 has no dimensions per
se, but rather a form factor given by R. It follows that an ellipse with
b = 1 unit of length and @ — 4 units (R — 0.25) and an ellipse of b = 0.1
and a=0.4 (R=0.25) are assumed to be indistinguishable in their
behavior. Indeed, their stress concentration factors are the same, within
the limitations described in the previous section.

The master sheet is now subjected to a uniform biaxial stretch de-
fined by stretch ratios «; and a2. This plastic-like deformation is describ-
able to a first approximation by the coordinate transformation y; = a1x;
and Y2 = a2Xs Or:

y — Qx where Q — I:gl “(::l (16)
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The matrix Q is the deformation matrix, and the matrices A and Q cannot

both be diagonal in general. The only case for which this is true is when

B =0 or B ==/2. We have arbitrarily chosen the coordinate system to

make Q diagonal in which case A is not (see Equations 13 and 14).
The inverse deformation is given by:

x = Py where P =Q' = [(1)/;%3] (17)

which can be combined with the quadric surface description, Equation
13, as follows:

xTAx = (Py)TA(Py) =1 (18)
Since (Py)? = y'P” and P is symmetric (P = P”), it follows that:
y’By — 1 where B — PAP (19)

Thus, the original ellipse defined by A has transformed to an ellipse
defined by B = PAP as a result of the permanent biaxial stretch defined
by Q.

The eigenvalues and eigenvectors of the matrix B can be used to
directly compute the new ellipticity R* and orientation g* in the stretched
state. Carrying out the matrix multiplication B = PAP, the components
of B are found to be given by:

By — Ap/ey? By — Ago/ar? (20)
Bi2 = B2y — Ajp/ayap

The eigenvalues (1) are obtained by the solution to the secular equation
det (B — AI) = 0 where I is the identity matrix. The results are given by:

J+ K J—K
Ay = 2-{;7 and A= 2a12

(21)

where ] = A, -|— A22D2, KE‘\/]2 —4D2(A11A22 — A122), and D=
a1/a2 and the components of A are given in terms of the original ellip-
ticity R and orientation 8 by Equation 14.

The new minor axis b* is given by (1/A;)% and the new major axis
a* by (1/x,)%. Therefore, the new ellipticity is given by:

R* =b*/a* = (M/A0)% (22)
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DRAW RATIO

Figure 8. Ellipticity ratios R*/R as a function of

draw ratio D = a,/a, for ellipses at various initial

orientations 8. The initial value of R for all ellipses
is 0.2.

The new orientation g* is given by the eigenvector to B corresponding
to the ), eigenvalue, and the result is:

_ 2
B* — tant- (—_—Ai Rt ) (23)

Numerical solutions to Equations 22 and 23 have been obtained for
various values of R, B, a;, and «;. The changes in ellipticity (R*/R)
developed by various draw ratios D = a;/as are shown in Figure 8 for
several initial ellipse orientations 8 and an initial ellipticity R = 0.2. The
curve corresponding to 8 = 0 is given by R*/R = 1/D as can be readily
obtained from Equations 14, 21, and 22. For all other orientations, that
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is B 5~ 0, the ratio R*/R will depend on the initial value of R as well as
B and D.

The cusp in the curve corresponding to 8 = 90° occurs at the condi-
tion RD = 1 and represents a critical draw ratio at which the ellipse has
transformed to a circle, i.e., R* = 1 or R*/R — 5. For draw ratios lower
than the critical value (RD < 1), the shape of the 8 = 90° curve is given
by R*/R — D. At draw ratios higher than the critical value (RD > 1),
the flaw becomes elliptic again, and the shape of the curve is given by
R*/R=1/R?D.

The new orientation angles 8* associated with the ellipticities given
in Figure 8 are shown in Figure 9. The behavior of the flaws with g — 90°
requires some explanation. For draw ratios below the critical value (RD
< 1), B* =90° regardless of D, whereas for draw ratios higher than the
critical value (RD > 1), 8* — 0° for 8 — 90° regardless of D. In the
example shown, R — 0.2 and the critical draw ratio is therefore D =35,
Thus, when D is exactly 5, the flaws with 8 — 90° are circular and may
be assigned any value of 8* since a circle is isotropic when rotated. Since
B* is discontinuous when D = 5 (‘the left hand limit is 8* = 90° and the
right hand limit is 8* = 0°), the value of 8* = 45° at D =5 is the mean
value of 8* when D = 5 is approached from below and above. The value
of 45° is continuous with the remainder of the g8* values for values of
B490° on the D =5 curve. The sequence of events for 90° flaws is
illustrated in Figure 7A.

10° 30° 509 70° 90°

Figure 9. Final orientation B* vs. initial orienta-
tion B for various draw ratios D. All ellipses have
initial R = 0.2.
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The situation for a flaw initially at 75° to the draw direction is similar
in that R* achieves a maximum value as shown in Figure 8. However,
the new orientation 8* of this flaw is continuous with draw ratio as shown
in Figure 9 and does not display a jump discontinuity as does the flaw
with 8 =90°, Furthermore, the flaw never becomes circular regardless
of draw ratio (R*/R 54 5 in Figure 8).

Flaws at 8 = 45° to the draw direction display no maximum in R*/R
as shown in Figure 8. All flaws with 8 < 45° behave similarly in this
regard. At draw ratios equal to or greater than the critical value (D >
1/R), Figure 9 shows that all flaws have orientations 8* < 45°; in other
words, no flaws remain oriented at more than 45° to the draw direction.

1.OF 1 I | I 1 I | I T =

0.6

0.2

| 1 1 1 1
109 30° 50° 7O° 9o°p¥

Figure 10. Final ellipticity R* vs. final orientation

B* for various draw ratios D. An isotropic distribu-

tion of flaws all of R =(0.2 exi)s'ts in the undrawn state
D=1).
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o.l 0.2 o4 06 08 10

Figure 11. Ellipticity ratio R*/R vs. initial R devel-
oped by various draw ratios D and for various initial
orientations 3

These results have important implications to an analysis of aniso-
tropic tensile strengths as indicated in the next section. For this purpose,
it is useful to present the results of Figures 8 and 9 in terms of new
ellipticity R* vs. new orientation 8* for various draw ratios as shown in
Figure 10. The curve D — 1 represents the undrawn, initially isotropic
distribution of flaws all of the same ellipticity R = 0.2. The ellipticity
dispersion and orientation distribution anisotropy produced by drawing
are apparent. For draw ratios higher than the critical value, R* is mul-
tiple valued with respect to g*. The reason for this, as can be seen in
Figure 9, is the multiple values of 8 with respect to 8*. For example, for
a draw ratio of D — 9, the flaws with ca. 80° < 8 < 90° have orientations
B* ranging over the same values as do the flaws having 0° < g < 80°.

Physically, the flaws with 8 > 80° are more effectively blunted than
are flaws at a lower angle to the draw direction. Above the critical draw
ratio, they are oriented close to the draw direction (low 8*) and account
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for the higher of the two R* values for each g8* in Figure 10. The lower
R* is caused by the flaw having an initial orientation 8 < 80 which is
less effectively blunted by drawing but develops the same orientation g*
(Figure 9).

The effect of a fixed draw ratio on a flaw spectrum containing dis-
tributions of both 8 and R is shown in Figure 11. For the case § = 0° the
ratio R*/R is independent of R and is given by 1/D, as noted earlier.
For all values 854 0°, R*/R depends on the initial value of R. Consider-
ing the curve for 8 =90°, all flaws having R < 1/D change ellipticity
according to R*/R — D whereas all flaws having R > 1/D change ac-
cording to R*/R = 1/R2D.,

The ratio R*/R vs. initial orientation 8 is shown in Figure 12 for
various initial values of R. For the case R =1, a circle, all orientations

o.l -

-

1 1 1 1 1 1 i
3o°B 50° 70° 90°

Figure 12. Ellipticity ratio R*/R vs. initial ori-
entation B for two draw ratios D

1

|
10°
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B behave the same and R*/R = 1/D; in addition, all ellipses form with
their major axes parallel to the draw direction, that is, g% = 0° regard-
less of the draw ratio D. The effect of g is increasingly pronounced as the
initial flaws become more slender (R — 0).

It follows from the results given in Figures 8-12 that, given an
initial flaw spectrum P(R, B), it is possible to compute a new spectrum
P*(R*, B*) associated with an anisotropy producing drawing operation.
This new spectrum can then be used to characterize anisotropic multiple
flaw failure phenomena. Such calculations are currently in progress and
will be reported on at a later date (17). For the present purpose, Figures
8-12 show that major changes in the ellipticity and orientation distribu-
tions of the flaw spectrum will accompany the drawing process. The
results given here are sufficient to estimate the transverse and axial ten-
sile strengths of a drawn sample as described in the next section.

Anisotropic Tensile Strengths

Stress concentration factors associated with elliptic laws in an aniso-
tropic matrix are generally unavailablé. In the absence of such informa-
tion, the results presented in Figures 3-5 are a first approximation to the
stress concentrations developed by the flaws in the drawn material. It
follows that Equation 9 can be written as:

Q* = V2 (R*, 8%, ¥,7") = V2 {(R* B* ¥,9*) (24)

where the function f* is the same as f for the isotropic matrix. Thus,
changes in stress concentration factors from drawing are associated with
changes in R* and B* and not with the functionality of the stress con-
centration, per se. Thus, Figure 3 is assumed to be valid for the drawn
material, in which case Q, R, and B are to be interpreted as Q*, R*, and
B*. It is further assumed that molecular orientation does not enhance
fracture resistance, per se, but rather causes changes in observed tensile
strength by modification of the flaw spectrum. This implies that observed
tensile strength (S, ) is simply inversely proportional to the critical stress
concentration factor, that is, local tensile strength is constant, or:

Sp*/8p = (Q/Q%). (25)

where the asterisk refers to some drawn state, and the absence of an
asterisk to the undrawn (isotropic) state. The critical stress concentration
factors to be used in Equation 25 depend on the flaw spectrum and the
loading direcion of the tensile strip relative to the draw direction. These
are illustrated below.
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The simplest example is the case where changes in tensile strength
relative to the undrawn, isotropic tensile strength are calculated for
samples whose tensile axes are parallel to and perpendicular to the major
draw direction (a;). These will be referred to as the axial and transverse
directions, respectively. For the present purpose, it is assumed that the
undrawn master sheet contained an isotropically distributed set of flaws
all of the same ellipticity R. The problem is then deterministic. Con-

IH.OF 3

9.0

7.0

5.0

3.0

l.o

1 L 1
100 30° 500 700 90° B*

Figure 13. Stress concentrations Q* developed by
flaws at various final orientations B* for various draw
ratios D. The direction of stress application is paral-
lel to the major draw direction, that is, in the B* = 0°
direction. TLese curves account for the new elliptici-
ties R* and orientations B* given in Figure 10 for an
initially isotropic and uniform (R = 0.2) set of flaws.
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sideration of failure probability curves requires analysis of an R distribu-
tion, and this will be considered later.

Consider the axial samples of drawn material. From Figure 3, stress
concentration factor decreases with an increase in R or with a decrease
in B. Referring to Figure 8, the flaws at 8 — 90° always undergo more
blunting from drawing (i.e., R*/R is greater) than do flaws at lower
angles, e.g., 8 = 75°. However, the flaws with 3 — 90° remain at g* =
90° until the critical draw ratio is reached after which g* = 0° for higher
draw ratios, whereas the flaws with 8 < 90° always have g* < 90° re-
gardless of draw ratio. The lower stress concentration from g* < 90° and
higher stress concentration from lower R* suggest that the critical stress
concentration to be used in Equation 25 may arise from flaws whose
initial orientation 8 is not at 90° to the draw direction.

The ellipticity—orientation distribution for the drawn material is
given in Figure 10 (for the particular case R = 0.2) which can be com-
bined with Figure 3 (to a first approximation) to obtain the drawn state
stress concentrations Q* vs. orientation 8*. The results are shown in
Figure 13. The critical stress concentration to be used in Equation 25 is
the maximum value of Q* for each draw ratio. It is somewhat suprising
to find that the maximum Q* for high draw ratios does not arise from
flaws originally at 8 — 90° but rather from lower orientation flaws. This
is a consequence of both the enhanced blunting of g =90° flaws and
their reorientations at high draw ratios to 8* = 0°. However, even below
the critical draw ratio, for example D — 4 in Figure 13 (the critical value
is D =5 for R = 0.2), the opposite effects of lower R* and lower g* on
stress concentration combine to give a higher stress concentration from
flaws with g8 < 90°.

Using the critical stress concentrations found in Figure 13 for the
drawn material and Equation 8 for the undrawn material, the relative
tensile strength ratio is obtained from Equation 25 for axial samples. The
results are shown in Figure 14.

The transverse tensile strength is computed by now considering the
critical stress concentration which arises from the application of a tensile
strength parallel to the 8* — 90° direction, that is, perpendicular to the
major draw direction. From Figure 8, the flaws having 8 = 0° have the
lowest value of R*. From Figure 9, these flaws have g* = 0°. Conse-
quently these flaws (8 =0°) develop the highest stress concentration
factor for stresses applied transversely to the draw direction. Since the
ellipticity ratio for these flaws is given by R*/R = 1/D, Equation 8 gives
a stress concentration of:

Q=14 H=1+2 (26)
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Figure 14. Relative axial tensile strength improvement and

transverse tensile stren}glth reduction resulting from the effect of

a drawing process on t e(]law ectrum. The transverse curve is
the limiting curve eﬁne:fby Equation 29 for R =0.

The undrawn samples have an isotropic distribution of flaws; consequently

there exists a flaw at 8 — 0° which is perpendicular to the applied stress
and whose stress concentration is given by:

Q=1+2 27

The relative tensile strength ratio (Equation 25) for transverse samples
is therefore:

Sp*/8, = (1 +2/R)/(1 + 2D/R) (28)

which for small R (sharp flaws) approximates to: .
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D(8y*/8) =1 (29)

and is shown in Figure 14 for the transverse strength reduction.

Experimental data on the tensile strengths of drawn polystyrene
sheets have been obtained by Retting (18) as part of an L.U.P.A.C. study
on the effects of orientation on the properties of plastics. Retting’s data
for transverse tensile strengths of drawn polystyrene are presented in
Tables I and II for a low and high molecular weight polymer, respectively.
As seen from Table I, the relative transverse tensile strengths for several
draw ratios and strain rates agree well with Equation 29. The agreement
is not as good for the high molecular weight data in Table II, which
indicates that Equation 29 tends to overestimate the reduction in trans-
verse tensile strength. Also, there is an obvious trend toward higher over-
estimation as the draw ratio increases. For example, at the lowest strain
rate, the observed transverse tensile strength is 70% higher than the
theory value at a draw ratio of 3.9, but only 20% higher at a draw ratio
of 1.5. By comparison no such trend with draw ratio occurs for the low
molecular weight polymer.

It seems quite plausible, therefore, that the transverse tensile strength
reduction in drawn low molecular weight polymer is governed primarily
by flaw spectrum changes as described in the theory presented, with

Table I. Transverse Tensile Strength of Polystyrene A°

Nominal Stress to
Strain Rate Draw Ratio Rupture
(cm/sec) (D) (N/mm?)(S,) D[S,*/8s]
~ 400 1 429 (1.000) ®
1.5 31.7 1.1
2.6 10.6 .64
3.9 114 1.0
5 1 445 (1.000) ®
1.5 329 1.1
2.6 18.8 1.1
3.9 17.3 1.5
8.3 X 107 1 40.0 (1.000) °
15 24.5 9
2.6 16.4 1.1
3.9 104 1.0
8.3 X 1078 1 30.5 (1.000) ®
15 16.6 .8
2.6 13.0 1.1
39 8.66 1.1

* M= 52,000, M » = 230,000, and 7, = 98°C.
® These values are unity by definition.
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Table II. Transverse Tensile Strength Polystyrene B*

Nominal Stress to
Strain Rate Draw Ratio Rupture
(cm/sec) (D) (N/mm?) (S) D[Sy*/Ss]
~ 400 1 58.5 (1.000)°
1.5 388 1.0
2.6 25.9 1.2
39 18.4 12
.5 1 46.1 (1.000)°
15 441 14
2.6 26.8 1.5
3.9 23.8 2.0
8.3 X 107 1 452 (1.000)°
1.5 37.8 1.3
2.6 25.6 1.5
3.9 19.6 1.7
8.3 X 107 1 33.8 (1.000)°
1.5 28.0 1.2
2.6 19.2 1.5
39 15.0 1.7

* M = 130,000, M » = 300,000, and T, = 105°C.
® These values are unity by definition.

little or no effect from molecular orientation. Conversely, the high mo-
lecular weight polymer undergoes less transverse strength reduction as a
result of flaw spectrum changes because of improved local failure strength
(or fracture toughness) caused by molecular orientation at the flaw tips.
The effect of molecular orientation is increasingly effective at higher draw
ratios.

Discussion

We have intended to demonstrate that a flaw spectrum analysis
presents a plausible and useful approach to the problem of multiple flaw
failure phenomena in solid polymers. Effects of orientation and stress
state may be explained by such an approach, but much additional theory
and experiments are required to establish the validity of the method.
Several obvious shortcomings of the theory can be overcome, in prin-
ciple, by a more rigorous analysis. The more serious assumptions or
limitations which we intend to either remove or justify in future work
are as follows.

(1). The calculation of stress concentration factors arising from

flaws in an anisotropic matrix has been obtained from the isotropic
results. Much additional work in this general area is required as a large
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number of materials problems require knowledge of stress concentration
factors for anisotropic media.

(2). The analysis of flaw reorientation in the drawn material is
rudimentary. However, it is not obvious that greater detail such as a
general formulation using the equations of stress equilibrium and com-
patibility (several partial differential equations are called for) would
significantly enhance the model. This question will be resolved experi-
mentally.

(8). The effects of molecular orientation on local failure properties
have been neglected. The simultaneous effects of flaw orientation and
molecular orientation should be accounted for in the model and deline-
ated exprimentally.

(4). A two-dimensional treatment has been presented. The model
is currently being extended to three dimensions to account for surface
flaws in a three-dimensional material subjected to a drawing process and
bulk flaws or dispersed phase particles in a three-dimensional matrix.

There are some additional applications of the theory which are pres-
ently under investigation. These are the effects of drawing on fibers for
which the three-dimensional theory with transverse symmetry is appli-
cable and the toughening mechanism in high impact polystyrene for
which the flaw spectrum may be viewed as caused by the size, orientation,
and spacing distributions of the rubber particles.
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Strain in a Polystyrene Craze Layer

M. J. DOYLE and J. G. WAGNER

Department of Mechanical Engineering, University of Pittsburgh,
Pittsburgh, Pa. 15261

From observations of interference patterns and interfero-
metric measurements of the refractive index, the profile of a
craze preceeding a crack in polystyrene has been determined.
The strain along the length of the craze was calculated and
found to increase toward the crack tip. The opening dis-
placements across the craze boundaries show a deviation
from those predicted for the simple Dugdale yield zone.

A crack propagating in a glassy polymer is usually preceded by a wedge-

shaped layer of craze, an expanded form of the polymer with a den-
sity very much less than that of the bulk. Where the length of the craze
layer is comparable with the length of the crack, the Griffith theory and
linear elastic fracture mechanics cannot be expected to apply (1, 2). Such
relatively great amounts of plastic yielding have been recognized in the
analysis of the mechanics of fracture based on a model proposed by Dug-
dale (3) to describe the spread of thin planar yield zones from the ends
of a slit in a metal plate and has been applied to the fracture of polymers
(2, 4, 5). The analysis assumes a constant stress on the yield zone or
craze layer.

In Figure 1 a plate contains a narrow slit of length 24, and a stress,
o, is applied at some distance from and in a direction perpendicular to
the slit. In metals, if the height of the slit is comparable with the thick-
ness of the plate, yielding may occur in thin zones of length R spreading
from the ends of the slit as shear yielding occurs on oblique planes through
the thickness; similar effects have been observed also for polycarbonate
(6). In many glassy polymers, however, crazing—apparently a dilata-
tional yielding—occurs in thin, planar, wedge-shaped layers which physi-
cally appear to conform very closely to the model proposed by Dugdale.
In Figure 2 a plate contains a line crack of length 2¢, equal to the com-
bined length 2(a + R) of the crack and yield zones shown in Figure 1.
The yield zone (or craze) is replaced by a uniform tensile stress, oo, equal
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Figure 1. Yielding from the ends of a narrow slot in a plate (schematic)

to the tensile yield stress (or craze stress) of the material which acts on
the surfaces of the crack in the region 0 < x < R. The physical elastic—
plastic condition is replaced by an equivalent elastic model. Closed form
solutions have been derived relating plastic zone length to the opening
displacement at the crack tip (3) and also for the displacements across
the yield zone along its length (7). The crack opening displacement
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Figure 2. Dugdale model
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reflects the stress and strain environment at the crack tip. A constant
value of this parameter has been considered as a useful criterion for
fracture (8) and has been successfully used to correlate observed fracture
load data on cracked specimens of several polymers (2, 4).

In the present work the variation in stretch ratio or strain along a
craze in polystyrene has been determined experimentally using methods
related to those recently described by Brown and Ward (5) for poly-
(methyl methacrylate), and the elastic displacements across the craze
zone were compared with the values predicted for the Dugdale model (7).

In their experiments Brown and Ward (5) observed the interference
patterns in the craze wedge ahead of a crack in poly(methyl methacrylate)
when viewed in monochromatic light from a direction perpendicular to
the plane of the craze. By loading and unloading a micro compact ten-
sion specimen, interference patterns were obtained for the craze layer in
the loaded and unloaded state. Observing that the interference pattern
of the fully extended craze was exactly proportional to that in the un-
loaded state, they concluded that the refractive index and the extension
ratio along the craze was constant in each state. From a value of the craze
refractive index of 1.32 in the unloaded state the geometric thickness pro-
file of the craze was calculated; when compared with that predicted (7)
for the Dugdale model, excellent agreement was found for poly(methyl
methacrylate ).

In our work direct measurements were made of the refractive index
of a polystyrene craze at different positions along the wedge. This was
made possible by a change in fracture mechanism in which the craze
wedge could be induced to spall off the bulk along one boundary. The
detached craze wedge lay stress free on one of the fracture surfaces and
its geometric thickness was determined interferometrically. From this
data and the observed interference order of the layer, the refractive index
was calculated. Although the results show a fairly large scatter, the re-
fractive index of polystyrene apparently decreases from the craze edge
toward the crack tip and the strain in the fully stretched craze is not
constant but increases toward the crack tip.

Measurement of the Refractive Index in a Craze Wedge

When a crack propagates in polystyrene at low crack velocities, the
craze ruptures close to its median plane by a mechanism having the ap-
proximate characteristics of viscous flow. Each fracture surface is then
covered by a thin layer of craze. At higher crack velocities, however,
failure occurs along the boundaries between the craze and the adjacent
bulk polymer by practically brittle fracture (1). The change in fracture
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Figure 3. Fracture of the craze wedge along
one craze-bulk boundary (schematic)

mechanism, shown schematically in Figure 3, permits a direct determina-
tion (9) of the density of the craze layer at S by comparing the geometric
thickness of the craze layer before and after thermal collapse (to the bulk
density). Where there are patches of craze in the wedge firmly attached
to the bulk and adjacent to areas where the craze layer has been stripped
away, the refractive index of the craze layer is obtained by comparing the
optical thickness (as determined by counting the fringe interference
order in monochromatic light) with the geometric thickness (obtained by
direct measurement of the silver-coated surface using a double-beam
interferometer). The results are shown in Figure 4. It was only possible
to measure the thinner leading portion of the craze wedge. Toward
the back of the wedge, fracture occurred at both craze boundaries and
prevented any reliable interferometric determination of the geometric
thickness of the craze layer. The considerable scatter in the measure-
ments arises for the most part from the uncertainty in assigning frac-
tional interference fringe orders. Nevertheless, the values all lie within
the range 1.3-1.5; the value of the bulk refractive index is 1.6 and that

1.6

He

-1.2

—
0.5 1.0

2o|x

Figure 4. Refractive index of craze vs. distance from edge of
craze E
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for the fracture surface craze layer at S is usually about 1.15. An estimate
of the refractive index of 1.2 at the rear of the craze wedge was obtained
by measuring the step height of the top of the wedge above the median
plane fracture surface level. This value is also consistent with the observa-
tion that the total number of interference fringes in the craze wedge lying
between R and E was less than double the interference order of the frac-
ture surface immediately following it. The craze refractive index must
decrease toward the crack tip but the data would be consistent, for ex-
ample, with a linear decrease along the craze length or a constant value
over most of the craze length and a rapid drop close to the crack tip
(x/R = 1). For the purposes of the preliminary investigation reported
here, the craze strains have been calculated for both possibilities.

Strain in the Craze Layer

If the craze layer extends with complete lateral constraint, the strain
in the craze is related to the change in its density. From a relationship
between density and refractive index, an equation between strain in the
craze and its refractive index can be derived. Although it is usual to start
with the Lorenz-Lorentz equation, this may not be the correct relation-
ship for a material having the structure of the craze (9). For the present
purposes a linear relationship is assumed. The error introduced is at
most 10% and only a few percent for the stretched craze with a high void
content.

Figure 5. Schematic of
stretched craze, detached craze,
and equivalent bulk thickness

Figure 5 shows, schematically, the stretched craze attached to the
adjacent bulk along the boundaries ER and ER’; after the change in frac-
ture mechanism the craze is shown split away from the bulk along one
boundary (ER’) and in the absence of any applied tractions the free sur-
face of the craze wedge contracts until it lies along EX. These two wedges
of craze, the stretched and unstretched, are both derived from the same
layer, EYR, of bulk material. At some point, P, in the craze wedge, let the
stretched, unstretched, and equivalent bulk thickness of the craze be d;,
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d., and dy, and their refractive indices us, pe, and up, respectively, and let

their orders of optical interference be ks, k., and k,. Assuming a linear
relationship between volume fraction, p., and refractive index, then

pe=14 (u —1)p.
and since the craze expands with lateral constraint,
dy
I‘-c=1+(/"b—1)d_ (1)
c
and

d
p=1 (= 1)

From the interference equations for the stressed and unstressed (de-
tached) craze layers:

2usds = kA
and
2ucd. = kA
and
I-"sds _ E
de — (2)

From Equations 1 and 2:

ds—dc ks—kc

Mcdc kc

so that
dy ks
7c==1+nc(%:—1) 3)

The ratio dy/d. may be defined as a stretch ratio A". By similar derivation,
the stretch ratio A of the stressed craze based on the equivalent bulk
thickness may be derived:

A=1+pb<',:—:—1) (4)

Equation 3 is identical in form with that derived by Brown and Ward for
the stretch ratio of the craze wedge in the loaded and unloaded states. In
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their experiment, the unloaded state was that of the craze wedge without
the applied loads on the cracked specimen. In that state, however, the
craze should be in compression if the bulk material outside the craze zone
remains elastic. Since the comparison of strains at different positions in
the craze layer is only useful if the unloaded material state is the same—
i.e., the craze material has identical structure along the length of the craze
—the definition of strain used here is that defined in Equation 4 (based
on the initial thickness of the bulk layer from which the craze was pro-
duced.) Brown and Ward used the Lorenz-Lorentz equation to derive
an equation similar to Equation 3 after an algebraic simplification equiv-
alent to our assumption of the linear weight fraction-refractive index
relationship used above. They observed that the ratio equivalent to
ks/k. in a PMMA craze was constant along the length of the craze wedge.

SOF

Zolx

Figure 6. Interference order of the stretched craze k, and of
detached craze k,

It follows that for a constant refractive index the craze strain is also con-
stant. Our observations on polystyrene indicate that neither the craze
refractive index nor the ratios k,/k. and k,/k, are constant along the length
of the craze (Figure 6). The values of A calculated from Equation 4 are
shown in Figure 7. That the craze strain is not constant does not preclude
the possibility that the craze stress is still constant, as might be the case for
an ideal plastic material. However, the experiments on craze stress—strain
properties by Kambour (10) and Hoare and Hull (11) indicate that this
is not the case.

From these same observations the equivalent bulk thickness was cal-
culated from the equation:

dy — e ("c = 1) (5)

C 2p \my — 1
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Figure 7. Variation of stretch ratio d,/d, in craze wedge

and is shown in Figure 8 together with the calculated values of d;. The
curves shown correspond to the variation of craze refractive index shown

- as curve B in Figure 4; values of d, and d,, calculated for curve A lie very

close to and slightly below the curves shown in Figure 8. The amount of
bulk polymer drawn into the craze appears to be approximately propor-
tional to the distance from the edge of the craze until near the crack tip
where it increases only slightly. These results would be consistent with a
craze stress, ¢,, which is constant over most of the craze length and de-
creases close to the crack tip.

microns

a.

Figure 8. Craze thickness, d,, and equivalent bulk layer thick-
ness, d,
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The normalized opening displacement, 8, has been calculated along
the length of the craze and compared in Figure 9 with that from the

equation:
[ te-8) (2

where

derived for the Dugdale model (7). The deviation is similar to that ob-
served by Brown and Ward for a craze in plasticized poly(methyl meth-
acrylate).

Figure 9. Normalized opening displacement for the Dugdale
model (upper curve) and for polystyrene craze (lower curve)
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Laser Diffraction of Polymer Crazes

A. CERS

Department of Aerospace Engineering and Mechanics, University of Minnesota,
Minneapolis, Minn. 55455

C. Y. YUAN HSIAO

Department of Biochemistry, Medical School, University of Minnesota,
Minneapolis, Minn. 55455

C. C. HSIAO

Department of Aerospace Engineering and Mechanics, University of Minnesota,
Minneapolis, Minn. 55455

A laser diffraction technique is used to study crazed poly-
styrene at room temperature. Biaxially oriented polystyrene
sheets were stressed and crazed before laser diffraction pat-
terns were photographically recorded. Corresponding mi-
crographs and diffraction patterns from crazing under
different environmental conditions are presented. Both-
chemically induced crazing of a stressed specimen as well
as mechanically produced crazes were studied and com-
pared. Laser diffraction was very sensitive to crazes of
different qualities. Thin diffraction lines attributed to fine
parallel crazes and rough diffraction patterns resulting from
distorted crazing were observed. The intensity variation of
the diffraction pattern suggests that not only the shape but
also the quantity of crazing may be interpretable. The ex-
tention of the diffraction technique into quantitative analyses
of the kinetic accumulation of crazing distribution is one of
the possibilities.

The complex nature of fracture strength as affected by crazing of a

glassy, amorphous polymer is well recognized. Processes leading to
the formation and growth of a system of crazes and subsequent nucleation
and propagation of cracks must be fully understood before a valid frac-
ture theory can be formulated. Among many influencing factors the
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inception and distribution of crazing plays a major role in analyzing
the statistical strength behavior of a polymer exposed to stress. The
present work is a preliminary attempt to observe crazing through the
application of a laser diffraction technique (1). Laser diffraction is ex-
tremely sensitive to crazing. Under different environmental conditions
stressed polystyrene specimens reveal corresponding diffraction patterns.
The diffraction patterns qualitatively characterize the distribution of the
crazes together with other features. Several photomicrographs and cor-
responding laser diffraction patterns are illustrated in this report. Quan-
titative data on the kinetics of the accumulation of crazing development
are being collected to continue this research.

Experimental

Test specimens were cut from biaxially oriented polystyrene sheets
supplied by Monsanto Commercial Products Co. The cut specimen, 8%
X 1 X 0.010 inches was stressed in an Instron universal tester to 4800
psi before various environmental conditions were introduced locally to
induce crazing and to generate the corresponding laser diffraction pat-
terns. Mechanically stressed specimens without chemical applications
were either bent or stressed in tension to near failure to produce crazing.
All diffraction patterns were obtained with a He-Ne gas laser 0.7 mm
in diameter having a 6328-A wavelength. The laser beam was normally
about 12 inches in front of the specimen. A screen parallel to the speci-
men was erected 68 inches from the other side of the specimen to reflect
the normal transmission diffraction pattern from each specimen. The
diffracted patterns were recorded photographically under identical ex-
posure time and aperture opening about 80 inches from the screen. These
distances were constant during the recording process. The accompanying
photomicrograph for each diffraction pattern shows the approximate
specimen area from which laser diffraction patterns were obtained. The
linear horizontal or vertical dimension of the micrographs equals 0.7 mm
which is comparable with the diameter of the laser beam.

Results and Discussion

The diffraction patterns reported here reveal quantitative features.
As indicated earlier, exact quantitative data are being collected to con-
tinue this research. However some preliminary observations and inter-
pretations on the relations between chemical groups and their influence
in crazing development are given for possible future reference.

Many chemical compounds that react with polystyrene can initiate
crazing if the material is subjected to high stress. On this basis several
series of chemicals have been used. Both photomicrographs and their
corresponding laser diffraction patterns are recorded side by side for
clarity. Table I also lists the chemical formulations and an indication
of the intensity of crazing for each of the compounds used.
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Table I. Effects of Environmental Conditions on Crazing

Intensity
Figure Environment Chemical Formula of Crazing
Compounds Containing OH Groups (Reagent Grade)
1 Glycerin (lez—(?H—(?Hz none
OH OH OH
2  Water H—OH weak sharp
3  Ethanol (1009,) CH,—CH,—OH moderate
well defined
4  Polyethylene CH,—CH—CH—CH... moderate
glycol I [
OH OH OH OH
5  Propanol CH;—CH,—CH,0OH strong
6  Isopropyl CH,—CH—CH;, strong
alcohol |
OH
7 Propylene CH,—CH—CH.0H strong
glycol |
OH
Compounds Containing Chlorine (Reagent Grade)
8 Methylene CH,Cl, weak
dichloride
9  Chloroform CHCI; moderate
10  Carbon CCl, moderate
tetrachloride
Esters of Fatty Acids (99%)
11  Methyl linoleate
CH;—(CH,)—CH=CH—CH,— moderate
CH=CH—(CH,)—COO0OCH;
12 Methyl oleate moderate
CH;—(CH,)—CH=CH—(CH,)—COOCH;
Hydrocarbons (Reagent Grade)
13  Toluene CH=—CH moderate
(methyl- / AN
benzene) CH,—C

CH
\CH—CH/
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Table I. Continued
Intensity
Frgure Environment Chemical Formula of Crazing
14  Xylene CH=CH moderate
(dimethyl- / AN
benzene) CHs— C\ C—CHs
CH—CH/
15  Cyclohexane CH,—CH, moderate
CH \CH well defined
2 2
P
CH,—CH,
16  p-Dioxane CH,—CH, moderate
o \O well defined
AN /
CH,—CH,
17  Pentane CH,—CH,—CH.,— moderate
CH,—CH, well defined
Glycerides
H
| _C/O
18 Sesame oil H—(C—O0 \ moderate
(commercial) R,
0
19  Pure lard / moderate
(commercial) ILI_C_O_C\R
2
20 Leaf lard 0 moderate
(commerecial) H‘?_O_Cf
21  Butter H Rs moderate
(commercial)
(R1, Re, and Rj; are fatty acid radicals—
saturated or unsaturated)
22  Finger mark weak
(oil, moisture, well defined
ete.)
Mechanical Stressing
23  Pure bending — strong
24  Simple tension — strong
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Figure 1. Stressed polystyrene after application of glycerin

Figure 1 illustrates the stressed polystyrene film without crazing. A
thin layer of glycerin has been applied to this area with little or no
change in the diffraction pattern as shown on the right. The same laser
diffraction pattern of a circular halo was also obtained when distilled
water was used. However if a big blot of distilled water were introduced
and allowed to dry, minute but perfect parallel crazes developed, and a
sharp vertical diffracted light was observed (see Figure 2). The possible
absorption of atmospheric contaminants by the water or water molecules
that entered the polystyrene molecular system and eased the nucleation

Figure 2. Stressed polystyrene after application of distilled water
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of crazing may have caused this result. This is only a problem of reaction
kinetics. Depending on the concentration of polystyrene in aqueous
suspension, its structures or molecular arrangements can be quite differ-
ent (2). However the bearing of this particular phenomenon on the
present problem is not clearly correlated yet.

Several compounds having methylene and hydroxyl groups such as
ethanol, polyethylene glycol, propanol, isopropyl alcohol, and propylene
glycol have been used. All greatly affected crazing development. Note

Figure 3. Stressed polystyrene after application of 100% ethanol

Figure 4. Stressed polystyrenel aﬂler application of polyethylene
glyco
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Figure 6. Stressed polystyrene after application of isopropyl alcohol

that polyethylene glycol, a polymer containing the same number of hy-
droxyl and methylene groups similar to those of glycerin, also caused
crazing, whereas glycerin did not. Figures 3-7 show a increasing influ-
ence on the development of crazing by ethanol, polyethylene glycol,
propanol, isopropyl alcohol, and propylene glycol in that order. Methanol
greatly affected the initiation and development of crazing. The quan-
titative effect was comparable with that of propanol in crazing occurrence.
The relatively diffused scattering of the laser diffraction reflects the higher
degree of irregularity in the craze as compared with previous cases. Again
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scratches on the sample appeared as thin diffraction lines across the
picture.

Compounds containing chlorine had less influence on craze size and
shape than compounds with hydroxyl groups, except glycerin and water.
Figures 8-10 show the increasing degree of fine crazes developed from
the application of methylene dichloride, chloroform, and carbon tetra-
chloride. The exact mechanism of the effects of certain chemical groups
on the nucleation and propagation of crazes is not understood.

Figure 8. Stressed polystyrene after application of methylene di-
chloride
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Figure 9. Stressed polystyrene after application of chloroform

Figure 10. Stressed polystyrene after application of carbon tetra-
chloride

The esters of fatty acids and hydrocarbons (Table I, 11-17 with
corresponding micrographs and laser diffraction patterns) have all as-
sisted moderately to develop crazes in a stressed polystyrene. The effect
of methyl linoleate helped to initiate more crazes than that of methyl
oleate (see Figures 11 and 12). As shown in Figures 13 and 14 toluene
and xylene assisted in developing more dense but finer crazes as com-
pared with the first two. Note that these chemicals tend to cover the
surface of the polystyrene and cause the central region of the diffraction
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pattern to become non-uniform. In contrast with the results shown in
Figures 15 and 16 for cyclohexane and p-dioxane, also note the fine, long
crazes created with these two chemicals, whereas pentane in Figure 17
generated shorter but heavier crazes without clouding the surface of
polystyrene.

Glycerides of the commercial quality commonly used in the food
industry apparently have different effects on crazing development than

Figure 11. Stressed polystyrene after application of methyl linoleate

Figure 12. Stressed polystyrenfe after application of 99% methyl
oleate
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Figure 14. Stressed polystyrene after application of xylene

hydrocarbons and esters of fatty acids. All of the glycerides used includ-
ing sesame oil, pure lard, leaf lard, and butter are less able to produce
dense crazes than hydrocarbons and esters of fatty acids (see Figures
18-21). With solid lard at room temperature the diffused small angle
scattering of the laser by the lard molecules is clearly evident (see Figures
19 and 20). A somewhat similar, but less evident, situation occurred
when ordinary butter (triglycerides) was brushed on the polystyrene
surface (see Figure 21).
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During this investigation we handled the specimens carefully since
finger marks affect the crazing property of polystyrene. Figure 22 shows
the crazing marks and their corresponding laser diffraction pattern that
resulted from touching the surface of a stressed specimen. Probably the
contaminates on fingers are primarily types of glycerides since they pro-
duced loose crazes on the surface of specimens similar to those shown
in Figures 19-21. The nearly horizontal diffraction lines in both diffrac-

Figure 15. Stressed polystyrene after application of cyclohexane

Figure 16. Stressed polystyrene after application of p-dioxane
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Figure 17. Stressed polystyrene after application of pentane

Figure 18. Stressed polystyrene after application of sesame oil

tion patterns probably arise from the surface scratches that appeared on
both micrographs (Figures 21 and 22).

Mechanically stressed polystyrene without the application of any
chemical compound can also produce crazing. Figure 23 shows crazing
and its diffraction pattern attributed to bending the polystyrene sheet;
surface crazing appears on only one side. This contrasts the develop-
ment of crazing in depth by simple tensile stress (see Figure 24) where
crazes developed on both sides of, and sometimes in between, the surfaces.



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch006

6. CERs ET AL. Laser Diffraction 85

The diffraction pattern registers the volume effect regarding the distribu-
tion of crazing. In principle if the distribution of crazing is random,
the measurements of the diffracted laser intensity should yield the kinetic
information on the accumulation of crazing.

Generally all crazes developed perpendicular to the direction of the
maximum applied principal stress, which in this case is the vertical direc-
tion. The vertical laser diffraction pattern indicates that all horizontal
crazes are essentially parallel. According to the theory of light diffraction

Figure 19. Stressed polystyrene after application of pure lard

Figure 20. Stressed polystyrene after application of leaf lard
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(3) if the crazes consist of many apertures irregularly distributed, the
total intensity of the light diffracted will be multiples of that diffracted
by one. Thus proper quantitative information may be obtainable. How-
ever complications will develop if regular distribution of crazing occurs.
In addition a slight deviation from parallelism in the plane of crazing
arises from the broadening of the vertical diffraction line. Thus the
shape of a craze or possibly the slope of the crazing envelope near the

Figure 21. Stressed polystyrene after application of butter

Figure 22. Stressed polystyrene after contamination by finger marks
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Figure 23. Crazed polystyrene by mechanical bending

Figure 24. Crazed polystyrene in simple tension

edge of the craze may also be associated closely with the diffraction
pattern.

Conclusions

Most chemicals including water, but excluding glycerin, will weaken
some locations of a polystyrene molecular system and will initiate parallel
crazes perpendicular to the applied tensile stress field. The density
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distribution of craze development depends on the composition of the
chemical compounds. Mechanical stressing, without chemicals, produces
crazes, but both the shape and density of the crazes are different from
those produced in a chemical environment. Laser diffraction seems to be
quite sensitive to the shape and distribution of crazing. The use of the
diffraction technique in a quantitative analysis of crazing processes is
feasible. A careful systematic study to this end seems highly desirable.
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The Fracture Energy of Low Molecular
Weight Fractions of Polystyrene

RICHARD E. ROBERTSON

Scientific Research Staff, Ford Motor Co., P. O. Box 2053,
Dearborn, Mich. 48121

The fracture energies (G,,) of narrow fractions of low
molecular weight polystyrene were measured. The fracture
energy of the highest molecular weight fraction (111,000)
depends on the nature of the crack formed, a phenomenon
thought to arise from subsidiary crazing. The lowest frac-
ture energy for this fraction was 27.4 J/m? which is lower
than obtained previously on similar materials and may repre-
sent the absence of subsidiary crazing. The fracture energy
of the lowest weight fraction studied (3550) was still about
four times that needed to create the surfaces of the crack,
though the energy seems to extrapolate to this value at
monomeric molecular weights. Only a thin layer of the
material is needed—particularly advantageous when only
small amounts (< 1 g) of polymer are available.

Al important strength characteristic of all brittle materials is the frac-

ture energy. This is the energy required to propagate the already
formed cracks or crack nuclei which always exist in real materials. The
fracture energy is obtained from an energy balance with the strain energy
available to initiate crack growth. Because the fracture energy is inde-
pendent of crack or flaw size, unlike the tensile strength, it describes
strength better than the tensile strength does for new experimental mate-
rials, for example, where large flaws may arise from impurities or from
unrefined molding and shaping procedures. Until now, however, the
techniques for measuring the fracture energy required larger amounts of
material than are usually available with a new material. In this report
we describe a method of measurement that requires less than 1 g of mate-
rial (often much less) and that can also be used for very brittle polymers.
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To illustrate the advantages of the technique, we apply it to narrow
molecular weight fractions of low molecular weight polystyrene.

The technique involves sandwiching the material between two pieces
of a different polymer. The general requirements for the second polymer
are: (a) that it be incompatible with the first, (b) that it have a similar
thermal expansivity over the temperature range for which the two poly-
mers are glassy to avoid shrinkage stresses, and (c) that there exist for
the two a good, low-boiling, common solvent. Also, a clear sandwiching
material would enhance measuring the layer thickness and viewing the
crack. Poly(methyl methacrylate) is eminently suitable as the sandwich-
ing material for studying narrow molecular weight fractions of poly-
styrene, and methylene chloride is an appropriate common solvent.

Experimental

Specimen Preparation. The polystyrenes examined are described in
Table I. Each was tested and found to be incompatible with the poly-
(methyl methacrylate); another polystyrene of molecular weight ca. 2000
was not incompatible and could not be used. The poly(methyl methac-
rylate) (PMMA) used for sandwiching the polystyrene was Acrylite cast
sheet (American Cyanamid Co.) of molecular weight 3.1 million. The
cast sheet has a surface roughness that is much less than the thickness of
the polystyrene layers (about 10 um). A Y-inch thick sheet was used,
but later it had to be thinned to improve the accuracy of the measure-
ments. After cutting to 2% X 2% inch and removing burrs, the protec-
tive paper was removed, and the pieces were washed in two changes of
methanol—each with 2 min of ultrasonic agitation to ensure complete
removal of the pressure sensitive adhesive used to bond the protective
paper. Then the pieces were rinsed in distilled water, and the water
droplets were removed by a stream of Freon gas.

The sandwiches were made by dissolving the polystyrene (PS) in
methylene chloride and by squeezing a layer of this solution between two
pieces of PMMA. The final polystyrene layer was approximately 10 ym
thick. To ensure that a ternary solution did not develop between the
PS, PMMA, and methylene chloride, which might phase separate to leave
PMMA particles in the PS, solution concentrations were used for which
the expanded polystyrene molecules tended to overlap. The overlap of
the PS coils seems to avoid a ternary solution because even the two parts
of PS-PMMA block copolymers seem to avoid each other in solution (I).
An estimate of the concentration at which the polystyrene coils in methyl-
ene chloride overlap and essentially fill the entire solution space can be
obtained by assuming that the radius of the coil is approximately equal
to the radius of gyration of the molecule in a Flory or theta solution.
The radius of gyration equals ((r,2)/6)'2, where (r,2)}/? is the mean end
to end distance. The latter for polystyrene is 0.670 M*/2 A, where M is the
molecular weight (2). The concentration at which the coils of molecular
weight M fill the whole solution space in a Flory solution is

Teo = 19.4/M/2 (1)
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TableI. Polystyrene

Molecular Weight Fracture
Zto, Conc.,  Energy,
Peak My My g/ml g/ml J/m? Source®
3,550 4,000 3,100 0.325 0.360 0.34 WA
10,300 (10,300 =+ 3%) 0.191 - 0.248 0.60 AL
20,500 20,800 20,200 0.135 0.149 0.94 WA
34,500 36,000 33,000 0.104 0.132 1.64 WA

111,000 111,000 111,000 0.0581 0.0664 27.4-166. WA
¢ WA = Waters Associates; AL = ArRo Laboratories.

The values for x;, for each molecular weight are given in Table I. Con-
centrations lower than these will still give complete overlap in a good
solvent like methylene chloride because the coils are more expanded. In
our previous work with this technique for measuring fracture energy (3),
we found that a growing crack would not stabilize within layers less than
about 1 um thick. Hence, to ensure that the crack would grow only within
the layer, a thickness of around 10 um was desired; it also required solu-
tion concentrations of 0.1 g¢/ml. For measuring the layer thickness, 0.12
mg/ml of rhodamine B dye was added to each solution. At 460 nm,
1 pg/ml of rhodamine B in methylene chloride has an absorbance of 0.19
in a 1-cm thick cell.

After assembling, the PMMA-PS-PMMA sandwiches were dried for
one week at room temperature and then for 4 days at 60°C. There was a
tendency for the lower molecular weight polystyrene sandwiches to frac-
ture from shrinkage while drying. These were rebonded in a vacuum
oven. The specimens were clamped between glass plates with spring
loaded clamps and placed in the oven. The oven was evacuated and then
heated to approximately 150°C for % hr before air was readmitted. After
another 15 min at this temperature, the oven was allowed to slowly return
to room temperature.

After drying (and rebonding when necessary), the 2% X 2% inch
sandwiches were cut into specimens approximately %2-inch wide. A
groove 1.4 mm wide and 6 mm deep was machined in one end, which
removed the PS layer and adjacent PMMA, to allow insertion of the
cleavage wedge. The other end was machined flat to act as a base. The
specimens were clamped across the PS layer during the machining to
avoid fracture.

Mechanical Tests. The method for measuring fracture energy is
shown in Figure 1. The cleavage wedge is driven into the top of the
double-cantilever-beam specimen, forcing the two ends apart. Until a
critical separation between the ends is reached, which depends on the
length of the crack, ¢, the crack remains stationary. On reaching this
separation, the crack begins to grow, but will come to rest again, or is
arrested, at a new length ¢’ if the separation of the ends is constant. By
driving the wedge further into the specimen a new critical separation is
reached, and the crack grows again; this is followed by growth arrest. In
this way a series of measurements of critical separation and crack length
corresponding to both crack growth initiation and arrest can be obtained
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b

Figure 1. Cleavage experi-
ment: the wedge is driven
downward into the specimen BOND Tz.
and the crack is initiated be- LINE
fore the experiment begins.
Parameters to compute the
fracture eneriy: ¢, the length
of the crack below the appli-
cation of the stress at the top;
d,, the distance between the
outside edges of the specimen
at the top as the crack begins )

to grow. 7777777777777

from the same specimen. This method of cleavage superimposes a com-
Eressive stress parallel with the crack path which helps to keep the crack

om running off to the side of the specimen. The critical separation is
determined by measuring with a micrometer the total distance across the
top of the specimen, d., and by subtracting the thickness of the beams,
2h. The crack length, ¢, from where the stress is applied at the top of the
specimen is measured with a cathetometer.

The fracture energy can be obtained from these measurements of d.
and ¢ by using an expression derived by Kanninen (4). When the crack
tip is no closer to the end of the specimen than the thickness, 2h, a suitable
approximation, which also accounts for the groove in the top of the
specimens, is (3)

3 (de— 2P EMm B\ 1\*
Gre = 16 AT T 064 /e {1 + [(h_) - 1] (E) } ®

where h is the thickness of the beam on each side of the crack; b’ is the
thickness on each side of the groove; I is the depth of the groove, and E
is Young’s modulus of the beam material (the PMMA). The subscripts
of G refer to mode I fracture, to the mode characteristic of cleavage, and
to the condition of crack growth. The symbol G; without the subscript ¢
refers to the rate, with respect to crack growth, at which the strained
specimen releases strain energy which may or may not be sufficient to
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initiate crack growth. Note that the dimension perpendicular to the plane
of Figure 1, the width, does not enter the expression; it is assumed to be
constant for the full length of the specimen.

The characteristic of fracture conveyed by Gi. is sometimes expressed
in two other ways. The first is the fracture toughness, Ky, which is related
to Gy, by the equation

ch = (E GIc)l/2 (3)

For bulk specimens, K, and G;. convey the same information. However,
for adhesively bonded structures, such as the specimens described in this
report, K;. and Gy, differ. E in Equation 3 is the modulus of the adherend
(the PMMA) rather than the adhesive, and so Ki. is not characteristic
solely of the PS layer but of the composite as a whole. The other expres-
sion for fracture behavior is the effective fracture surface energy, v. It is
related to the fracture energy by
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Figure 2. Measured fracture energy (Gy,) vs. molecular weight
(distribution peak) for narrow molecular weight fractions of
polystyrene
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Y= Glc/2 (4)

The factor of 2 arises from the fact that as the crack advances, the exposed
surface area increases twice as rapidly as the area of the crack because
each side of the crack is counted separately. The use of vy is mainly his-
torical and is significant only in the rare instance when the crack growth
criterion is dominated by the energy required to create new surface.

Results

The fracture energies for polystyrene computed from the measure-
ments of ¢ and d. with Equation 2 are shown in Figure 2 as a function of
molecular weight. All of the individual fracture energies obtained from
propagating a single crack in a specimen (as many as 14) were averaged;
they are plotted in Figure 2. Also shown by line segments are plus and
minus one standard deviation. Once a crack was formed in a specimen,
approximately the same energy was required to advance it further each
time. Hence, the standard deviation for the set of measurements was
generally little more than 10% of the mean fracture energy, and this
variation arose in part from the following two experimental problems:
(a) with the more brittle polymers, where the cleavage pressure needed
for crack growth is small, just the measurement of the distance across
the top with the micrometer can change the separation; (b) the increases
in cleavage pressure to initiate crack growth sometimes could not be
made in small enough increments, especially with the more brittle poly-
mers. On the other hand, crack propagation can vary over the specimen;
this was reflected in subtle changes in the almost featureless fracture
morphology. The average fracture energies are included in Table I.

Discussion

For the four lower molecular weight materials in Figure 2, the two
or three specimens that were tested gave essentially the same fracture
energy. For the highest molecular weight, however, different cracks gave
different fracture energies; though within 99% confidence limits, the
five data points in the range 2040 J/m? are consistent with the average
fracture energy of 27.4 J/m? The eight data points for this molecular
weight were obtained from five specimens. In the specimens used for
more than one datum, the crack was healed between tests by heating
above 100°C for 14 hr and then reinitiated. It is not uncommon for
different cracks to yield different fracture energies (5, 6). Marshall
et al. (6) note that the fracture energies obtained by various workers,
including themselves, on various styrene homopolymers of commerce
have varied from approximately 200 to 7200 J/m? Though some of this
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variation may arise from material difference, much of it depends on the
multiplicity of crazing that accompanies crack growth (5, 6). 27.4 J/m?
is the lowest fracture energy reported for a polystyrene molecular weight
above 10°. Hence it may represent the minimum fracture energy that
occurs in the absence of subsidiary crazing. The three data points at
higher energy may then represent the inclusion of some subsidiary crazing.
It is possible that the occurrence of subsidiary crazing requires a mini-
mum polystyrene layer thickness. The layer thickness of the specimens
giving the three highest fracture energies was around 10 um; for those
giving smaller energies, it was around 7.5 pm.
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Figure 3. Fracture energy vs. molecular weight of poly-
styrene and poly(methyl methacrylate)

In the only other studies of fracture energy vs. molecular weight
known to us, Berry (7) and Kusy and Turner (8) examined poly(methyl
methacrylate) (see Figure 3). The rapid fall in fracture energy below
a molecular weight of 10° is characteristic of both polymers.

The fracture energy of polystyrene is a combination of the plastic
energy needed to form crazed material from uncrazed material, the energy
to create the exposed surface in the craze, the elastic strain energy stored
in the craze, and the energy to create new surface when the craze ruptures
(5, 9). As the molecular weight decreases, the amount of crazing and
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each of the contributions to the fracture energy decrease, except that
needed to form the surface of the crack. We estimated the energy re-
quired to form new surface by using the surface energy extrapolated to
20°C from that for molten polystyrene obtained by Wu (10), which is
0.0407 J/m? Our lowest molecular weight specimen, with a contour
length of approximately 85 A, has a fracture energy that is still approxi-
mately four times that needed to form the surface area of the crack.
However, the fracture energy for polystyrene seems to extrapolate to the
energy needed to form the crack surface (0.082 J/m?) at monomeric
molecular weight (see Figure 3).
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Plane Strain and the Brittleness of Plastics

A.F.YEE, W. V, OLSZEWSK]I, and S. MILLER

Synthesis and Characterization Branch, Chemical Laboratory,
General Electric Corporate Research and Development Center,
Schenectady, N. Y.

Double-grooved specimens were used to study the failure
of PC, PC/PE, PET, ABS, and HIPS during transitions from
plane stress to plane strain. The yield behavior of PC is
consistent with a von Mises-type yield criterion; plane strain
reduces its elongation. The yield behavior of PC/PE is
consistent with a Tresca-type yield criterion; plane strain
appears to be relieved by voiding around the PE particles.
PET undergoes a ductile-to-brittle transition; its behavior
is consistent with a von Mises-type yield locus intersected
by a craze locus. The yield behavior of ABS and HIPS is
not significantly affected by the plane-stress-to-plane-strain
transition. Plane strain alone does not necessarily cause
brittleness.

When notched polymer specimens are subjected to rapid tension or

flexure, brittle failure frequently occurs. Whether or not a notched
specimen fails brittlely at a given temperature depends on the sharpness
of the notch, the thickness of the specimen, and the speed of deformation.
Sharpness, thickness, and speed are all relative and interdependent terms.
The particular combination of these three variables that causes a ductile-
to-brittle transition depends on the polymer and the thermal-mechanical
history of the specimen being tested. For example, the notched Izod
impact strength of polycarbonate has been investigated by systematically
changing only the following variables: notch sharpness (1), specimen
thickness (1, 2), speed (3), degree of annealing (1, 4), etc. In each case
a ductile-to-brittle transition has been observed.

In the notched Izod impact test, with the exception of some rubber
modified plastics, the fracture surface of a specimen that has failed
ductilely exhibits significant inward collapsing on the sides of the impact
bar near the notch, indicating that a large amount of plastic flow has
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I

A\
Figurel. Typical appearances
of failed notched Izod impact

specimens DUCTILE BRITTLE

taken place. In contrast, the fracture surface of a specimen that has
failed brittlely has sides that remain straight and is relatively flat and
featureless on a macroscopic scale (Figure 1). Therefore, the ductile-to-
brittle transition is thought to be caused by a plane-stress-to-plane-strain
transition (5).

The stresses near the root of a notch are extremely complex; and the
stress analysis becomes exceedingly difficult when the strain is large, as
is the case when yield or failure is imminent. A sharp notch causes
constraints and introduces a state of triaxial tension behind the root of
the notch (5). This state of stress is consistent with LeGrand’s observa-
tion of the growth of a flaw behind a notch in a bar of polycarbonate (4).
A blunt notch causes constraints when the thickness of the specimen is
large. Such a notch can also introduce a state of triaxial tension. While
it is desirable to investigate the behavior of polymers in a well-defined
state of triaxial tension, it is difficult to accomplish experimentally. How-
ever, as we demonstate below, a state of plane strain is relatively easy to
produce. The relationship between plane strain and brittleness of plastics
is the subject of our investigation.

Consider a body in the Cartesian coordinates x,, x;, and x3. Plane
strain is defined as the state the body is in when the displacement vector
p1 vanishes and when the orthogonal displacement vector components
p2 and pg are functions of x, and x; only (6). Although not rigorously
correct, we will substitute strain ¢ for displacement u in the above defi-
nition to simplify the following discussion.

The yield criteria of polymers have been reviewed by Ward (7) and
more recently by Raghava et al. (8). Except for the craze yield criteria
of Sternstein and Ongchin (9) and Bowden and Oxborough (10), most
of the yield data can be described by a pressure-modified, von Mises-yield
criterion. The corresponding yield surface is everywhere convex. A
typical yield locus on the ¢1-02 plane is shown in Figure 2. If the assump-
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tion of the normality rule is correct for polymers (11, 12), then the strain
vector ¢ is normal to the yield locus. [Strain is a tensor; however, for
convenience it will be treated here as a vector.] The plane strain point
of ¢, = 0 on this locus can then be located by drawing a tangent to the
locus such that it is perpendicular to the o, axis; this is because the strain
vector at the tangential point has zero component in the x; direction.
This point is interesting because here ¢; changes from tensile(+) to
compressive( —). Consequently the region of the yield locus in the first
quadrant bound by the two plane strain points (¢ = 0 and e, = 0) is
where both ¢ and ¢; are > 0. For a hypothetical, two-dimensional mate-
rial, the stress states in this region could lead to voiding. For a real three
dimensional material, a volume dilatation takes place when e, + €2 + €
> 0, thus 3 > —e; must be satisfied for dilatation. This can come about
as a result of the contraction ratio being smaller than % or as a result of
geometric constraints or rigid particle inclusions. [Contraction ratio is
the ratio of lateral contraction to axial elongation in a tensile test.] For a
viscoelastic material, one other effect that must be considered is the time
dependence of Poisson’s ratio (13). For example, lateral contraction can
lag behind longitudinal stretching when such stretching takes place
rapidly, thus producing time dependent dilatation. Dilatation presum-
ably causes voiding and finally crazing (14, 15) and brittle fracture.

PLANE STRAIN
€, =0

)
a

Xz

x;\/x|

Figure 2. Von Mises-té/pe polymer yield locus with tensile plane
strain (e; = 0) indicated. Convention for coordinates is also shown.
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However, not being able to independently control 3, our investigation is
limited only to observations of yield behavior made during a controlled
plane-stress-to-plane-strain transition.

Specimen

Tensile plane strain can be created by pressurizing a fixed-end thin-
walled tube or, more simply, by imposing elastic constraint on the edges
of a wide strip tensile specimen. Corrigan et al. used a specimen with
grooves machined on both sides of a weldment to test the biaxial strength
of welds in steel (16). Whitney and Andrews tested PMMA in tensile
plane strain by clamping a wide thin sheet in wide grips (17). However,
the distance between the two grips was so large that it is doubtful that
plane strain was obtained. Recently, Lee tested wide HIPS strip speci-
mens with grooves at oblique angles to the tensile axis to vary the
biaxiality, including plane strain (18). The stress distribution in a
biaxial strip test for polymeric materials has been theoretically analyzed
by Cost and Parr (19). Their results can be used to aid in the design
of the specimen geometry and the interpretation of the results.

The specimen we used is illustrated in Figure 3. The ideal specimen
profile dimensions have been found to be T — 3¢ and b — 3t to 5t (16,

—t

g e

7
+

— e

Figure 3. Shape of the specimens. Notations for the dimen-
sions and coordinates are also shown.
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18, 20). Elastic constraint is effected when the strip width W is large
compared with b, but non-zero transverse strains exist (i.e., ¢ % 0) at
the groove edges regardless of W. If the specimen is narrow, these finite
transverse strain zones overlap and the stress in the specimen is nearly
uniaxial. If the specimen is wide, plane strain (e = 0) is realized in a
substantial portion of the specimen. This situation is schematically illus-
trated in Figure 4. Cost and Parr have shown that W/b has to be five
in order that 80% of the specimen will be within 10% of the axial stress
that an ideal infinitely wide specimen would have. They have also shown
that differences in Poisson’s ratio can be accounted for by a simple
scaling factor (19). Since most rigid polymers have Poisson’s ratio be-
tween 0.3 and 0.4, we expect substantial plane strain when W/b > 5.
In these experiments b was fixed in all cases. However the thickness ¢
was more difficult to control because of machining accuracy limitations.
In plotting the data, smaller scatter was obtained by plotting yield stress
against W/t.

The tensile yield stress variation as a function of W for a material
which has a von Mises-type yield locus is illustrated schematically in
Figure 5. This variation is caused by the fact that as the width of the
specimen increases, the biaxiality also increases toward the asymptotic
value at plane strain. If the material obeys the von Mises yield criterion
exactly, the plane strain yield stress should be 15% higher than it would
be for simple tension. On the other hand, if the material obeys the
Tresca yield criterion, the plane strain yield stress should be identical
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Figure 5. Schematic of yield stress (in
the x, direction) vs. W/t for a von
Mises-type polymer

to that of simple tension, and no variation in yield stress with respect to
W is to be expected.

At large W/b, the stress path, i.e., the ratio of ¢,/02 as o2 increases,
is calculable (2I), provided that the Poisson’s ratio along the path is
known. Since Poisson’s ratio (if indeed it can be defined for finite strain)
varies from about 0.4 typically to about 0.5 at yield, the stress path is
not radial, i.e., o,/02 is not constant. This situation is illustrated sche-
matically in Figure 2. Since accurate values for Poisson’s ratio of the
polymers tested are not available, the path dependence of our results
will have to await further investigation.

Experiment and Results

We have tested the following polymers: polycarbonate (PC), poly-
carbonate/4% polyethylene blend (PC/PE), poly(ethylene terephthal-
ate) (PET), ABS, and impact modified polystyrene (HIPS). All mate-
rials except PC were compression molded into nominal Yg-inch sheets.
The PC used was an Ys-inch extruded sheet heat-treated in a manner
previously described (22). These PC specimens were considered to be
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Figure 6. Yield stress (a,) vs. W/t for PC and PC /PE



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch008

8. YEE ET AL. Plane Strain and Brittleness 103

isotropic since the tensile strengths taken along and perpendicular to the
extrusion direction were identical within experimental error. Observation
of birefringence also indicated a satisfactory degree of macroscopic
homogeneity in the plane of the sheet. All sheets were milled to 0.100-
inch thick. The grooves were machined to b — 0.125 inch and ¢t =
0.045 == 0.005 inch. The corners at the base of the grooves are rounded
off to a radius of 1/64 inch. Ten specimens each of W = 0.1, 0.3, 0.5,
0.75, 1.0, 1.5, and 2.0 inches were tested for each material.

The specimens were stretched in a floor model Instron between
2-inch wide grips at a crosshead rate of 0.5 inch/min. Temperature was
23 = 1°C, but humidity was not controlled. Proper alignment was very
important for the wide specimens.
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Figure 7. Yield stress (a,) vs. W/t for PET
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Figure 8. Yield stress (o3) vs. W /t for ABS and HIPS

Yield stress vs. W/t curves are plotted for PC and PC/PE in Figure
6, PET in Figure 7, and ABS and HIPS in Figure 8. Unless otherwise
indicated, the average deviations are about the size of the symbols. The
data near W/t = 0 are from testing conventional dog-bone type tensile
specimens.

At W/t —20 (W/b—T), the PC specimen was essentially at plane
strain because the yield stress approached an asymptotic value, as de-
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picted in Figure 5. The ratio of this asymptotic yield stress and the
extrapolated W/t = 0 yield stress, which is the ratio of plane strain yield
stress to simple tension yield stress (ops/o¢), is about 1.2. Data taken
from the work by Raghava et al. (8) indicate a ratio of about 1.1. The
difference can be attributed to three possible factors: anisotropy, stress
concentration, and precision. While the PC sheets have planar isotropy,
they may still have normal anisotropy undetectable by the methods used.
Normal anisotropy is expected to increase the ops/o¢ ratio. Cost and
Parr found severe stress concentrations near the groove edges (19) which
may drop the overall yield stress to a lower value, thus increasing the
ops/ oy ratio. The average deviation of the data is about 1%, and it cannot
account for the magnitude of the difference.

At the speed of testing used, none of the PC specimens, including
those at plane strain, failed brittlely. However, the specimens at plane
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Figure 9. Yield stress (o) v;i)crosés‘head rate for PC /PE with
W/b=

strain failed at consistently smaller elongations than those not at plane
strain. We were not able to determine with precision the difference in
elongation between the two cases since at small W/¢ the specimens were
rather small and the scatter in measured elongation was quite large,
probably because of artifacts introduced during specimen preparation.
We subsequently tested 1-inch wide (W/b — 8) specimens at speeds
up to 6000 inches/min, but none failed brittlely. In contrast, during
preliminary experiments using compression molded ¥-inch thick PC
sheet, two specimens at W/b — 16 failed in a completely brittle manner
(23). Examination of the fracture surface revealed regions of mirror-like
appearance typical of slow crack growth. Interference fringes were also
observed, indicating the presence of a broken craze layer. With the
exception of these two specimens, the preliminary set and the present
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Figure 10. Scanning electron micrograi:h of brit-
tle fracture surface in PC /PE. PE is in the form of
light-colored spherical particles.

Figure 11. Scanning electron micrograph of duc-
tile fracture surface in PC/PE. PE is in the form
of light-colored spherical particles.

105
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set of data are identical. The brittleness of the former set at plane strain
is doubtless the result of its thermal history.

The yield stress of PC/PE appears to be a very weak function of
width. None of the specimens failed brittlely. However, in the region
beyond W/t = 20 (W/b = 7), the specimens failed by voids which
formed and coalesced in the groove. The appearance of the voids in the
groove separated by thin strands of the polymer is similar to photo-
micrographs of thin crazes. We tested additional 1-inch wide (W/b = 8)

Figure 12. Four PET specimens of

increasing width. First three failed duc-

tilely. Fourth oge alt larger W/t was
rittle.

specimens of this material at 0.5, 2.5, 50, 500, 3750, and 5000 inches/min.
The yield stress increased monotonically until 5000 inches/min where
the specimen failed in a completely brittle manner (Figure 9). An SEM
micrograph of this specimen failure surface shows that the matrix has
failed cohesively (Figure 10). The spherical PE particles appear to have
simply been pulled out. By comparison, an SEM micrograph of a ductile
failure surface (Figure 11) shows that voids have formed around the
PE spheres and that there is extensive plastic flow in the matrix. Con-
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(a) (b)

Figure 13. Transmission electron micrographs of ABS: (a) narrow specimen
(W /b = 2); (b) wide specimen (W /b = 14). Stretching direction is perpendic-
ular to the crazes.

(a) (b)

Figure 14. Transmission electron micrographs of HIPS: (a) narrow specimen
(W/b = 2); (b) wide specimen (W /b = 14). Stretching direction is perpendic-
ular to the crazes.



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch008

108 TOUGHNESS AND BRITTLENESS OF PLASTICS

ventional dog-bone type specimens of this material do not fail brittlely
even at a cross-head rate of 6000 inches/min (3). Thus, a combination
of plane strain and high deformation rate brought about brittle failure.

As a result of the compression molding conditions used the PET
specimens were highly crystalline. Up to W/t — 20 (W/b — 7) PET
failed ductilely, forming well defined shear bands within the grooves.
Where the bands intersected, voids eventually appeared. These voids
then coalesced and finally caused the specimen to fail. At W/t > 20
(W/b > T) all failures were brittle (Figure 12). This fact is reflected
in the much larger scatter of the yield stress of the three widest speci-
mens. In contrast to PC, PET does not go through a high yield stress
region but enters directly into a completely brittle region. Examination
of the fracture surfaces revealed areas of cohesive failure.

The yield stresses for ABS and HIPS increase with W/t up to about
W/t — 25 (W/b — 9) and then decrease. The failure characteristics—
i.e., stress whitening, fracture surface morphology, etc.—do not change
appreciably throughout the range of W tested. We have taken trans-
mission electron micrographs of osmium tetroxide stained specimens of
fractured samples of ABS and HIPS. Figures 13a and 14a are micro-
graphs taken near the edge of narrow (W/b — 2) specimens of ABS
and HIPS, respectively. Figures 13b and 14b are micrographs taken
near the center of wide (W/b — 14) specimens of ABS and HIPS,
respectively. The two micrographs of each material are indistinguishable
from each other.

Discussion

We have observed four distinct types of plane stress/plane strain
yield behavior: (a) PC, (b) PC/PE, (c) PET, and (d) ABS and HIPS.
These are discussed separately.

PC. Plane strain not only increases the yield stress of PC, in agree-
ment with published data (8) and theoretical predictions, but also
brings on reduced elongation. The latter observation appears to be
consistent with the fact that notched Izod impact strength is lowered
when plane strain sets in because of notch width (1, 2), temperature, or
notch radius (I), or annealing (1, 4). However, even though total
elongation at plane strain is reduced, there is still some plastic flow
after yield which appears to be inconsistent with the relatively featureless
fracture surface of a PC specimen that has failed brittlely. This apparent
inconsistency may be caused by strain rate and/or triaxilality. At a test
speed of 6000 inches/min, the strain rate in the grooved section is in the
order of 10* min™, probably orders of magnitude lower than the local
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deformation rate ahead of a flow in a notched specimen in impact flexure.
Such high strain rates may cause brittle fracture. Triaxial tension may
also create voids which can lead to fracture. Thus, even though plane
strain is always associated with brittle fracture in PC, it alone is not
sufficient to cause the brittleness.

PC/PE. In the case of PC/PE, plane strain alone does not produce
significant changes in the yield stress and the deformation behavior. Its
yield locus in the tension—tension quadrant is therefore either very nearly
a quarter circle or similar to a Tresca locus. The exact shape of the locus
can be determined only by much more elaborate biaxial tests. This mate-
rial is not very notch sensitive compared with PC. The energy to break
in a notched Izod impact test is 15 ft-Ib/inch for ¥s-inch thick bars and
11 ft-Ib/inch for Y4-inch bars whereas for PC the latter figure is about
2 ft-Ib/inch. This reduction in notch sensitivity over pure PC appears
to be related to the material’s ability to void internally, probably reliev-
ing the plane strain.

PET. The behavior of crystalline PET at plane strain can be explained
if its yield locus is similar to that of PS and PMMA (9, 10) where a
craze locus intercepts the shear yield locus. The transition at plane
strain to a craze locus would account for the brittleness. This transition,
which takes place quite sharply at W/t — 23 (W/b = 8), is probably
the cause for the low impact strength (< 1 ft-Ib/inch) of the Y-inch
thick notched bars. The plane strain brittleness can be avoided if the
geometric constraints can be removed, such as making the notch less
sharp or making the test bar thinner. In fact, unnotched bars of PET,
equivalent to having an infinite notch radius, are quite tough. The notch
sensitivity of PET is typical of crystalline polymers.

ABS and HIPS. The yield stress vs. W/t curves of ABS and HIPS
are very similar. They are somewhat surprising because the yield stresses
reach their respective maximum values near the W/t (or W/b) where
plane strain predominates. This behavior is not predicted by either
the von Mises-type or the Tresca-type yield criteria. This also appears
to be typical of grafted-rubber reinforced polymer systems. A plausible
explanation is that the rubber particles have created stress concentrations
and constraints in such a way that even in very narrow specimens plane
strain (or some stress state approaching it) already exists around these
particles. Consequently, when plane strain is imposed on the specimen
as a whole, these local stress state are not significantly affected. This may
account for the similarity in the appearance of fracture surface electron
micrographs (Figures 13a, 13b, 14a, and 14b), but the yield stress varia-
tion is still unexplained.
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Conclusion

We have used double-grooved specimens to study systematically the
yield behavior of the polymers PC, PC/PE, PET, ABS, and HIPS as
they undergo transitions from plane stress to plane strain. Four distinct
types of behavior have been observed:

(a) PC: The yield stress increases to an asymptotic value as plane
strain predominates. Total elongation is reduced by plane strain. The
yield stress variation as a function of biaxiality is consistent with a
von Mises-type yield criterion.

(b) PC/PE: The yield stress is a very weak function of biaxiality.
It is consistent with a Tresca-type yield criterion. Brittleness in plane
strain occurs only at very high strain rates. In ductile failure the PC
matrix voids around the PE particles. This appears to be the mechanism
that relieves plane strain.

(c) PET: The yield stress increases to a maximum with increasing
extent of plane strain. After the maximum the material fails brittlely.
This behavior is consistent with a von Mises-type yield locus that is
intersected in the tension-tension quadrant by a craze locus.

(d) ABS and HIPS: The yield stress increases to a maximum but
then decreases with increasing extent of plane strain. The amount of
stress whitening, crazing, and the fracture surface morphology are
unaffected by the biaxiality.

We conclude that plane strain alone does not necessarily cause
brittleness even though brittle fracture surfaces can always be charac-
terized as having failed in plane strain. One possible way to relieve plane
strain is to include rubbery materials.
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The Transition from Ductile to Brittle
Behavior of a Semicrystalline Polyester
by Control of Morphology

CHARLES L. BEATTY and WALTER ]J. STAUFFER
Xerox Corp., Webster Research Center, Webster, N.Y. 14580

Significant variation of the ultimate mechanical properties
of poly(hexamethylene sebacate), HMS, is possible by con-
trol of thermal history without significant variation of per-
cent crystallinity. Both banded and unbanded spherulite
morphology samples obtained by crystallization at 52°C
and 60°C respectively fracture in a brittle fashion at a strain
of ~0.01 in./in. An ice-water-quenched specimen does
not fracture after a strain of 1.40 in./in. The difference in
deformation behavior is interpreted as variation of the
population of tie molecules or tie fibrils and variation of
crystalline morphological dimensions. The deformation
process transforms the appearance of the quenched sample
from a creamy white opaque color to a translucent material.
Additional experiments are suggested which should define
the morphological characteristics that result in variation of
the mechanical properties from ductile to brittle behavior.

The brittle-ductile transition of metals as reported by Orowan (1) is

explained on the basis that brittle fracture occurs when the yield
stress exceeds a critical value. This is based on the Ludwik-Davidenkov—
Orowan hypothesis that brittle fracture and plastic flow are independent
processes yielding separate curves as a function of temperature and strain
rate. Therefore, the operative deformation process is the one occurring
at the lower stress. The intersection of the brittle stress and yield stress
curves therefore defines the brittle-ductile transition.

About the same time Flory (2) proposed that the tensile strength of
polymers is related to the number average molecular weight. Vincent
followed with an analysis of polymer mechanical property behavior as a

112
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function of molecular weight similar to that used by Orowan (3). The
brittle strength of the polymers studied (polystyrene, polymethyl meth-
acrylate and polyethylene) was determined at —180°C (4). This analy-
sis aided in the classification of polymers as brittle or ductile and sug-
gested factors affecting the brittle—ductile transition (e.g., notching, side-
group size, crosslinking, plasticizers, orientation, etc.).

Recently Moore and Petrie (5) have demonstrated that control of
sample thermal history can result in transition from ductile to brittle
behavior for polyethylene terephthalate. This transition in behavior was
related to volume relaxation of the glassy state.

The effects of morphology (i.e., crystallization rate) (6, 7, 8) on the
mechanical properties of semicrystalline polymers has been studied with-
out observation of a transition from ductile to brittle failure behavior in
unoriented samples of similar crystallinity. Often variations in ductlity
are observed as spherulite size is varied, but this is normally confounded
with sizable changes in percent crystallinity. This report demonstrates
that a semicrystalline polymer, poly(hexamethylene sebacate) (HMS)
may exhibit either ductile or brittle behavior dependent upon thermal
history in a manner not directly related to volume relaxation or percent
crystallinity.

The synthesis (9, 10), dynamic mechanical (11), rheological (12),
dielectric (13), electrical (14), NMR (15), and thermal (16) behavior of
HMS and its isomeric analog, poly-2-methyl-2-ethyl propylene sebacate
(MEPS), and copolymers of HMS and MEPS have been reported.

Experimental

The poly (hexamethylene sebacate), HMS, used for these studies had
the following molecular weight characteristics: M, = 44,000, M, =
20,000, M,,/M, — 2.2.

Crystallization at 52° and 60°C was performed between polished
steel plates in an air oven following compression molding in a laboratory

ress. The filament specimen used in the quenching experiments was
abricated by (1) inverting a capillary tube into the HMS powder,
(2) evacuating the capillary and sample in a vacuum oven, and (3) ad-
mitting air pressure after the sample melted to force the sample into
the evacuated capillary tube. Note in Figure 1 that this produces a
uniform ~ 1 mm diameter unoriented specimen that is easily quenched.

A Leitz Ortholux microscope was used for the optical micrographs.
Electron micrographs were obtained by conventional techniques using
an International Scientific Instrument Co. minielectron microscope. Crys-
tallinities were determined calorimetrically from the ratio of the heats
of fusion of the semicrystalline samples measured (17) experimentally
on a Perkin Elmer DSC-1B to the heat of fusion for 100% crystalline
HMS of 32 cal/g reported by O’'Malley (9, 16). Wide and small angle
x-ray diffraction were obtained using a G.E. XRD-5 x-ray diffractometer.
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sl ¢
WESTCO1

Figure 1. Uniform, unori-
ented, quenched HMS speci-
men made by the capillary

vacuum melt technique . E———

Laue and Warhus cameras were used for the side-angle and small-angle
photographs respectively. The stress—strain data were obtained on an
electrohydraulic deformation apparatus especially built for Xerox by
MTS Systems Corp. (18). Tensile engineering stress-strain data was
obtained at 30°C and a strain rate of 0.1 in./in./min.

Results and Discussion

The existence of tie molecules and/or tie fibrils was initially demon-
strated by Keith and Padden (19, 20) via electron microscopy. The
relationship of these morphological structures to the mechanical strength
and deformation behavior of polymers has been demonstrated by Peterlin
(21) and by Becht, DeVries, and Kausch (22). Fracture during low
strain rate tensile failure can be expected to occur along a path of mini-

Figure 2. O(gtical micrographs of the (a)

banded and (b) unbande herulitic mor-
phologies obtained under di?erent crystalli-
zation conditions
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Figure 3. [Engineering stress—strain curves for HMS banded
and unbanded spherulitic specimens crystallized at 52°C and
60°C respectively

mum resistance, avoiding as much as possible the rupture of molecular
chains. That is, failure of a semicrystalline polymer above its glass
transition appears to occur with decreasing frequency at spherulite
boundaries, lamellae boundaries and intralamellae boundaries (e.g.,
Peterlin’s mosaic blocks) (21). This tendency parallels the expected
frequency of interactions between these structural units via tie molecules
and or tie fibrils. Therefore, if crystallinity is invariant, the effect of
changing the population of tie molecules can be studied directly.

HMS can crystallize in either banded or nonbanded spherulitic
morphologies as illustrated in Figures 2a and 2b respectively (14).
Banding is typical of HMS crystallized below 56°C whereas nonbanded
spherulites are formed by crystallization above 56°C (14). Banding of
polymer spherulites is thought to be related to the periodic twisting of
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Figure 4. Failure surfaces
of HMS crystallized at
60°C. Scanning electron
micrograph magnifications
are 100X and 1000X for
(a) and (b) respectively.

lamellae radiating from the center of the spherulite (23, 24, 25). Conse-
quently, little difference in bulk ultimate deformation behavior would
be expected if the interactions between crystalline entities were approxi-
mately the same. This is true as deformation of both banded and non-
banded spherulitic morphologies demonstrate essentially similar engi-
neering stress—strain curves, as illustrated in Figure 3. Both types of
spherulitic morphologies fail in a brittle fashion on the bulk scale with
the plane of failure delineating spherulitic and lamellar structural units

Figure 5. Scanning electron micrographs of drawn HMS

fibrils on fracture surface. Magnifcations are 10,000X and

15,000X for (a) and (b) respectively. The HMS sample was
crystalized at 60°C.
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shown in Figure 4. However, the scanning electron micrographs (Figures
4 and 5) show that fibrils are formed during the failure process, indicating
that extensive local deformation occurs even during bulk brittle failure.

Assuming that these fibrils are related to the existence of tie mole-
cules and or tie fibrils in the unoriented specimen, then an increase in the
number of tie molecules and or tie fibrils should change the deformation
behavior roughly in the manner described in Figure 6, where the shape,
location and magnitude of the curves are arbitrary. It is assumed that
percent crystallinity is relatively invariant.

This hypothesis is based on the following reasoning. Single crystal
mats of ductile materials like polyethylene are extremely brittle and
fragile. In this morphological structure, the crystalline regions are sepa-
rated from each other. Therefore this combination of properties corre-
sponds to the right half of Figure 6 (i.e., brittle behavior). However, as
the single crystal mat anneals, it becomes less fragile. Band and Krimm

\/\

\ DUCTILE

\

AN
N

NUMBER OF TIE MOLECULES/FIBRILS
DUCTILITY

~|_BRITTLE
BRITTLE -

QUENCHING TEMPERATURE

Figure 6. Postuated variation of the population of the tie mole-
cules and /or tie fibrils and ductility with quenching temperature
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(26) have demonstrated by infrared studies that interpenetration of
chains in different lamellae occurs during the annealing process, indicat-
ing that the increase in strength is related to interaction between crystal-
line and amorphous regions.

Finally, when the material is melted and crystallized, the material is
tough and ductile compared with the single-crystal material. Therefore,
this analogy is useful to understand the hypothesized transition from
brittle to ductile behavior based on increased crystalline—~amorphous
interactions.

The analogy for brittle behavior, if the number of crystalline-
amorphous linkages becomes sufficiently large, is taken from the behavior
of cold-drawn semicrystalline polymers. The deformation process con-
sists of separation and rotation of regions of lamellae with respect to their
original orientation in the bulk. However, these regions retain their folded
chain characteristics and are interconnected by tie molecules as illus-
trated in Figure 7 (27). The number of effective load-bearing tie mole-
cules increases with increasing deformation (i.e., draw ratio) resulting
in a higher fracture stress and less ductile fracture (28).
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Figure 7. Schematic representation of microfibrils comg:osed
of folded chain mosaic block units, tie molecules between blocks
(A) and between fibrils (B)
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Figure 8. Wide-angle x-ray diffraction pat-
terns of the (a) oriented and (b) unoriented
portions of the quenched sample

This hypothesis was tested qualitatively by varying the temperature
of quenching from the molten state. To aid in uniformity of heat transfer,
a small (~1mm) diameter cylindrical sample was quenched into ice
water. Subsequent deformation resulted in necking and cold drawing
in excess of 40% of the initial length without failure. As illustrated by
the wide angle x-ray patterns in Figure 8, the unnecked portion of the
specimen is essentially unoriented whereas the cold drawn portion is
highly oriented. Concurrent with the necking was a change in optical
appearance. The deformed portion was translucent compared with the
opaque-unoriented material (Figure 9).

Southern and Porter (29) and Kwei et al. (30, 31) have reported the
production of transparent polyethylene from normally translucent poly-
ethylene by a variety of deformation processes. The deformation process
results in crystalline entities with dimensions less than the wavelength
of light in size, thereby not causing light scattering and consequently the
resultant transparency. Similar changes in crystalline morphological
dimensions may be responsible for the transformation in optical proper-

Figure 9. Optical micrograph illus-

trating the neck between the oriented

and wunoriented portion of the
quenched specimen
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Table I. Heats of Fusion of HMS Polymer
AH°F = 8¢, % %C

Material Treatment/i.d. Runs cal/g DSC NMR
HMS filament undrawn 1 24.9, 78 68
HMS filament drawn 1 22.5¢ 70 —
HMS sample 1, T, = 52°C,

strained .1 ipm 4 24.9; = 1.03 78 —
HMS sample 1, T, — 60°C,
strained .1 ipm 3 27.50 = 0.19 86 70

®8 is standard deviation.

ties of quenched HMS as a result of deformation. The spherulitic dimen-
sions of the specimens crystallized at 52°C and 60°C are in the 100u
range. The highly deformed material is nonspherulitic.

As indicated earlier, the relationship of mechanical properties with
the population of tie molecules and or tie fibrils can be achieved provid-
ing that (1) the crystallinity is invariant and (2) the crystalline unit cell
and crystalline morphological dimensions do not change significantly.
Crystallization at different temperatures (i.e., quenching) normally re-
sults in changes in both crystallinity and morphological dimensions (i.e.,
lamellae thickness and spherulite diameter). Fortunately, the crystallinity
of HMS is relatively independent of crystallization temperature and
deformation as illustrated in Table I. The crystallinity estimated from
pulsed NMR measurements (15) was obtained on a sample of HMS of
different molecular weight (M, — 3165, MWD — 1.52) although crystal-
lized under identical conditions. The crystallinity determined by DSC for
HMS of another molecular weight (M, — 11,400 and MWD = 3.13)
was 70% and 66% for samples crystallized at 52°C and 60°C respec-
tively (16). O’Malley and Stauffer’s measurements of crystallinity of these
samples by density was 66% and 74% for crystallization at 52°C and
60°C respectively. Therefore the results from several techniques and
investigators indicate that the crystallinity of HMS is relatively inde-
pendent of crystallization conditions.

Both banded (T. — 52°C) and unbanded (T. = 60°C) spherulitic
morphologies had essentially identical stress—strain curves despite a
difference in crystallinity of 8% and variations in spherulite size for these
two crystallization conditions. These changes in crystallinity and spheru-
lite size might compensate sufficiently to allow similar bulk deformation
behavior. However, the sample crystallized at 52°C should have smaller
spherulites and thinner lamellae than the sample crystallized at 60°C
because of a greater probability of tie molecules. This, combined with its
lower crystallinity, should allow more ductile behavior for the 52°C
crystallized sample. The fact that both specimens deform similarly indi-
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cates that the number of interactions between crystalline structures is
approximately independent of morphology and crystallinity differences.
The same arguments hold in comparing the deformation behavior and
morphology of the ice-water-quenched and 52°C-crystallized samples.
However, in this case the crystallinity of both samples are identical,
indicating that only the number of tie molecules are increased, probably
by formation: of thinner lamellae and smaller diameter spherulites.

Future experiments are planned to resolve the interrelationship of
crystalline morphological dimensions and the population of tie molecules.
This can be accomplished by control of crystallization conditions and the
use of nucleating agents. That is, the size of spherulites can be varied
without variation of lamellar thickness by addition of nucleating agents
followed by crystallization at one temperature. Crystallization at different
temperatures followed by annealing will allow comparison of samples
having approximately the same lamellar thickness but different spherulitic
diameters. Comparison of properties of samples prepared at different
temperatures but with similar dimensions (obtained experimentally or
by extrapolation) will allow estimation of the effect of tie molecules.

In conclusion, the deformation behavior of poly(hexamethylene
sebacate), HMS, can be altered from ductile to brittle by variation of
crystallization conditions without significant variation of percent crystal-
linity. Banded and nonbanded spherulitic morphology samples crystal-
lized at 52°C and 60°C fail at a strain of 0.01 in./in. whereas ice-water-
quenched HMS does not fail at a strain of 1.40 in./in. The change in
deformation behavior is attributed primarily to an increased population
of tie molecules and/or tie fibrils with decreasing crystallization tempera-
ture which is related to variation of lamellar and spherulitic dimensions.
This ductile-brittle transformation is not caused by volume or enthalpy
relaxation as reported for glassy amorphous polymers. Nor is a series of
molecular weights, temperatures, strain rates, etc. required to observe
this transition. Also, the quenched HMS is transformed from the normal
creamy white opaque appearance of HMS to a translucent appearance
after deformation.
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Ductile Failure of Brittle Polymers under
Compressive Shear Stresses

SHAUL M. AHARONI
Chemical Research Center, Allied Chemical Corp., Morristown, N.J. 07960

An explanation is presented according to which ductile fail-
ure of brittle polymers occurs wheny + (AH,* — U,)/0 < o,
where v, o are the stress concentration coefficients for brittle
or ductile failure, respectively, AH,* is the activation energy
for the onset of long-range segmental mobility, U, is the ac-
tivation energy for covalent bond scission, and ¢ is the total
stress operating orthogonally to the tip of a propagating
crack. Experimental data from friction and impact loading
tests, in the presence or absence of high orthogonal stresses
demonstrate the validity of the theoretical explanation.

The literature is replete with examples showing that the application

of hydrostatic pressure enhances the ductile behavior of strained
amorphous polymers. In this paper we present a possible explanation of
this effect and two experiments demonstrating the enhanced ductility of
polymers under compressive shear stresses applied orthogonally to the
plane of shear.

The ultimate strength of ductile and brittle polymers at room temper-
ature depends linearly on the activation energy for the onset of long-range
segmental mobility, AH,* (I1). This is shown graphically in Figure 1.
Most polymers follow the same dependence of the ultimate stress y on
AH,*, the activation energy for the glass transition:

AH,*(kcal/mole) = o(kg/mm?) - o (mm?/kg) (kcal/mole) (1)

where o is the stress concentration factor for ductile failure. A smaller
group of linear polymers, all with aromatic structures in the backbone and
high ductility far below T, shows a different dependence of o on o:

(AH* — 70) (kcal/mole) = (¢ — 7) (kg/mm?) » (mm?/kg) (kcal/moltz))
2

123
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From the slopes of the corresponding lines one finds that in Equation 1,
the numerical value of o is 10 while in Equation 2, o = 43. This factor in
reality has the dimensions of volume, and to express o in A® one must
multiply the numerical values by 7.1 X 10% (1 kcal = 4.27 X 10° kg/mm
and Avogadro’s number is 6.02 X 10 (2)). Consequently, for Equation
1, o = 7,100 A3, and for Equation 2, o — 30,500 A3, For polymers obeying
Equation 1, the stress concentration factor encompasses the volume of one
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Figure 1. Relatwnshtp between ultimate stress, o, and activation energiq for
glass transition, AH,*, for 28 polymers. References for stress values are listed
in Appendix I.

or two dozen repeat units, but for polymers following Equation 2, » en-
compasses several hundred repeat units. Ductility below T, seems, there-
for, to arise from the ability of many segments to undergo cooperative
motion simultaneously.

The ductile vs. brittle behavior depends on the relationship between
the equations
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Inr = In+, 4+ (U, — ‘YO')/RT (3)
and

Inr, = Inro, + (AH,* — wo)/RT (4)

where r and r, are lifetimes for brittle or ductile failure of a sample under
the applied stress o; 7, and 7, are material constants of the same magni-
tude, 1072 to 1072 sec; vy is the factor of stress concentration for brittle
failure; U, the activation energy for mechanical bond rupture; R the gas
constant and T the absolute temperature (3). A comparison of Equations
3 and 4 reveals that when + > ., the failure will be in a ductile manner,
and when r <r,, the fracture will be brittle in character.

Under isothermal conditions, the fracture mode of amorphous poly-
mers, or of the amorphous component in semicrystalline polymers, de-
pends on the relationship between (AH,* — wo) and (U, — ys). Com-
bination of Equations 3 and 4 leads to the following relationships. If

(AH,* — wo) < (U, — 7o) (5)
the fracture will be ductile, and if
(AHy* — wo) > (U, — o) (6)

the fracture will be brittle. Rearrangement leads to two corresponding
equations. For ductile fracture

v+ (AH* —U,) /o < (7)
and for brittle fracture

v+ (AH* —U,) /o > o. (8)
At the brittle-ductile transition point

v+ (AH,* —U,) /o = w. (9)

This equation indicates that under isothermal conditions in instances
where AH,* < U,, » < 7, and the polymer will experience ductile failure.
Recognizing that the brittle stress concentration coefficient v is nearly
constant (4), the requirements for brittle amorphous polymers, whose
AH,* > U, and o > ¥, to fail in a ductile fashion are to minimize (AH,*
— U,) /o or to maximize o, or both.

If the component T of an applied compressive shear stress orthogonal
to the plane of fracture combines with the normal component oy, of the
local stress at the tip of a crack, then the combined higher stress will
minimize (AH,* — U,)/c and a more ductile failure ensues. This can
occur if the orthogonal compressive stress is locally inhomogeneous.
Hence, a polymer can fail in a more ductile fashion under orthogonal
compressive shear stresses than in their absence.
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In recent experiments, the application of stress orthogonally to a
shearing surface caused a ductile failure of brittle polymer (5, 6). In the
first series (5), a variety of plastomers and elastomers were made to slide
one on the surface of another, at a constant velocity of 215 cm/sec, under
increasing normal loads. The wear characteristics of polymers, including
several brittle ones such as PMMA and PS, depend on the applied normal
stress. At relatively low pressure, almost no wear was observable, even
under magnification; the little observed was apparently brittle, ill-defined,
microparticulate debris. At intermediate normal loads, 3 to 20 kg/cm?,
roll formation was the dominant mode of wear. Such rolls appear on the
surfaces of all uncrosslinked polymers whose T is below the test tempera-
ture and on amorphous and semicrystalline polymers whose T is above

Fi
po

'7ure 2. Wear pattern of PMMA against carbon black-reinforced

ybutadiene rubber of 70 Shore A hardness. Left: PMMA surface
(X50); Right: PMMA rolls on rubber surface (X100).

the test temperature. Among the latters one finds nylon 6, PET, PMMA
and even cured PAI (polyamideimide). For example, Figure 2 shows the
ductile wear characteristics of the brittle PMMA surface.

Under heavy normal loads, about 20 kg/cm?, ductile shear of whole
surfaces takes place. This occured for such diverse uncrosslinked poly-
mers as the ductile polypropylene and the brittle polystyrene. Layers
several thousands angstroms thick were removed from the friction surfaces
of these polymers and deposited on their corresponding counter surfaces.

In the second series of experiments (6)brittle samples were frac-
tured under heavy impact in the presence or absence of stress orthogonally
applied onto the propagating crack tip. Three modes of fracture can
exist. In the first, when no lateral stress exists, the normal component of
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Figure 3. Fracture surface of PMMA impacted under compres-
sive shear stress. Left: Magnification X18.5, fracture direction
from top to bottom. Right: The same spot, magnification X 50.

the impact stress, oyy, is in the brittle stress range o5 where the fracture is
brittle in nature. This range roughly corresponds to the Hookean part of
the stress—strain curve of brittle polymers. Under very high orthogonal
stress, when T = oy reaches the region of ductile stress op, with op > o5,
then the fracture surface will be fully ductile. These two fracture surface
types were observed under the corresponding conditions. If, however,
the combination of T + oyy is between op and op, then brittle and ductile
fracture characteristics can coexist. This is usually not observed, but under

Figure 4. Fracture surface of PS impacted under compressive

shear stress. Crack ropt(zfated from top to bottom. Left: mag-

nification X50. Right: a iﬁe(rent point on same fracture surface,
X
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impact conditions, at appropriate T 4 oy, a train of impact stress waves
conceivably can cause alternating bands of brittle and ductile fracture
surface features. This will happen when T + ¢,, at the wave peaks
reaches the op range, while T + oy, at the wave troughs will be in the o3
region. Figures 3 and 4 show, respectivély, the alternating wave patterns
formed under impact in the presence of a compressive shear stress on the
fracture surfaces of PMMA and PS.

In agreement with Equation 7, 8, and 9, the brittle-ductile alterna-
tions can be written as

v+ (AH* — U,) /(T + oyy (trough)) > o (10)
and

Y+ (AH* — U,)/(T + oy (peak)) < o (11)

Actual fractures obtained in PMMA and PS verify not only the com-
mon instances of brittleness when

T+ Oyy == OB,
Y+ (AH,* — U,) /o > (12)
and ductility when
T + oyy = op;
Y+ (AH* —Uy)/op < o (13)

but also the rarely observed case where T + oy; cyclically fluctuates from
OB to op-

The alternating wave patterns were not Wallner lines (6) and were
insensitive to temperature changes below T,. For example, alternating
patterns were generated in PMMA at several temperatures covering the
range —38° to 4+85°C. Finally under the stress conditions conducive to
the generation of alternating wave patterns in the uncrosslinked PMMA
and PS, no alternations were created in the crosslinked epoxy and poly-
ester polymers.
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The Contribution of the Linear Viscoelastic
Region to the Impact Properties of Thin
Polymer Films

E. SACHER
IBM Corp., System Products Division, P.O. Box 6, Endicott, N. Y. 13760

A linear relationship exists between the toughness (inte-
grated stress—strain curve) and the dynamic mechanical
dissipation factor. The types of materials that fit this rela-
tionship include glassy polymers, elastomers, and an im-
pregnated fabric. The existence of this relationship indicates
that toughness arises from the molecular motions which give
rise to the dynamic mechanical properties.

Athough the difficulty in correlating dynamic mechanical and impact

data has been noted (I, 2) because the former is measured in the
linear viscoelastic region and the latter is measured presumably in the
nonlinear region, it is nonetheless well documented (2-8) that various
types of correlations do exist between these two measurements.

One of these studies (7) proposed that impact strength arose from
a dynamic mechanical dissipation mechanism at the temperature and
frequency of the impact. This raises a question: whether any one
type of loss mechanism (i.e., arising from main chain local mode motions)
is better in this respect than another type (i.e., arising from branch
motions) as has been proposed (2), or whether the absolute magnitude
of the loss at the temperature and frequency of the impact is the criterion.
This assessment is the basis of the present study.

Although impact generally occurs at equivalent frequencies in the
low kHz region (9), dynamic mechanical measurement instruments are
generally confined to lower frequencies. Therefore it became necessary
to extrapolate the low kHz data to a more conveniently measurable
frequency. This was done in the following way: using the Toyo Rheo-
vibron direct reading viscoelastometer DDV-II, dissipation factors were
evaluated at the instrument frequencies of 3.5, 11, 35, and 110 Hz from
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—100° to 4100°C for the following materials: (a) 2.5-mil Dupont
Fairprene polyurethane-impregnated nylon fabric, (b) 1-mil Dupont
Kapton type H polyimide film, (c¢) 2-mil Dupont Tedlar type SG40TR
poly(vinyl fluoride ) film, (d) 2.5-mil Bayer Makrofol type KG polycarbo-
nate film, and (e-g) 15-mil samples of Conap types 4541, 4546, and 4547
polyurethane elastomer coatings which were cast on Dupont Teflon sheet,
cured according to manufacturer’s directions, and stripped. Dynamic
mechanical data indicated that samples (e-g) were elastomeric to tem-
peratures substantially below those of interest here.

Within measurement precision (*=10% ) the various peaks gave
linear Arrhenius plots with activation energies between 15 and 40 kcal/
mole. Assuming an average 25 kcal/mole, a reasonable 5 kHz impact
frequency at room temperature (25°C) would extrapolate to ca. 10°C at
11 Hz, one of the Rheovibron measuring frequencies. Therefore the
magnitude of the dissipation factor subsequently used for the correlation
was 10°C, 11 Hz.

Several difficulties are presented in evaluating impact strength: the
values determined on notched specimens (Charpy, Izod) depend on the
notch size (8); those determined on unnotched specimens depend re-
markably on strain rate (10). This latter study showed that an increased
strain rate led to increases in strength and modulus and decreases in
elongation and energy to break. Another finding is that falling weight
impact strengths, which correlated well with those obtained on a high
speed (8000 inch/min) tensile tester (10) also correlated well with the
toughness (integrated stress—strain curve) obtained on an Instron at its
highest crosshead speed (0.333 inch/sec) (1I1). In the present case,
because of instrument availability and lack of sample rigidity, the tough-
ness at 0.333 inch/sec at 25°C was used as a measure of impact strength.

The values of both toughness and dissipation factor are in Table I
and are plotted in Figure 1. In spite of the approximations and momen-
tarily excluding Tedlar, the correlation is good. The reason for the
anomalous Tedlar results is found in the stress—strain curve in which the
elongation was over 200% and in which the toughness at the yield stress
accounted for less than 2% of the total. However when the total tough-
ness for Tedlar is replaced by its toughness at the yield stress, the point
falls almost on the line, whose equation is

toughness (inch 1b/inch3) = 1.606 X 10 tan 3 —352 (1)

One should not emphasize the values of the constants in Equation 1 since
a change in measurement conditions (i.e., the dissipation factor at the
appropriate temperature at another experimentally measurable frequency)
leads to different values, although the form is retained.
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TableI. Toughness and Dissipation Factor Values

Toughness at Tan 3 at

0.333 inch/sec, 11 Hz,

Material 25°C (inch Ib/inch?) 10°C

Fairprene UN 0001 1360 378 0.12
Makrofol KG (machine direction) 2860 +356 0.18
Markofol KG (transverse direction) 2536 +240 0.18
DPPA 4541 627 4202 0.06
DPPA 4546 769 +351 0.10
DPPA 4547 769 4485 0.08
Kapton 100H 1350 373 0.09
Tedlar 200SG40TR 1350 £33 (22.5+4)¢ 0.01

@ Toughness contribution taken to the yield stress.
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Figure 1. Toughness vs. dissipation factor
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The existence of a non-zero intercept in Equation 1 is probably
attributed less to experimental precision than to variable stress relaxation:
although little stress relaxation generally occurs in high speed tensile
measurements (12), the Tedlar data clearly demonstrate how extensive
this may be. Even with the other materials, the toughness contribution
from beyond the linear region, though small, differed from material to
material. This variable contribution from beyond the linear region is
considered the major reason for the nonzero intercept.

Since tan § is equal to the ratio of the loss modulus to the storage
modulus, one might expect a correlation of the toughness with the storage
modulus. No such correlation was found—the plot appeared as scattered
points—because at 10°C, 11 Hz, the loss moduli of the samples were
neither negligible nor equal.

The correlation that exists between toughness and dissipation factor
indicates that at high strain rates toughness (and impact strength) arise
mainly from the linear viscoelastic region. Its generality is shown by its
applicability to the wide range of materials studied here: glassy polymers,
elastomers, and a polyurethane-impregnated nylon fabric. The limits of
its applicability must be defined in terms of the extent of stress relaxation
at high strain rates. As in the case of Tedlar, such an occurrence would
increase toughness so that the correlation may be viewed as existing in
the absence of stress relaxation, giving a minimum expected value of the
toughness.

One may view Equation 1 as confirmation of the previously proposed
theory (7) that impact energy is provided by a dynamic mechanical loss
mechanism in the temperature and frequency range of the impact.
Further it appears that the magnitude of the impact strength is directly
related to that of the loss regardless of the source of the loss. Since it
was previously noted (2) that losses arising from branch motions provided
lower impact strengths than those arising from main chain motions, this
finding must relate to their relative magnitudes at the temperature and
frequency of impact.

One may also consider impact strength as a function of temperature.
Polycarbonate for example has a high impact strength from —125°C to at
least +100°C (2). It also has overlapping secondary losses in this
temperature range (7). Recent work (8) showed that for several poly-
mers temperature plots of impact strength (measured in the low kHz
range) and dissipation factor (measured in the 30-300 Hz range) had
similar peaks, with those of the dissipation factor depressed 15°C below
those of the impact strength. This similarity in the temperature variation
of both quantities suggests that impact strength over a wide temperature
range arises from overlapping dissipation factor peaks whose main func-
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tion is to provide dynamic mechanical losses at the temperatures and
frequencies of the impact.

Finally one may speculate on how the structural motions that cause
the dissipation factors dissipate the energy. A recent analysis of the
structural motions giving rise to the three secondary losses in polycar-
bonate (13, 14) showed that their one distinguishing similarity is that
they all involve large entities moving cooperatively, suggesting that the
energy is dissipated through many degrees of freedom; that is, it is spread
out so that no one bond is overstressed. This implies that impact strength
may fall off at cryogenic temperatures where the losses are thought to
involve either single entities or limited motions.

As both referees pointed out, other reasons have been offered for
energy dissipation during impact. In each case however some energy
dissipating mechanism must be provided. The present work indicates
that, at least for the samples used, this mechanism is provided by the
dynamic mechanical dissipation factor. This in turn is attributed to the
fact that at the high strain rates of impact the linear viscoelastic region
is the largest, if not the only, contributor to the dissipation process.
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Contributory Phenomena to the Impact
Wear of Polymers

R. G. BAYER, P. A. ENGEL, and E. SACHER
IBM Corp., System Products Division, P. O. Box 6, Endicott, N. Y. 13760

Impact wear testing of several thin polymer films has shown
that there is little or no correlation between impact strength
and impact wear resistance. The impact wear of the films
depended strongly on thermal conditions caused by the
impact. It was found that through frictional heat genera-
tion, fretting motions during the impact can significantly
influence the wear behavior of these materials.

One application of thin polymer films is in high-speed electromechani-

cal actuators. In these applications the thin films are frequently
used to provide damping, a controlled air gap in a magnetic circuit, or
protection to some surface. In such applications, they commonly experi-
ence repeated impacts. As a result of these impacts, material is progres-
sively removed from the contact region of the film, and ultimately a hole
may be produced through the film; this process may be termed impact
wear. This paper reports on the initial results obtained in a study regard-
ing the impact wear of thin polymer films.

Experimental

The materials studied were (a) 5 mil Dupont Kapton type H poly-
imide film, (b) 2 mil Dupont Tedlar type SG 40TR poly(vinyl fluoride)
film, and (c) 2.5 mil Bayer Makrofol type KG polycarbonate film. Speci-
mens of these materials were mounted on smooth, flat steel substrates
and fastened only on the periphery, the latter being far (several times
the contact dimension) from the contact zone. The specimens were
unlubricated.

Two types of pivotal steel hammers were used to provide repetitive
impacts. One provided a 0.25-cm wide strike surface with a cylindrical
radius of 63.5 cm. This was 1.4 cm long and had an effective mass of
7.8 gms. This hammer was operated at 40 Hz, providing 31 X 10? ergs
of impact energy at a velocity of 89 cm/sec. The second hammer had a
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0.092-cm wide face with a 3.5 cm radius and was 0.3 cm long. It had an
effective mass of 0.55 gm and a velocity range of 51-380 cm/sec. This
results in a range of impact energies from 0.7-39 X 10® ergs. This ham-
mer was operated at 50 Hz. The latter hammering apparatus was used
in prior impact wear studies of homogeneous, nonpolymeric surfaces (1).
These units provided a variety of impact conditions.

Polymer samples were impacted for varying amounts, ranging from
10* to 107 impacts and with varying impact energies. Because of the
different thicknesses of the three materials, several experiments were
performed using multiple layers to give equivalent total thicknesses. It
was found that for the range of thicknesses involved in this study, there
was no significant dependence on thickness in terms of the relative wear
behavior of the material and the nature of the damage produced.

Results

Profilometer measurements of the impacted specimens revealed gen-
eral distortion of the film in and around the region of impact. By profilo-
metric measurements on both sides of the film, the amount of wear in
the contact zone was estimated. This technique provided a comparison
of wear behavior to within 15 or 20 um. In several cases the experiments
were continued until the film was worn through. In such cases the num-
ber of impacts to failure also provided a means of comparing wear
behavior. In terms of these techniques it was found that the poly(vinyl
fluoride) had the best wear resistance, followed by the polyimide. For
example, tests conducted with the larger hammer indicated that for the
same thickness, the poly(vinyl fluoride) had approximately one-half the
depth rate of wear exhibited by the polyimide.

The appearance of the impacted areas was significantly different for
the three materials. For example, evidence of charring and flow was
found in the impacted region of the polycarbonate (see Figure 1).
Charring was not observed for the other two materials. However, flow
was quite evident in the case of the poly(vinyl fluoride) while the poly-
imide exhibited a rougher, more brittle appearance (see Figure 2).

Infrared spectra of the impacted area of these materials were ob-
tained on a Perkin-Elmer 521 grating infrared spectrophotometer. Com-
parison of these spectra with those obtained from unimpacted areas re-
vealed definite changes in the structures of the poly(vinyl fluoride) and
the polycarbonate materials, with indications of possible changes in the
polyimide. Table I summarizes the changes noted for the poly(vinyl
fluoride) and gives probable assignments.

These observations of char, flow, and structural change indicate
significant temperature rises in the impacted zones of these materials,
with the implication that thermal parameters are significant in the impact
wear process. Consequently, a thermogravimetric analysis of these mate-
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Figure 1. A 130X SEM photomicrograph of

the flowing and charring of polycarbonate after

11 X 10° impacts at 40 Hz at an energy level
of 31 X 10% ergs

Figure 2. A 84.5X SEM photomicroiraph of

Kapton showing the brittle nature of the poly-

imide

Table I. Observed Changes in the Infrared Spectra
of Poly(vinyl fluoride)

Frequency (cm™) Change Probable Assignment
1710 formation C=C stretch
1505 } doublet slight increase C=CH, bending
1495 € disappear (or decrease) C—F stretch

760 formation (or increase) =C—H bending

715 formation (or increase) =—C—H bending
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rials was carried out so that the relative degree of thermal stability might
be established. A Dupont 950 thermogravimetric analyzer was used at
a heating rate of 20°C/min in air. The results of these tests are shown
in Table II along with a summary of the observed natures of the impact
areas of the three materials.

Table II also includes an estimate of the elevated temperatures
reached in the contact areas. These estimates were developed on the
basis of the TGA analysis as well as the IR data and appearance of the
damage. Any evidence of thermal flow, charring, or chemical change in
the impacted area of the film was taken as an indication that the T min
of the TGA analysis was exceeded. As shown, these estimated local tem-
peratures are quite high, and the question immediately arises as to their
sources under impact conditions. There are three possible sources for
this increase in temperature: (a) internal damping, (b) differential sur-
face displacement resulting from contact, or (c) fretting motion at the
interface induced by the impact.

Discussion

The temperature rise caused by internal damping may be estimated
in the following manner. The energy dissipated per unit volume per
unit time, q, is approximately given by

nE’”e

2

(1)

where n is the repetition rate of the impacts, E” the imaginary modulus
at the temperature and frequency of the impact, and ¢, the peak strain in
time, averaged over the contact area. Based on transducer measurements
of the most severe impact used in this study, e is estimated to be around
15%. The imaginary modulus is estimated to be about 5 X 108 dynes/cm?.
Using these values and a repetition rate of 50 Hz, g ~ 4.8 cal/cc-sec.

The associated temperature rise can be approximated by a one-
dimensional thermal analysis, assuming an internal heat source with a
strength of q. This analysis assumes constant heat rates, which implies
constant viscoelastic properties.

The appropriate heat equation is, therefore:

o

K

2 q _ 2
V2T + X (2)
where K is the coefficient of thermal conductivity, « is the diffusivity,
and 8T is the temperature rise. If we assume one surface of the polymer
to be a perfect insulator (i.e., no convection losses to the air) and the
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Table II. Summary of Impact Area Characteristics

Results of Impact TGA
Sample Char Flow Roughness Thin®(°C) Combustion
Polyimide no no yes 500 no
Poly (vinyl fluoride) no yes no 300 no
Polycarbonate yes yes no 400 yes

¢ Minimum temperature of which weight loss begins.

other to be in contact with a perfect heat sink (i.e., the steel substrate),
the equilibrium temperature rise can be shown to be given by the fol-

lowing equation:
_2akre [z
S [2h —(2h> ] ®

where h is the sample thickness and x is the distance from the infinite
sink. This expression shows the maximum temperature at the free sur-
face—i.e., x—=h. If 4 X 10 cal cm?/cc sec °C is used for K, then the
maximum temperature rise for a 2-mil (5 X 10 cm) sample is ca. 0.3°C.
This is several orders of magnitude smaller than the temperature actually
attained.

One further point regarding this mechanism should be made: the
temperature dependency of the viscoelastic properties. If the impact
condition—e.g., frequency and temperature—corresponds to an up-slope
region of the loss peaks with temperature, then the temperature will
continue to rise at an increasing rate, assuming no heat losses. However,
examination of the loss peaks would indicate that the temperature rise
caused by this effect should be less than 100°C since for these materials
there is a negative slope above 70°-80°C.

Consequently, while the above analysis of temperature rises caused
by internal friction (viscoelasticity) are approximate, they do indicate
that it is improbable that this mechanism can be the source of the high
temperatures (e.g., several hundred degrees) required to produce the
observed behavior.

The second proposed mechanism for the temperature rise is differ-
ential surface displacement. This results from the ability of the polymer
surface to slip relative to the hammer surface during the impact. It has
been shown (2) that for a cylindrical hammer the energy dissipated per
impact per width of cylinder is:

U= { W }5’1" (4)
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and Appropriate Material Characteristics

IR
Chemical Change Local® Temp (°C) Coefficient of Friction
possible but slight < 500 29
yes > 300 .26
yes > 400 40

® Estimated.

where f(p) is a function of the coefficient of friction, p, E’ is the tensile
modulus, and b is half the contact length of the cylinder and its radius, 7.
For p. of 0.2, f(u) is about 1 X 1073, Further, it can be shown by impact
analysis that b is about 4 X 1072 cm for the more severe energy condi-
tions with the smaller hammer. Assuming that E’ is 10'° dynes per cm?,
U is estimated to be 1.6 erg/cm. For a hammer width of 0.09 cm, the
energy dissipated per unit time for a 50-Hz repetition rate is 7 ergs/sec,
which is approximately 2 X 107 cal/sec. This is an extremely small
amount of power, and it therefore does not appear likely that this mecha-
nism can explain the large temperatures associated with the observed
phenomena.

The third possible mechanism results from the fretting action or
small amplitude sliding between hammer and polymer induced as a
result of vibrations in the impacting hammer. The surface temperature
rise attributed to this effect may be estimated from (3):

2pPv

8T ~ 3raK

(5)

where v is the average velocity of the tangential oscillation, a is the
equivalent contact radius, and P is the peak force during impact. Utiliz-
ing a transducer-determined P value of 2.7 X 10° dynes and an estimated
average tangential velocity of 175 cm/sec, Equation 5 gives a tempera-
ture rise of 3 X 102 to 10°°C for a and p values ranging from 107 to 102
cm and from 0.1 to 0.4, respectively. Clearly this surface friction mecha-
nism could produce the large temperatures observed.

This conclusion is further substantiated by three other observations.
First, when damping was applied to the larger hammer used in this study
to reduce vibrations, the wear scars of the polymer films were substan-
tially reduced as well. Secondly, friction measurements made against
cold-rolled steel utilizing a standard friction sled (ASTM D1894) moving
at 2 inches/min at 23°C and 40% RH tend to confirm the significance of
surface friction in the impact wear of thin films. The friction values are
also given in Table II and show that the lower the friction value, the
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better the observed wear resistance. Finally, when the polycarbonate
was coated with Mobay’s E-397 low friction coating, the observed char-
ring was considerably reduced (see Figure 3).

Since this source of heat depends on the friction coefficient, the
estimate of the temperature achieved by the polyimide film may be fur-

b

Figure 3. SEM photomicrograph at 26X of
(a)g uncoated polycarbonate sample after 3.3 X
10° impacts and (b) polycarbonate sample
coated with Mobay’s E-397 friction coating
sﬁer 4.5 X 10° impact. The same impact con-

itions were used in both tests. The surface
friction was halved after coating. Note the

presence of coating cracks.
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ther refined over that given in Table II. Since the impact condition and
thermal constants for the polyimide and the poly(vinyl fluoride) are simi-
lar, as well as their coefficients of friction (see Table II), the peak tem-
peratures should also be similar. Hence, the polyimide film should also
have experienced a peak temperature near 300°C.

The large influence of surface friction effects observed in these im-
pact war tests indicates the significance of induced parasitic vibrations
in polymer impact wear. Since it is quite likely that vibration will occur
under most impact conditions, it is expected that there should be a strong
relationship between polymer wear phenomena under sliding and impact
conditions.

Since several different wear characteristics were noted for the mate-
rials tested (e.g., charring, flow, and brittle behavior), it can be inferred
that there is no unique mechanism associated with impact wear of
polymer thin films. Further, because of this aspect and the probability
that the same mechanisms do not occur under impact testing conditions
(Charpy and Izod), it is reasonable to infer that there is little correlation
between impact wear resistance and impact strength. This latter point
may be illustrated by considering polycarbonate. Even though it has the
highest impact strength of any unfilled polymer (4), it exhibits the
poorest wear behavior in this study.

Conclusions

(1) A strong correlation does not exist between impact strength and
impact wear resistance.

(2) Temperatures generated at the surface of these films as a result
of fretting motion strongly influence the wear process.

(8) Structural changes in the polymer films can occur as a result of
repeated impacts.
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Fatigue Crack Propagation in Polycarbonate

J. A. MANSON, R. W. HERTZBERG, S. L. KIM, and W. C. WU
Materials Research Center, Lehigh University, Bethlehem, Pa. 18015

We investigated the effects of various material and fatigue
parameters on crack-growth rate per cycle, da/dn, as a
function of stress intensity factor range, AK. In contrast to
other common polymers the frequency (0.1-20 Hz) or wave
form has little effect on fatigue crack propagation (FCP) of
polycarbonate. However, mean stress is significant, with
FCP curves shifted towards higher AK values for higher
mean stresses. Environment is also significant; water induces
a discontinuity in the FCP curves. Thermal history is impor-
tant; annealing at temperatures below T, causes complex
changes in FCP behavior. Some changes such as minima
in plots of AK at fracture and fracture energy as a function
of annealing temperature can be correlated with calorimetric
(DSC) data which suggest competitive ordering—disordering
effects caused by annealing.

K polymers become used to an increasing extent in engineering appli-

cations, a better understanding of failure characteristics is important
to material selection and design. Since behavior under cyclic stresses
(fatigue), though particularly important, has received relatively little
attention (I-8), a program was begun in these laboratories to explore
the range of fatigue crack propagation (FCP) in engineering plastics
and to investigate the roles played by polymer structure and morphology.

During these studies polycarbonate (PC) was exceptionally re-
sistant to fatigue crack propagation (at least in Ys-inch thick sheets at
room temperature). In fact, a high level of toughness as measured by
various criteria has long been known for PC, and various explanations
were proposed (1, 7). Since few detailed studies of PC fatigue behavior
have been conducted (1, 2, 3), we examined the roles of several structural
and fracture parameters, including mean stress, thermal history, molecu-
lar weight, crazing, and fracture surface morphology. The study of ther-
mal history effects is especially convenient in PC whose state can be

146
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varied by suitable annealing procedures without introducing a detectable
degree of crystallinity (9, 10, 11, 12, 13).

In this paper we review current research in this group on fatigue
behavior of PC and discuss some recent results that demonstrate the roles
of several external and material variables and thermal history. Careful
attention was paid to the characterization of the PC specimens used—
e.g., by differential scanning calorimetry (DSC)—and that the work
complements another detailed study of PC (12, 13).

Experimental

Commercial polycarbonate sheet was used—Lexan, ¥4 inch thick; M,
= 42,000; d = 1.1970 gm/c®. Specimens were cut in one direction only
to minimize the small degree of anisotropy present (see below). Anneal-
ing at temperatures above 25°C was effected in an oven at various tem-
peratures, 4: 48 hr for 6 — 80° and 125°C; 60 hr for 150°C. For § =
150°C rigorous vacuum drying (48 hr) was necessary prior to heating.
It was shown previously that an annealing time of 48 hr was sufficient to
rea::lh equilibrium (12, 13). (Effects of time per se are currently under
study.)

Fatigue tests were conducted using an MTS tester over a range of
cyclic frequencies and either compact tensile (3 X 3inch) or single-edge,
notched (3 X 12inch) specimens. Tests of annealed specimens were
conducted at 10 Hz. An appropriate geometrical factor, Y, was used to
calculate stress intensity factor ranges, AK, according to the relation

AK = YAoVa (1)

where Ao is the range in applied stress, and a is the crack length (3).
Crack extension readings were taken at appropriate intervals, and values
of da/dn, the crack propagation rate per cycle, were analyzed and plotted
as a function of AK by a CDC 6400 computer. For environments other
than laboratory air, an appropriate chamber was used. Two maximum
AK values were determined: AK,s (calculated from the crack length
corresponding to the onset of catastrophic failure as observed directly
on the fracture surface), and AK ,,, (calculated from the last observed
crack length recorded during testing prior to failure. Stress strain curves
(on two to four specimens for each value of §) were obtained on an
Instron tested using standard dumbell specimens and a crosshead speed
of 2 inches/min.

For differential scanning calorimetry (DSC), specimens ( ~ 10 mg)
were punched out from thin (10-30 mil) machined films and were care-
fully weighed on a Perkin-Elmer autobalance model AD-1. Tests were
run on a Perkin-Elmer differential scanning calorimeter model DSC-1B
at 10°C/min using an empty tray as reference. With all specimens an
endothermic peak (12, 13, 14) was observed close to the glass transition
temperature T,. To characterize the magnitude of the peak, which was
observed to be a function of thermal history, an apparent energy of
transition,Q,, was calculated by the procedure given in the instrument
manual, with the melt transition in indium as a reference. Although the
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ind of order—disorder transition has been proposed and supported by
independent evidence (11, 12, 13). Densities were measured using a
Tecam density gradient column but did not show any consistent changes
on annealing.

Eeak does not correspond to a true melting peak, correspondence to some

Results and Discussion

FCP in Unannealed PC. One objective in this study was to examine
the FCP response of the unannealed polymer as affected by changes in
mean stress, test frequency, wave form, environment, and specimen orien-
tation. Initial studies were directed toward establishing any FCP aniso-
tropy as a function of loading direction. For FCP tests conducted at room
temperature and in a flowing nitrogen atmosphere a twofold difference
in crack growth rate was noted at any given AK level when R=0.1 (R =
Kmin/Kmax). When the mean stress level was increased such that R =
0.5, no difference in FCP was noted as a function of specimen orientation.
Since a twofold change in crack growth rate is not very significant in
terms of the analysis of FCP data, we concluded that specimen orientation
exerts a minor influence on test results of the current material supply.

o R=0.
a R=05

S,
v

o,
(L]
Y

davsdn, in/cycle

10 L

Figure 1. Effect of mean stress on 200 1000 Sooo
FCP in PC AK.psifin
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Figure 2. Effect of wave form on FCP in PC

By comparison, a change in mean stress substantially changed crack
growth behavior in both directions. Surprisingly the FCP rate was
reduced substantially (a four- to fivefold change at AK = 800 psi/in.)
when the R ratio was increased from 0.1 to 0.5. In contrast an increased
mean stress level in tests of metal alloys results in an increased crack
growth rate. The increased slope of the da/dn—AK plot with increasing
mean stress (Figure 1), however, is comparable with the response in
metals and, in the case of PC, produces a convergence of fatigue response
at high AK levels. It would appear then that an increase in mean stress
causes the fatigue crack propagation rate in PC to be more sensitive to
changes in AK but at the same time produces a decrease in the magnitude
of the pre-exponential constant A in the Paris relationship (15):

da/dn = AAK~" (2
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It is postulated that the reduction in A is related to an increase in molecu-
lar free volume associated with the higher mean stress level; this increase
in free volume, in turn, is believed to enhance chain segmental movements
responsible for fracture energy absorption and overall toughening.

Manson and Hertzberg (1) recently discussed the much lower fre-
quency sensitivity of fatigue crack propagation in PC vs. that observed
in PS, PVC, and PMMA. Additional tests conducted as part of this
investigation from 0.1-20 Hz again showed little effect of frequency on
FCP. Similarly, a negligible change in FCP was noted when the load
profile was changed from sinusoidal to square wave form for tests con-
ducted at 1 and 10 Hz (Figure 2).

A striking perturbation is seen in two of the da/dn vs. AK plots for
PC reported previously by Hertzberg, Nordberg, and Manson (Figure 3).
One possible explanation for this pronounced shift in the materials
response might be related to an interaction between the specimen and the
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Figure 4. Environmental effects on FCP in PC

test environment. Since temperature and humidity conditions were not
recorded for these two tests, additional experiments were conducted.
First, specimens from the current material supply were tested in gaseous
nitrogen, laboratory air, and water. From Figure 4 it is clear that water at
the crack tip is responsible for the discontinuity noted in the fatigue be-
havior of this material. No significant difference in test results was found
between laboratory air and gaseous nitrogen atmospheres. To ascertain
whether the material tested previously by Hertzberg et al. (3) was also
sensitive to water at the crack tip, additional tests were conducted on the
original material. In agreement with the above findings an inflection was
noted in test results from a specimen tested in water while none was
observed with another sample tested in air (relative humidity, 55% ).
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Figure 5. Q, for annealed PC

Additional tests are planned to determine the effect of test frequency on
the crack growth rate range where the transition occurs. On the basis of
similar results in environmentally enhanced crack growth in metal alloys,
the growth rate transition would be expected to decrease with increasing
test frequency.

Effects of Thermal History. One of the most useful and fundamental
parameters defining the state of a polymer is its enthalpy (or specific
heat). Considerable evidence has been adduced to show that the thermal
characteristics of glassy polymers such as PC are sensitive to thermal
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Figure 6. Fatigue crack growth of annealed
PC
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history (12, 13, 14). In particular when specimens are examined using
DSC techniques, endothermic peaks (the intensity and position of which
are relatable to annealing conditions) often appear at temperatures close
to T,. Although there is argument about the origin of these peaks (14),
the fact they occur indicates that some alternation in state must occur
on annealing. Consider Figure 5, which presents Q, (corresponding to
the magnitude of the endothermal peak and hypothetically to some kind
of an order—disorder transition), as a function of 6. Even if part of the
contribution to Q, may arise from a relaxation effect (14), the variation
observed must surely reflect changes in the polymer (12, 13). Whatever
these changes are (and they have been shown not to be associated with
crystallinity) (11, 12, 13), they were most intense around § = 120°C
with the specimens used in this study.

Considering fatigue, we see from Figure 6 that temperatures up to
T, induce significant changes in several aspects of FCP behavior: the
slope and shape of the fatigue curves and the maximum value of AK
recorded prior to failure. The fact that crossovers occur in the range of
da/dn of interest in addition to curvature for § = 25° and 80°C make it
difficult to use AK at an arbitrary value of da/dn to indicate relative
toughness, as has been done successfully previously (I, 3). Since a
maximum in the slope of the da/dn-AK plot occurs at ca. 80°C which
does not correlate with a temperature corresponding to a maximum (or
minimum) in any other property of PC—e.g., Qa, loss modulus, tensile
behavior, etc. (9, 10, 12, 13)—elucidation of the full significance of the
shapes and slopes of the FCP curves remains to be achieved. An anomaly
in permeability was also noted by Conde (12, 13) for an annealing
temperature of 80°C.

In spite of the yet unresolved ambiguity regarding fatigue response
per se throughout the crack propagation stage, clear correlations are
noted between ultimate behavior parameters and the observed values
of Q, (see Figures 7-9). First, values of AK (maximum)—whether the
last recorded value whose crack lengths were measured, AKy,, or whether
the maximum determined by inspection of the fracture surface, AKp—
clearly pass through a minimum (Figure 7) at ca. § = 120°C. (Note
that AKp¢ should be comparable with K., static, the critical stress intensity
factor for fracture.) Thus the fracture toughness of a notched specimen
first decreases with 6 and then appears to rise a little as 6 approaches T,.
The position of the minimum of course is consistent with the position of
the maximum in Q,.

This behavior may be compared with the (unnotched) tensile frac-
ture energy, T, on the same plot. Clearly, excellent consistency is ob-
tained. Thus either the energy for crack propagation dominates the
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picture, or more likely the form of the temperature dependence for both
crack initiation and propagation is similar.

Similar maxima or minima are observed for other tensile properties,
namely o (the stress at the yield point), ¢ (the elongation to break), and
ou (the ultimate strength). As shown in Figure 8 the minimum position
corresponds to § — 120°C. The results are consistent with the decreases
in T, AKp, and AKy,,; as oy increases, failure tends to intervene so that
oy tends to decrease. The results are also consistent with results in the
literature, though the latter do not extend to high enough values of § to
exhibit a maximum or minimum (9, 10). Other properties may also
depend strongly on 6; thus Conde (12, 13) found that the energy of
activation for the permeation of water is at a minimum for 6 = 120°C.

Finally Figure 9 shows an excellent correlation between AKy,, a
measure of fracture energy, and Q,, a measure of polymer state. A reason-

l/Kmf’ X 104
I

[l | i
0.2 004 006
Q,>cal/gm

Figure 9. Relationship between AK,, and
Q, for annealed PC

able explanation may be proposed. The parameter Q. should in some
manner reflect the degree of ordering in PC. If so, one may hypothesize
a competition between the ordering or close packing of small segments,
facilitated by increasing 6, and disordering caused by the onset of large
segmental motions as T, is approached. Such an effect is also consistent
with observations of loss modulus and permeabilities (12, 13). Thus as
ordering increases and free volume is decreased, the ability to relax within
the time scale of a stress cycle and dissipate energy through plastic
deformation is reduced. Further work in progress with fractography
should test this proposal; the more closely packed polymers might show
a tendency to craze more readily than yield, though in contrast it has
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been suggested that cyclic softening may be easier for ordered specimens
(7). Clearly the phenomenon of ordering merits further attention.
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Application of Group Theory Concepts to
Polymer Blends, Grafts, and IPN’s

L. H. SPERLING
Materials Research Center, Lehigh University, Bethlehem, Pa. 18015

Some of the concepts of group theory have been applied to
polymer blends, grafts, and interpenetrating polymer net-
works in an effort to classify the many materials already
prepared and to offer a systematic approach for the synthesis
of unknown materials. The first paper on group theory ap-
plications (14, 15) defined the operations: (M) addition of
monomer, (P) polymerization, (G) grafting, and (C) cross-
linking. Combinations of two poelymers were considered.
This paper broadens the first paper and considers combina-
tions of n distinguishable polymers. Physical operations
such as (S) dissolving, (A) annealing, (O) orientation, and
(N) crystallization are introduced along with their inverses.
Three distinguishable types of graft junctions are intro-
duced: a line (L) junction, to represent a block copolymer,
a T-junction, to represent grafting, which frequently appears
during polymerization, and an X-junction, to represent the
distinguishable structures often formed by post-polymeriza-
tion grafting.

Polymer blends, grafts, and interpenetrating polymer networks (IPN’s)
can be considered from several points of view:

(1). The detail of their synthesis involving anionic, cationic, and
free radical and condensation modes.

(2). Their morphology which because of polymer—polymer incom-
pﬁtibility causes most of these materials to display two or more distinct
phases.

(3). Their non-linear and often synergistic mechanical behavior
which arises from their above mentioned multiphase morphology. Thus,

both impact resistant plastics and thermoplastic elastomers have been
born.

159
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(4). Their topology which can be described by the branch of mathe-
matics known as group theory.

This paper focuses on the topology: the interrelationships among these
several materials and some rules for future syntheses.

The experimental literature for polymer blends, grafts, blocks, and
IPN’s includes symposia collections by Ceresa (1), Burke and Weiss (2),
Aggarwal (3), Molau (4), Gould (5), Platzer (6), Sperling (7), and a
monograph by Manson and Sperling (8).

The basic aspects of group theory as applied to chemical problems
are introduced by Cotton (9) and Davidson (10); Bruck (11) and Artin
(12) discuss basic mathematical forms and theorems related to group
theory. Perhaps the most famous application of group theory to chemical
problems relates to crystal structure; 32 classes of crystals and exactly
230 distinguishable space lattices have been found (9, 10). Other impor-
tant applications include orbital theory, ligand field theory, and molecular
vibrations (9). Recently, group theory concepts have been applied to
fibrous composites (13) and, in a preliminary way, to polymer blends,
grafts, and IPN’s (14, 15). This paper develops group theory concepts
in polymeric mixtures (14, 15) and extends and generalizes the work
from two-component systems to n polymer components.

Structure and Nomenclature

The simplest mixture of two kinds of polymer molcules, polymer 1
and polymer 2, which can be achieved by mechanical blending, latex
blending, or solvent cast blending, involves no chemical bonds between
the two types of molecules (see Figure 1). Occasionally such blends may

be described chemically as poly(1-m-2), where the m denotes “mechani-
cal blend.”

Figure 1. A schematic of a mechanical blend of
polymer 1 and polymer 2
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A B

Figure 2. Graft copolymers, poly(1-g-2). In
this and succeeding figures, the solid line (poly-
mer 1) is synthesized first, and the dotted line
(polymer 2) is synthesized second. Black dots
represent graft points. A represents a T-junc-
tion graft, and B represents an X-junction graft.

If polymer 1 and polymer 2 are grafted together, the backbone
structure and the grafted side chain are distinguished as poly(1-g-2)—
2 as a graft on backbone 1 (see Figure 2). Further topological distinc-
tions might be made between the T-junction in Figure 2A and the X-
junction in Figure 2B which are usually brought about by different graft-
ing mechanisms. Hydrogen abstraction or condensation mechanisms may
lead to a T-junction, but polymerization through the double bond of a
diene-mer that leads to an X-junction apparently does not occur (16, 17).
X-junction materials often arise from post-polymerization grafting (see
below). A special type of graft copolymer is formed when the grafts
are situated at the end of the molecule. These materials are block copoly-
mers (Figure 3). Poly(1-b-2) is depicted in Figure 3A. Block copolymers
can be considered line (L) junctions, and often three or more blocks
appear in the same molecule (see Figure 3B).

The polymer blends and grafts in Figures 1-3 usually have finite
molecular weights and are soluble in appropriate solvents. When grafting
is so extensive that covalently bonded molecules of macroscopic size are
formed, insoluble networks arise. A simple homopolymer network is
shown in Figure 4. When one or both polymers are involved in network
structure, several subclassifications must be distinguished. (The follow-
ing materials may be broadly denoted as graft copolymers because the
synthetic procedure involves cases where monomer 2 is polymerized in
the presence of polymer 1. This is an accepted generic nomenclature
regardless of the presence, absence, or extent of the grafting involved.)
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Figure 3. Representations of block copoly-

mers: A, a diblock copolymer, poly(1-b-2); B, a

triblock copolymer, poly(2-b-1-b-2). A block

copolymer can be considered as an L-junction
graft (L represents “line”).

Figure 4. A polymer network, schemat-
ically portrayed. Black dots represent
crosslink sites.

In the following, polymer 1 is formed first and polymer 2 is formed
secondly.

When monomer 2 is swollen into network 1 and polymerized in situ
to form a linear polymer, a semi-interpenetrating polymer network (semi-
IPN) of the first kind arises (18, 19, 20, 21, 22). The “first kind” denotes
that the first polymer synthesized forms the network (Figure 5A). A
semi-IPN of the second kind denotes that the first synthesized polymer
is linear and the second synthesized polymer is crosslinked (23-25).
If polymer 1 is linear and polymer 2 is crosslinked, the structure in
Figure 5B arises. In general, polymerizing 2 first and then 1, yields quite
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different materials. These may be called an “inverse” syntheses. There
are then four ways in which a semi-IPN can be formed from monomers 1
and 2, assuming that crosslinking and polymerization are simultaneous
and that grafting occurs during the second polymerization.

If both 1 and 2 form networks, an IPN, designated as a full IPN,
arises (26) as shown in Figure 6. This structure also has an inverse—
that is, if 2 is synthesized first and then monomer 1 is swollen in and
polymerized. A material may be considered an IPN rather than just a

Figure 5. A schematic of semi-IPN’s: A, a semi-IPN of the first kind; B, a
semi-IPN of the second kind

Figure 6. A schematic of a full-IPN (poly-
mer 1 and polymer 2 are crosslinked). No
graft sites are included.
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graft copolymer when the intraspecies crosslinks are more numerous than
the interspecies grafts and when the crosslinking is extensive enough to
bind the molecules into a continuous network. If monomer 2 grafts to
linear polymer 1 in such a way as to bind different polymer 1 molecules
together, but not crosslink with itself, a series of AB crosslinked copoly-
mers, sometimes called joined IPN’s, arises. Simple joined IPN’s are
shown in Figure 7. Here we may distinguish between X-junction (27),
Figure 7A and T-junction materials, Figure 7B (28), and also the inverse
structures. In general, polymers with two or more of the several types
of bonding may be deliberately prepared. The above polymers and a
number of such combinations have already been prepared.

Other Classification Criteria. Other levels of classification should
be superimposed on the above. These include latex, suspension, and bulk
type syntheses, all of which result in different properties of the final
materials. Uses of plastic-forming and elastomer-forming monomers and
crystalline and amorphous structures must be distinguished. The tacticity
of the polymers is sometimes important. Of course, the ratio of both
polymer masses dictates the overall morphology. Physical operations
such as swelling, annealing, and orienting must be considered in any
complete treatment.

Another criteria for polymer blend classification involves compati-
bility. Although most polymer pairs are incompatible—i.e., two distinct
phases on a microscopic or submicroscopic level—some of the bonding
modes in Figures 1-7 are truly compatible, and some exhibit semi-
compatibility. Occasionally the compatibility or phase morphology can
be substantially changed by selective solvent treatment or annealing. We
may also distinguish between regular grafts, where substantially all the

Figure 7. A schematic of AB-crosslinked polymers, or joined IPN’s. X repre-
sents X-junction materials; T represents T-junction materials.
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Figure 8. A schematic of a simple surface graft

molecules are grafted in some particular mode, and the irregular, occa-
sional, or surface grafts, shown in Figure 8. Note that each of the above
classifications results in significantly different and distinguishable physical
and mechanical behavior. The state of the polymer and physical opera-
tions will also be discussed when necessary.

Application of Group Theory Concepts

These descriptions are basic examples of polymer 1-polymer 2 com-
binations such as simple blends, grafts, blocks, and IPN’s. Noting that
there are over 100 distinguishable types of “graft copolymer” blends
alone (14, 15), the current nomenclature is apparently inadequate; it
does not adequately differentiate among the more complicated materials
described in the literature, and it fails to suggest how new combinations
of two or more polymer molecules might be conceived. Thus to supply
a concise mathematical formulation, we use that branch of mathematics
known as group theory (9, 10, 11, 12).

To form a group, four conditions must be met: (1) The set must be
closed—i.e., the combination of two operations also yields a member of
the set. (2) The operations must include an identity which leaves the
molecules unchanged. (3) The associative law of combination must hold.
(4) Every operation must have an inverse.

In a formal sense, a group must meet certain cntena Collections of
sets and operations that meet some of the required criteria my meet the
lesser demands of semi-groups or groupoids. The groupoids demand
only a set and an operation between them (10). Conditions (1) and (3)
will sometimes not be met (14, 15). Hence, even though our theory is
incomplete, the definition of a groupoid most closely applies to the present
study.
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We consider monomer 1, monomer 2, . . . , monomer n, as basic ele-
ments which can be polymerized to form various polymers and copoly-
mers. For the basic operations we designated P for polymerization, G for
grafting, and C for crosslinking. Polymerization is assumed to be linear
unless the operation C is specified. Most important, the present group
is non-commutative, and the time sequence of events must be preserved;
thus the order of the operations must be maintained. We found that we
must increase our sensitivity to the order of the operations in more
complex cases and not assume, for example, that crosslinking followed
by grafting is identical to grafting followed by crosslinking.

The operations and the reactive units must be clearly distinguished.
Capital and lower case letters differentiate between operations and the
objects upon which the group operates. For example, the addition of
monomer is designated as m. The addition of monomers which can induce
grafting or crosslinking—e.g. divinylbenzene—are designated g and c.
The operations of grafting and crosslinking, which may come much later
in the reaction sequence, are specified by the capital letters. (The writer
is indebted to N. W. Tschoegl of the California Institute of Technology
for suggesting this notation which improves upon that (14, 15) previously
used.)

Because the theory is primarily chemically oriented, we use a left-to-
right notation. In mathematics the operation is written generally to the
left of the symbol upon which it operates—2X and (d/dy)X. Chemical
notation usually reads from left to right—HCI] + NaOH = NaCl + H;O.
Thus mP indicates the addition of a monomer followed by its polymeriza-
tion. The combination pC indicates taking a previously formed polymer
and crosslinking it.

The fourth and most interesting condition needed to form a group,
indicates that we should consider a series of inverse operations. Thus P
is introduced as depolymerization, G as degrafting, and C™ as decross-
linking. In this context C and C are inverses; CC! — I where I repre-
sents the mathematical identity. In chemical terms, the reaction was
reversed.

Simultaneous operations are placed in parentheses to distinguish
them from sequential operations. Square brackets distinguish separate
polymerizations. where their products are later mixed and/or reacted.
In a formal sense, the parentheses and brackets constitute operations in
their own right.

The polymer molecule will be associated with the designated opera-
tion by subscripts 1, 2, etc. Thus P; indicates polymerization of m;. The
operation G is specified by both subscripts, the order of the subscripts
indicating the backbone and the branch side chain. (Identical subscripts
could, of course, be used to indicate homopolymer branching. )
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Grafting during polymerization that results in T-junctions is desig-
nated Gr. Post-polymerization grafting between equal partners which
results in an X-junction is designated by the subscript X. Unless otherwise
specified, G2, G2, Gi3, etc., indicate T-junctions, which are more com-
mon, and Gy indicates X-junctions. To clarify multipolymer syntheses,
T or X are followed by the numbers of the polymers involved. Thus
Gx (2.5 indicates X-junction grafting between polymers 2 and 5. Again, a
T-junction indicates one side chain only at the graft location, and an
X-junction indicates continuity of both chains beyond the graft site (see
A and B in Figure 2). In the general case, T- or X-junctions may be
formed during or after the polymerization step, depending on the chem-
istry. For specialized applications, an additional symbol is the “box” (B)
junction (B-junction). The B-junction will distinguish the AB-crosslinked
polymers in Figure 7 from the graft copolymers in Figure 2. These grafts
are designated Gg. In homopolymer nomenclature, branched and cross-
linked structures are distinguished by the absence or presence of a con-
tinuous network. Introduction of this concept into graft copolymer
terminology would simplify the nomenclature and eliminate the need
for a specialized “B” junction. Graft copolymers could then be represented
as G(b) or G(c) when necessary to distinguish between branched and
crosslinked structures. While most of the graft copolymers considered
herein constitute the counterpart of the branched homopolymers, it is
clear that Bamford considers the crosslinked analog. In the above con-
text, operation G is used as it is commonly designated in the graft
copolymer literature regardless of the true extent of chemical grafting.

A few examples are in order. The combination

[m,Py] [m,P,] 1)

represents a mixture of two linear polymers, as in a simple mechanical
blend. A simple graft copolymer may be written

m1P1m2(P2G12) (2)
The combination
m;(P,C1)m;(P2G12) 3)

refers to a simple semi-IPN of the first kind. Note that the order of the
operations is important. For example,

m;Pim;(P2G12)Cy 55 my(P1C1)me(P2Gi2) “4)

the left side indicates a post-crosslinking operation for polymer 1; the
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right side indicates that the crosslinks in polymer 1 are introduced during
polymerization.

The finite collections of symbols described above are sometimes
called “words.” If we consider the permutations of all the operations,
each considered once in a word, the number of possible structures may
be arrived at. Some, of course, are physically impossible. If we add more
operations, the number grows rapidly. Before assessing the total possible
number of ways to prepare these materials, we include some refinements
which will more clearly distinguish different subclasses of materials.

Idempotent Operations. A series of operations are termed idem-
potent (11) if repeating the given operation results in no further change.
Thus,

m1P1P1P1 e (5)

is physically equivalent to m,P, provided the P, operations are the same.
However, multifunctional monomers and polymers must be considered
carefully. For example, a monomer like glycidyl methacrylate can react
in two distinct ways which would need to be distinguished by proper
subscripting.

Grafting and Crosslinking Operations. In Equations 2, 3, and 4,
the grafting of polymer 2 chains to polymer 1 chains was considered
simultaneous with operation P,. The interpretation of the grafting opera-
tion can be broadened considerably, however, by also considering the
addition of a monomer capable of being grafted. Thus a natural distinc-
tion arises between the introduction of grafting sites before polymeriza-
tion,

e (mug)Pa ... (6)
the introduction of grafting during polymerization,
Pum,(P,Gumr) . ... W)

and a post-polymerization grafting (formation of ester bonds through
heating, for example),

. Pmm,,P,.Gx<m,.) e e (8)

Similarly, the crosslinking operation C may be broadened by also
considering that it represents the addition of a monomer capable of being
crosslinked in a later reaction. For example, when one of the polymers
is crosslinked (semi-IPN’s), the picture becomes interesting. Assuming
first that G, is simultaneous with P,, as in Equation 7, a number of
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different synthetic operations may still be used to prepare semi-IPN’s,
depending on whether a crosslinking monomer (such as divinylbenzene)
is added with m or whether crosslinking is done during polymerization,
as in radiation polymerization or post-polymerization cures, as with sulfur
vulcanization. The subset of semi-IPN’s of the first kind may be written:

(m;c1) Pimy(P2Gie) 9)
m;(P,C)my(PyGi2) (10)
m;P,Cimy(P2Gis) (11)

The corresponding subset of semi-IPN’s of the second kind may be
written:

m;Pi(mac,) (P2Gi2) (12)
mllez(chan) (13)
mlle2(P2Gl2)C2 (14)

Note that by inverting the order of polymerization of 1 and 2, six addi-
tional materials may be prepared. By allowing for the various grafting
possibilities (see Equations 6, 7, and 8), 72 possible semi-IPN’s may be
distinguished. If one considers semi-IPN formation without grafting (e.g.
P, as a condensation polymerization), 12 semi-IPN’s are distinguished.
Table I contains some semi-IPN, IPN, and related structures.

TableI. Some IPN’s and Related Materials

Classtfication Description Reference
m;P,Cim,(P,G1») Semi-IPN 21
(mye1) Py (myes) (PoGio) IPN 24
m;Pimy(P:Ger(s,2)) AB Crosslinked 25,26
(mmzcicz) (P1P2G12Ger) SIN e« 28-31
[m,Py][m,P5]Gex(1,2) Association Complex 22,32

¢ Simultaneous interpenetrating network.

In the following we add monomers capable of grafting (g, g2, gs,

., &) or crosslinking (c;, ¢z, €3, . . . , ¢,) and consider G and C as
the operations of grafting or crosslinking. Again, remember to distinguish
between capital and lower case notation.

Group Theory Theorems and Problems

By understanding the theorems and mathematical relations used in
group theory we can broaden our ability to synthesize polymer blends
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and grafts. A theorem in group theory states that the inverse of a com-
bination of two or more operations is equal to the combination of the
inverses, in reverse order. [This theorem has broad implications in many
areas of construction. For example, it gives the logical path to dismantle
existing structures such as brick walls. The operation of constructing a
brick wall may be written:

BllB2lB31 LY B(n—l)anlBl2B22B32 ) Bnm (16)

where the first subscript represents the brick number within a row, and
the second subscript the row number. To dismantle such a wall, the
logical brick to remove first is the last brick laid, B,,. Similar rules hold
for houses built of cards. Removal of the cards in any but the prescribed
order can result in an immediate collapse.] For the present context, this
theorem relates to the decomposition of what was previously formed.
Taking Equation 12 as an example,

[miP1(mses) (P2Gr2)]t = (PoG12)~ (mec2) Py~ imy ! (15)

for the total removal of the material.

A widely used group theory operation is known as the similarity
transformation. In general, if A and X are two operations of the group,
then XAX™ will be equal to some third operation of the group, B. This
may be expressed:

XAX'=B 17

The quantities A and B are said to be conjugate. Every operation is
conjugate with itself. This is always true for the trivial case where X
equals the identity, E. A requirement for the similiarity transform is that
A and X commute, which in general is not true. Let us consider a few
cases:

mlmngml‘l = msz (18)

m; might be a monomer that does not react or a plasticizer. Upon
removal of m;, polymer 2 remains. In a broad sense, Equation 18 is not
exactly true because m; and m,P, do not commute, and reversing the
order of the operations will not, in general, yield the same product.
Although polymer morphology is not considered directly, it is obvious
to the polymer chemist that the supermolecular structure of P, (crystal-
linity, orientation, density, etc.) might differ. A simpler case is true, for
instance,

mlmzml“l = Iy (19)
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Because of the commutation limitation, no important cases, within the
narrow scope of the present paper, involved an operation or group of
operations that yielded a well-defined, different conjugate product after
undergoing the similarity transform. However, the similarity transform
is widely used in the polymer industry. We may consider broadly the
following useful examples:

(1.) Addition and removal of a solvent before and after polymeriza-
tion (see Equation 18 where m, represents the solvent).

(2.) Addition and removal of a polymerization inhibitor, as ex-
pressed by Equation 19.

(3.) In the use of shrink packaging where a polymer is oriented,
wrapped around a package, and then heated to cause melting, shrinkage,
and reduced orientation (see New Operations section, p. 174).

Group theory shows the potential strength of the inverse operations,
particularly decrosslinking and degrafting, at intermediate stages in the
synthesis of more complex materials. Some of these aspects were treated
in detail earlier (14, 15). The use of inverse has caused some unresolved
problems. For example, group theory implies that a series of operations
may begin with any operation. Clearly, we may not begin a “word” with
an inverse operation since this has no physical meaning. Mathematical
consultants advised the writer to omit meaningless “words” which impede
development of the theory. However, questions arise concerning the
ability of the new theory to fit all the requirements of formal group
theory. Hence the term “group theory concepts” has been used. Exami-
nation of semi-groups and groupoids reveals that the present theory fits
best the definition of a groupoid (10).

Multi-mer Syntheses

The previous papers (14, 15) considered polymer blends and grafts
involving two polymers. At this time, we generalize the system to con-
sider any number of monomers and polymers and the topologically
distinct ways that they may be polymerized together. Consider a number
(i) of monomer units, m;, my, ms, . . . , m; (j) crosslinkers, c;, cs, cs,

., ¢, and (k) grafting units, g;, g2, g3, . . . , g where the subscripts
i, j, and k merely indicate numbers as large as required. The m’s, c’s,
and g’s may be added as needed in any order in the following. Polymeri-
zation and related operations may then be performed.

Random Copolymers. A simple random copolymer (36, 37) may be
described:

(mymy) P (20)

where the subscripts (1,2) on P indicate simultaneous reaction. For
alternating copolymers (38, 39) the operation P may be subdivided into
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P(R) and P(A) to distinguish between the random and alternating
modes. As a side note, the random copolymers containing three or more
monomer units that have been investigated have achieved importance in
several areas—for example, in the paint industry (40).

ABS and Related Materials. The so-called ABS (acrylonitrile-buta-
diene—styrene—monomers 1, 2, and 3) materials comprise a class of
compounds that consists of either blends or grafts (41). All have three
monomers divided between two different polymers in a 1,2 and 1,3 com-
bination mode. Blends of styrene-butadiene (1,2) random copolymers
with styrene-acrylonitrile (1,3) random copolymers result in toughened
plastics; the common-mer, styrene, improves compatibility. The material
may be described:

[((mm,)P ] [((mm3)P,3) (21)

The emulsion polymerized graft copolymer, technically more important
than the blend copolymer, may be written:

(mmy)P o (mims) (P.5Gazins) (22)

Note that latex paints (42) and materials relating to piezodialysis
(24) may be composed of one copolymer in the latex and an ionic co-
polymer in the aqueous phase. (This last class of materials, mixtures of
two polymers, was accidentally omitted from Refs. 14 and 15.)

Multi-polymer Materials. The literature for multi-polymer materials
is extensive but is less than that for blends and grafts composed of two
polymers. A ternary graft copolymer, semi-IPN is described by Rogers
and Ostler (43, 44); an original crosslinked polyethylene graft—poly-
(potassium acrylate) was swelled with styrene and radiation polmerized.
The authors comment that most of the grafting of polymer 3 was on

polymer 2, the poly(potassium acrylate). This reaction sequence can
be described:

mlplclmz(PzGlz)ms(Pans) (23)

Some rather interesting, if complex, materials have been prepared
by Vollmert (18). Previously we considered some of his materials com-
posed of two polymers; now we will consider mixtures of three or more
polymers. (Notations relating to mode of polymerization and state of
the polymer (14, 15) are omitted for clarity.) Because the individual
polymers, in most cases, are multi-mer random copolymers in their own
right, one “monomer” will be considered per polymer for simplicity in
the following. In his example 5, the Vollmert emulsion polymerized
n-butyl acrylate, styrene, 1,4-butanediol monoacrylate, and 1,4-butanediol
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diacrylate to form polymer 1. Separately, n-butyl acrylate, styrene, and
acrylic acid are emulsion polymerized to form polymer 2. Polymers 1
and 2 were mixed, precipitated, washed, dried, and dissolved in styrene
and acrylic acid; polymerization followed to form polymer 3. The mate-
rial was then heated to induce grafting between polymers 1 and 2 and
1 and 3. The series of reactions may be written:

[(myc) Pa)[maPoJms (P3G 11,3 Gree.3) (Gxa.»Gxa.»)] (24)

The T and X subscripts on G refer to T- and X-junctions. Note that P; is
crosslinked. In a similar polymerization (Vollmert's example 4) 1,4-buta-
dienediol is introduced along with monomer 3, and the last step in the
synthesis involves a crosslinking of polymer 2. In his example 7, four
different polymers are mixed. To conserve space, details are omitted.

In a more recent patent (45), Ryan prepared poly(n-butyl acrylate ) /
poly(methyl methacrylate) latex semi-IPN’s of the first kind. These mate-
rials were then blended into linear poly(vinyl chloride) and became a
ternary polymer mixture.

In a related patent (46) Amagi et al. synthesized a triple latex IPN.
In brief, polymer 1 was a crosslinked SBR, polymer 2 was a crosslinked
styrene—methyl methacrylate copolymer, and polymer 3 was a cross-
linked poly(methyl methacrylate). All three were sequentially synthe-
sized on the same latex particle. The latex material was then mechanically
blended with linear poly(vinyl chloride). Also, Torvik (47) blended
together four polymers that had different glass transition temperatures.

Block Copolymers. As illustrated in Figure 3, block copolymers rep-
resent a special kind of graft copolymer, i.e., polymer n + 1 is always
attached at the end of polymer n. This mode of attachment will be
designated as a line (L) junction. (The writer is indebted to Charles E.
Rogers of Case Western Reserve University for suggesting “L-junction”
nomenclature.) A simple, two-component block copolymer can then be
represented by:

mlP1m2(P2GL(1.2)) (25)

Note the progression in complexity and the relationships among the
L-junction, the T-junction, and the X-junction that represent 2, 3, or 4
chain segments containing one or more segments of both polymer 1 and
polymer 2 emanating from a graft site.

Block copolymers are sometimes prepared with several different
kinds of polymers. For example, Fielding—Russell and Pillar (48) synthe-
sized poly (a-methylstyrene-b-butadiene-b-styrene).

mllez(PzG L(1.2))ms(P3GL(2.3)) (26)
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Table II. Multicomponent Polymer Combinations

Classification Description Reference
m, P,Cim (2PyG (1,2 )ms (P3G 123 semi-IPN 40,41
[(mjc1) Pi][moPoJms(PsG 1,5 G re,s) .

(Gxa,»Gxa,») semi-IPN 17
m;Pimy(PyGra,2)ms(Psr,s) block 45
[(mie) Puno(P2G1(1,2)][msPs) semi-IPN 42
[(myc,) Pi(msce) Pa(mscs) Ps][myPy] triple-IPN 43
[m;Py])[m,P][m;sPs][mPy] blend 44
[mlPl][m2P2][mlP1m2(P2G L(1,2))] blend 46

Kawai and Inoue (49) recently explored the mechanical blend of poly-
styrene/polyisoprene/poly (styrene-b-isoprene ); polymer 1 and polymer 2
appear as both homopolymers and block components.

Although not exhaustive, the above descriptions merit appreciation.
Table II summarizes additional interesting combinations containing three
or more polymers.

New Operations

In addition to the major operations P, G, and C, we will focus next
on several new operations: chemical transformations and physical
operations.

Chemical Transformations. Operations that modify a mer, such as
saponifying poly(vinyl acetate) to poly(vinyl alcohol), should be con-
sidered. The introduction of chain transfer agents, 1, which limit molecu-
lar weight, need consideration for many cases. The symbol i for initiator
might be introduced. However, details of these operations are beyond
the scope of the present work.

Physical Operations. Some of the physical operations ordinarily
encountered in polymer processing are shown in Table III. The quantity
A", the inverse of annealing, indicates quenching. Operation S has two
inverses (allowed by group theory): drying and precipitation, which
need to be properly distinguished when necessary. Operation O indicates

Table III.  Physical Operations
Symbol Operation

Dissolving (solvating)
Annealing

Orienting
Crystallization®
Blending (mechanical)

NZOP®

¢In Refs. 14 and 15 we considered amorphous and crystalline states of matter; we
now consider the transition.
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polymer orientation; O™ indicates disorientation or randomization of
structure, e.g. a shrink film (50). Operation N is crystallization, and N!
is melting.

Consider for example the manufacture of nylon fiber, described as:

mPN-1ON 27

In the manufacture of graft copolymers, polymer 1 is often dissolved in
monomer 2:

m;P;(m5S;2) (P2Gi2) (28)

where the subscript 12 on S indicates “dissolve 1 in 2.”

Returning to Vollmert’s patent (18), we apply the more complete
spectrum of operations to his example 1. In this case butyl acrylate and
acrylic acid are dissolved in acetone with azoisobutyronitrile (initiator)
and dodecyl mercaptan (chain transfer agent), polymerized, and the
acetone is evaporated to form polymer 1. Separately, styrene and 1,4-
butanediol monoacrylate are bead polymerized with benzoyl peroxide to
form polymer 2. Polymers 1 and 2 are mechanically blended with the
simultaneous addition of 1,4-butanediol followed by heating to promote

grafting and crosslinking. These steps can be represented in some detail
by:

[(m38:]4i1) P1S17Y[(msis) Pe]Zy,2(Gx 1,5 C1) (29)

Note that the final product is a semi-IPN. It is fairly obvious that different
operations can be specified to give very great detail for the series of
synthetic steps.

Quantitative Limitations

The above symbolic approach to the representation and differentia-
tion of polymer blend, graft, and IPN syntheses is largely qualitative.
Operations such as P do not suggest the final molecular weight or molecu-
lar weight distribution, G;;, the actual extent of grafting, or A the
annealing times and temperatures; all are obviously important to the final
product. Although this paper and a previous work (14, 15) originated
from the need to classify the numerous graft copolymers and to suggest
a means of systematically synthesizing new materials, a word should be
said about quantitative aspects. The exact conditions can be specified by
the use of parentheses following the operation. For example,

m;(40%,)m»(609,)Pa, (M, = 1 X 105, M,/M, = 2) ... (30)



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch014

176 TOUGHNESS AND BRITTLENESS OF PLASTICS

can specify some of the details. A user of this group theory application
may wish to keep the notation as simple and as brief as possible, con-
sistent with his needs.

Other important factors include monomer sequence distribution,
distribution of graft and crosslink sites along the chains, the occurrence
of branching per se, and the general phenomena of side reactions. In
addition, stirring rate, the detailed post-reaction “workup” procedure, the
temperature history, subsequent processing and fabrication conditions,
etc. must be considered since these have major effects on the nature of
the product.

This presentation is limited, of course, to the major chemical and
physical steps that determine the end product. The major emphasis is
to describe the different topological ways in which two or more polymers
can be placed in juxtaposition and is not intended as a comprehensive
study of all possible variables.

Reaction Networks

In the previous paper (14, 15), the problem of counting the total
number of distinguishable blends, grafts, and IPN’s was briefly consid-
ered. Limiting each operation combination arbitrarily to two identical
sequences resulted in a finite, countable number of materials.

An alternate approach for counting the minimum number of dis-
tinguishable combinations generated with any specified set of restraints
has been developed by Sellers (51, 52). For certain complex reactions,
such as biochemical processes, a number of possible mechanisms may be
involved. Sellers writes:

b=p—c+K+1 (31)

where p represents the maximum number of linearly independent mecha-
nisms for a given reaction; p is the number of elementary reactions; o is
the number of species, and K the number of components. Equation 31
is reminiscent of the Gibbs phase rule, and the quantities enumerated are
the minimum number required to specify the material.

In the present case p indicates the maximum number of distinguish-
able topologies. Taking the operations required to form a semi-IPN,
which specifies one linear and one crosslinked polymer, we have three
elementary operations, P, G, and C, and m, which sometimes bears char-
acteristics of an operation (p); two species, polymer 1 and polymer 2,
(o), and one independent degree of freedom, (K). Specification of one
of the polymer structures (i.e., crosslinked) specifies the other. This
predicts:
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4-24+14+1=4 (32)

The four materials are: (1) polymer 1 linear and polymer 2 crosslinked;
(2) polymer 1 crosslinked and polymer 2 linear; (3) and (4) are ob-
tained by interchanging polymers 1 and 2. In each case the second
polymerized material is grafted to the first polymerized material. Equa-
tions 9-14 and the related discussion result in 72 possibilities. The dif-
ference lies in the counting or omission of the time sequence of events.
The reaction network scheme does not consider the importance of the
time-order of events. Thus Equation 31 yields the minimum number of
distinguishable materials.
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Quantitative Studies of Toughening
Mechanisms in ABS and ASA Polymers

C. B. BUCKNALL, C. J. PAGE, and V. O. YOUNG
Cranfield Institute of Technology, Cranfield, Bedford MK43 OAL, England

The kinetics and mechanisms of tensile deformation in ASA
and ABS polymers were studied using high accuracy creep
tests. Crazing was detected by volume strain measurements.
In both polymers, creep of compression-molded specimens
is caused mainly by crazing, with shear processes account-
ing for less than 20% of the total time-dependent deforma-
tion. Crazing is associated with an increasing creep rate
and a substantial drop in modulus. The effects of stress upon
creep rates are described by the Eyring equation, which also
offers an explanation for the effects of rubber content upon
creep kinetics. Hot-drawing reduces creep rates parallel to
the draw direction and increases the relative importance
of shear mechanisms.

Acrylonitrile-butadiene—styrene (ABS) and acrylonitrile-styrene-acry-

late (ASA) are rubber-toughened plastics based upon the styrene—
acrylonitrile (SAN) copolymer matrix, The combination of the stiffness
and toughness exhibited by these materials has made them increasingly
attractive in engineering applications, and the activity of the patent litera-
ture testifies to a continuing interest in improving properties through
modifications of structure. The aim of this paper is to discuss a quanti-
tative approach to structure-property relationships in ABS and ASA
polymers.

Electron microscope studies have shown that the toughness of ABS
polymers is caused largely by multiple craze formation (1, 2). The rubber
particles appear both to initiate and to control craze formation, so that
impact energy is dissipated in the production of numerous small crazes
(3). However, this theory does not exclude the possibility of contribu-
tions from other mechanisms. The observation that many ABS polymers
tend to neck during a tensile test suggests that shear mechanisms are
also significant.

179
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The first quantitative study of deformation mechanisms in ABS poly-
mers was made by Bucknall and Drinkwater, who used accurate exten-
someters to make simultaneous measurements of longitudinal and lateral
strains during tensile creep tests (4). Volume strains calculated from
these data were used to determine the extent of craze formation, and
lateral strains were used to follow shear processes. Thus the tensile defor-
mation was analyzed in terms of the two mechanisms, and the kinetics of
each mechanism were studied separately. Bucknall and Drinkwater
showed that both crazing and shear processes contribute significantly to
the creep of Cycolac T—an ABS emulsion polymer—at room temperature
and at relatively low stresses and strain rates.

The same techniques were used in the present work to study the
effects of orientation and rubber content upon the creep behavior of
rubber-toughened SAN polymers at room temperature. As in previous
work, the tests were conducted at low strain rates and were terminated
at longitudinal strains between 5 and 6%.

Experimental

Two ASA polymers were studied: Luran S 757R and Luran S 776S;
both were made by BASF. The polymers have similar SAN matrices but
respectively contain ca. 30 and 40% of the acrylic rubber-toughening
agent. The ABS polymer (ABS 500) was made by the Dow Chemical Co.
It contained SAN-filled rubber particles ca. 1.0 um in diameter, suggesting
that it was manufactured by bulk or suspension polymerization.

Dumbell creep specimens with a parallel gage portion 40 mm long
and 5 mm wide were milled from compression-molded sheet. Some
of the ABS sheets were subjected to uniaxial hot-drawing at 116°C, and
creep specimens were cut parallel to the draw direction. Creep tests
were carried out at 20° == 0.5°C using high accuracy lever-loading creep
rigs developed by Darlington and Saunders (5) (see Figure 1).

Longitudinal strain e; was measured in the central 20 mm of the
specimen, and lateral strain e; was measured simultaneously at the center
of the gage portion; e, is usually negative in a tensile test. The lateral
strain e, was not measured. In the calculations all specimens, including
those cut from a drawn sheet, were assumed to be transversely isotropic—
i.e, e = e;. On the basis of this assumption the volume strain AV/V
was calculated from the expression:

AV/V = (1 + &) (1 + &) — 1 1

Each long-term creep test was preceded by a loading—unloading
program at successively increasing loads in order to obtain a 100 sec iso-
chronous curve of tensile creep modulus against a 100 sec longitudinal
strain within the low strain region. During this preliminary program stress
levels were kept well below those used for long term testing. Long-term
tests were terminated when e; was ca. 5%; the specimen was then un-
loaded and allowed to recover. The unloading program was then re-
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Upper Grip
Longitudinal
E xtensometer

Lateral
Extensometer

Lower Grip
Figure 1. Darlington-Saunders creep apparatus

peated in order to obtain another 100 sec isochronous curve, to illustrate
the effects of creep history on the polymer.

Results

ASA Polymers. Creep tests were performed on Luran S 757R at
stresses from 19-26 MN/m? Over this range, the time to reach 5% ex-

6

1
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0 f X: X
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0 1000 2000 3000 4000 5000 6000 7000 8000 9000 10000
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Figure 2. Creep and recovery of ASA polymer Luran S 757R: stress = 20
MN /m?
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tension varied from 12,700 to 40 sec. A typical set of results is shown in
Figure 2. The creep rate is low initially but increases at a strain of ca.
2% and then becomes approximately constant. After the initial deforma-
tion, the lateral strain —e; changes comparatively slowly, whereas the
volume strain AV/V changes in a manner similar to that of the longi-
tudinal strain e,.

The creep behavior of Luran S 776S is similar to that of 757R, except
that creep rates are higher. Tests were made at stresses between 19 and
24 MN/m?; the times to reach 5% extension varied from 4700 to 20 sec.
Increased creep rates are to be expected in view of the higher rubber
content of the polymer.

Elastic and viscoelastic deformation, crazing, and shear band forma-
tion all contribute to the tensile creep of rubber-toughened plastics. In
order to separate the contributions of these various mechanisms, certain
assumptions are needed. In the following analysis, it is assumed that the
volume strain measured in the specimen at the time of the first strain
determination is caused entirely by the elastic and viscoelastic response
of the polymer to the hydrostatic component of stress and that all sub-
sequent volume changes are caused by crazing. The duration of the
creep tests is long compared with the time at which the first strain
measurements are made, and the observed kinetics of crazing strongly
suggest that very little crazing occurs during this initial period. The
subsequent time-dependent volume changes are very large and can be
explained only in terms of craze formation. Generalized volume relaxation
effects, and any volume changes that might be associated with shear band
formation, can be neglected. In support of this statement, it should be
noted that creep occurs at constant volume in Cycolac T grade ABS under
a tensile stress of 26.5 MN/m? (4). At this stress, the polymer reaches a
strain of 5% by elastic deformation and time-dependent shear processes
only, showing no visible evidence of crazing and no further volume change
after the initial elastic response to loading.

In discussing shear deformation, it is convenient to distinguish be-
tween the initial elastic and viscoelastic response of the polymer to the
applied load and the subsequent time-dependent response. However,
the distinction is somewhat arbitrary and is not as fundamental as that
between elastic volume response and crazing. Viscoelastic shear deforma-
tion continues throughout the period under load. The observed time-
dependence of lateral strain reflects both generalized viscoelastic re-
laxation and shear band formation. Since crazing consists simply of
displacement in the tensile stress direction, it makes no contribution
to lateral strain; therefore —e, specifically measures deformation by shear
processes.
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The most convenient way to analyze the contributions of crazing
and shear processes to creep is to plot the volume strain recorded at any
given stage of the creep test against the corresponding longitudinal strain
as shown for Luran S 757R in Figure 3. The slopes of the lines are 0.85
at 19 MN/m? and 0.89 at 22 MN/m?, indicating that crazing is responsible
for 85-90% of the time-dependent part of the creep. If there were no
contribution from crazing, the slope would be zero, whereas if crazing
were the only deformation mechanism operating during the period of the
measurements, the slope would be unity. Results for Luran S 776S are
similar to those obtained for 757R.

VOLUME STRAIN (%)
N

0 1 2 3 4 5 6
LONGITUDINAL STRAIN (%)

Figure 3. Creep mechanisms in Luran S 757R

Earlier work (4, 6) demonstrated that a high gradient in the volume
strain—longitudinal strain curve is associated with a large drop in the
modulus of the material. This is to be expected, as the crazes have much
lower moduli than the material from which they were formed (7). As a
result of the creep tests described above, the 100 sec tensile modulus
of Luran S 757R at a strain of 0.5% fell from 1.99 to 1.30 GN/m?, and
the modulus of Luran S 776S at a similar strain fell from 1.65 to 0.98
GN/m2.

The effect of stress upon the kinetics of crazing can be represented
by two rate quantities obtainable from the creep data. The linear portion
at the end of the volume strain—-time curve defines a maximum rate of

crazing,—% %mm and the beginning of this period of rapid creep defines
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Figure 4. Eyring relationships for crazing

an induction period, . Graphs of the logarithms of the maximum rate
and of reciprocal induction period against stress are linear over the range
of stresses used. This agrees with the Eyring equation:

e = A exp (yvo/kT) (2)

where ¢ is the rate, A is a constant, y is a stress concentration factor, v
is the activation volume, o is the stress, k is Boltzmann’s constant, and
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T is the absolute temperature. These plots are shown in Figure 4 for
both ASA polymers. Both rate quantities give approximately the same
value, ca. 3500A%, for the apparent activation volume yv for both
polymers.

A similar graph can be plotted for the maximum lateral strain rate
d/dt (—e,) (see Figure 5); this gives an apparent activation volume of
ca. 3000 A3 for the shear processes in both ASA polymers.
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Figure 5. Eyring relationships for shear deformation
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Figure 6. Isotropic Dow 500 ABS: creep at 30.0 MN /m? and
recovery

Isotropic ABS Polymer. Isotropic Dow 500 ABS polymer has the
same general creep characteristics as the ASA polymers described above.
Some typical results are shown in Figure 6. The longitudinal strain e
increases relatively slowly at first, but then accelerates at a strain of ca.
2% and becomes approximately linear with time. Apart from the initial
elastic response, most of the deformation is caused by crazing: the
volume strain follows the same pattern as the longitudinal strain while the
lateral strain remains almost constant throughout the test. The relation-
ship between the volume strain and the longitudinal strain (see Figure 7)
reinforces the conclusion that the creep of this grade of ABS polymer

W L STRESS
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S3r 26-0
p]
z
<
E2F
[72]
W
=
2
- 1 |
e
0 ! 1
0 1 2 3 4 5 6
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Figure 7. Creep mechanisms in isotropic Dow 500 ABS



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch015

15. BUCKNALL ET AL. Toughening Mechanisms 187

is dominated by crazing. The slopes of the lines in Figure 7 are 0.84 at
26 MN/m? and 0.96 at 32 MN/m2 On unloading, the longitudinal strain
falls to ca. 2% : the recovery, like the creep, is dominated by the volume
strain associated with crazing. Again the formation of numerous crazes
reduces the modulus. The 100 sec tensile modulus at 1% strain fell from
2.5 to 1.0 GN/m? as a result of the creep test.

Hot-Drawn ABS Polymer. Draw ratios were varied between 1.0
and 2.9. In order to determine the extent of orientation produced during
drawing, specimens were sectioned and etched: the shapes of the initially
spherical rubber particles are a measure of orientation (8). In general,
the effective draw ratios calculated from particle shapes were close to
the actual draw ratios.

STRAIN (%)

I
0 5000 10000 15000
TIME (s)

Figure 8. Hot-drawn Dow 500 ABS: draw ratio 1.8; creep at
42.0 MN /m? and recovery

With increasing draw ratio the pattern of creep behavior changed
in three ways. Firstly, the creep rate at a given stress decreased, and it
was necessary to use increasingly higher stresses in order to complete the
experiments. Secondly, shear mechanisms made an increasingly impor-
tant contribution to creep, and crazing became correspondingly less im-
portant. Thirdly, the relative importance of crazing and shear processes
became more dependent upon stress level at any given draw ratio.

The increased contribution from shear processes causes a change in
the shape of the creep curves. Whereas creep rates caused by crazing
tend to increase during the test, rates of shear deformation tend to
decrease or to remain constant. Thus with increasing draw ratio the
upturn in the creep curves gradually disappears. This point is illustrated
in Figure 8 which presents results obtained at a draw ratio of 1.8. Volume
strain is almost constant for most of the test, showing only a small increase
during the final stages, which is reflected in a slight upturn in the curve
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of longitudinal strain vs. time. The main contribution to creep comes
from shear processes; consequently the creep rate is almost constant.
Unrecovered shear processes are largely responsible for the strains ob-
served during the recovery stage of the test.

The change in mechanism with stress at an intermediate draw ratio
of 1.47 is illustrated in Figure 9. At all three of the stresses studied
there is little evidence of crazing until 2.2% strain. In the higher strain
region, above 3% elongation, the contribution of crazing to creep in-
creases with stress level. A similar increase in the importance of crazing
with increasing stress is also observed at the higher draw ratios. By
contrast, at a draw ratio of 1.24 crazing is the only significant deformation
mechanism, and there is no change with stress.

:; STRESS
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z /
I % 400
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Figure 9. Creep mechanisms in Dow 500 ABS: draw ratio 1.47

The loss of modulus caused by crazing becomes less pronounced
as the draw ratio is increased, especially in tests carried out at lower
stress levels. This observation supports earlier conclusions drawn from
creep studies on other rubber-toughened plastics (6): if the specimen
can reach a strain of 5% largely or entirely by shear mechanisms, the
loss of modulus resulting from the creep and recovery program is quite
small; if, on the other hand, crazing is the dominant mechanism, the loss
in modulus is large.

Discussion

The creep behavior of the isotropic ASA and ABS polymers is similar
to that previously reported for HIPS (9). The time-dependent part of
the deformation is dominated by crazing which begins slowly, accelerates,
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and reaches a steady high rate. This pattern of behavior can be repre-
sented by a simple model in which crazes are initiated at a constant
rate, are propagated linearly at a constant rate from one rubber particle
to a near neighbor, and are terminated when they meet the neighboring
particle (9). According to this model the rate of crazing is constant when
the rate of termination is equal to the rate of initiation. At this stage the
population of active (propagating) crazes reaches a stable number and
size distribution. Once this condition is fulfilled, the rate of craze termina-
tion (and therefore of craze initiation) controls the rate of increase in
the total amount of craze material. Therefore the maximum rate of crazing
is a measurement of the rate of initiation of crazes.

The reciprocal induction period 77, on the other hand, measures the
rate of propagation of crazes. During the early stages of creep, there is
no termination. New crazes are initiated, and existing ones grow so that
the total rate of crazing increases. This period of acceleration ends when
some of the crazes are large enough to terminate on reaching the rubber
particles towards which they are propagating. Increasing the rate of
propagation of crazes shortens this period—there is an inverse relationship
between propagation rate and induction period.

Over the stress range studied the difference in rubber content be-
tween the two ASA polymers causes a difference of approximately a
factor of 10 between the materials in all three rate quantities—uviz., maxi-
mum rate of crazing, reciprocal induction period, and rate of shear. There
are at least two contributing factors. Firstly, at any given applied stress
the stress concentrations around each individual rubber particle are
higher at higher rubber contents. Secondly, the material that has more
rubber particles contains more initiation sites for crazes and shear bands.
Referring to the Eyring equation, the first factor affects the stress con-
centration parameter y, whereas the second affects the pre-exponential
factor A.

In principle, the effect of rubber content upon 7y can be determined
from the differences in apparent activation volume yv obtained from
Figure 4, since the true activation volume should be the same for both
materials. In practice, the scatter in the results reduces the reliability
of the estimate in the present work.

Stress concentrations around isolated spherical inclusions in an iso-
tropic matrix have been calculated by Goodier (10), but apparently there
is no satisfactory theory for the problem of concentrated dispersions. A
simple approach would be to use Goodier’s equation and to allow for
the effect of the high concentration of rubber particles simply by adding
the calculated stress concentrations that arise from neighboring particles.

Further work is required in this area. Preliminary examination sug-
gests that the data presented in Figures 4 and 5 for the two ASA poly-
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mers can be superposed by applying a scaling factor, related to v, to the
stress axis, together with a vertical shift to account for the difference in
concentration of craze or shear band initiation sites. The rate of crazing
is not related simply to the number of rubber particles, however, as the
amount of crazed material generated from each initiation event becomes
smaller as the interparticle spacing is reduced.

Over most of the stress range, the amount of shear deformation oc-
curring in the ASA polymers is too small to affect the rate of crazing,
but there are signs of some interaction at lower stresses, particularly in
Lurans 776S at 19 MN/m2 At these lower stresses, the rates of crazing
and reciprocal induction periods are lower than expected from an ex-
trapolation of the line through the data for higher stresses. This type
of interaction has already been noted in other rubber-toughened poly-
mers (11).

An interaction between crazes and shear bands is also suggested in
the data for drawn ABS. As the draw ratio increases, the rates of crazing
and of shear deformation observed at any given applied stress drop. Both
factors contribute to the fall in overall creep rate. The net effect is to
increase the relative importance of shear deformation. Highly drawn
ABS polymer reaches 5% strain without significant craze formation. This
result agrees with previous observations that crazing is suppressed in
highly drawn material. The interaction between crazes and shear bands
has a similar origin—crazes do not propagate readily through the oriented
polymer constituting a shear band. In hot-drawn ABS, rates of crazing
are low both because of the difficulty of initiating and propagating crazes
in the oriented SAN matrix and because the progressive formation of
sheared zones during the creep experiment further hinders craze
propagation.

Conclusion

The results indicate how quantitative creep studies can help in
understanding structure-property relationships in rubber-toughened plas-
tics. This understanding is of value both to the materials scientist in
developing improved materials, and to the engineer, in selecting and
using toughened polymers. The data of most interest to the engineer
are probably those presented in Figures 4 and 5 showing both the time =
for the start of rapid crazing and the rate of shear deformation as func-
tions of applied stress. The effects of orientation are also important.
Since crazing leads to a major drop in modulus, the increasing participa- -
tion of shear mechanisms in deformation, as the draw ratio is increased,
leads to a reduction in the extent of strain damage under load.
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Although the present study covers a range of strain rates, it is
essentially restricted to slow tensile deformations. However the main
interest in rubber-toughened plastics centers upon their behavior at high
rates of strain, especially under impact loading, and the logical extension
of the work involves applying the same techniques to deformation at very
high rates of strain. It is difficult to measure strain accurately at higher
strain rates, but considerable progress has been made in solving this
problem. Both Cessna (I2) and Fenelon and Wilson (13) measured
volume changes in ABS during the tensile impact test by marking a grid
on the specimen and recording longitudinal and lateral strains with a
high-speed movie camera. Their results show that the crazing and shear
deformation mechanisms observed at low strain rates also operate under
impact loading. There is clearly scope for further work in this area.
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Prediction of response of a material to high rate impact
involving wave propagation effects such as spallation re-
quires computer analysis utilizing accurate mechanical prop-
erty data. The rate sensitivity of these properties is signifi-
cant in polymeric materials and must be characterized in an
accurate model. Since rubber modification can suppress
spallation, markedly improving high rate impact resistance,
the rate and temperature sensitivity of the yield stress of a
promising series of rubber modified acrylics was character-
ized as a function of rubber content. Apparent activation
parameters were determined to elucidate the nature of the
flow process. The yield criteria obtained help to explain the
occurrence of a maximum in impact resistance with increas-
ing rubber content and may be used in computer analysis
to predict detailed response to impact.

T he use of polymeric materials to protect against high rate particle and

projectile impacts is extensive and increasing rapidly. Since polymeric
materials combine light weight with actual or potential transparency,
their use in these applications is natural. However, the detailed nature
of the response of polymeric materials to this type of impact (i.e., impact
conditions involving microsecond interaction times as compared with
second interaction times in quasistatic loading or millisecond interaction
time in conventional Izod impact loading) is not well understood. These
differences arise from two sources. The first is the general rate sensitivity
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of the mechanical properties of polymers, and the quantification of this
rate sensitivity could explain several observed differences between Izod
impact and high rate projectile impact (1). Another factor is the influ-
ence of such wave propagation effects as spallation which become impor-
tant as the velocity of impact becomes comparable with the velocity of
propagation of stress waves through the material. Spallation is discussed
later in greater detail.

Analysis of these effects is difficult and time consuming. Much recent
work has utilized two-dimensional, finite-difference computer codes which
require as input extensive material properties, e.g., yield and failure cri-
teria, and constitutive laws. These codes solve the equations of motion for
boundary conditions corresponding to given impact geometry and veloci-
ties. They have been widely and successfully used to predict the response
of metals to high rate impact (2), but extension of this technique to
polymeric materials has not been totally successful, partly because of the
necessity to incorporate rate effects into the material properties. In this
work we examined the strain rate and temperature sensitivity of the yield
and fracture behavior of a series of rubber-modified acrylic materials.
These materials have commercial and military importance for impact
protection since as much as a twofold improvement in high rate impact
resistance can be achieved with the proper rubber content. The objective
of the study was to develop rate-sensitive yield and failure criteria in a
form which could be incorporated into the computer codes. Other mate-
rial properties (such as the influence of a hydrostatic pressure component
on yield and failure and the relaxation spectra necessary to define visco-
elastic wave propagation) are necssary before the material description is
complete, but these areas will be left for later papers.

Experimental

Materials. This study was directed primarily toward a series of
American Cyanamid materials (3) with a terpolymer matrix of methyl
methacrylate, styrene, and acrylonitrile modified by particles of butadiene
rubber with a graft layer of matrix material to ensure good bonding
between matrix and rubber. These particles were approximately 1000 A
(100 nm) in diameter but exhibited considerable agglomeration with
diameters of particle clumps up to 5000 A (see Figure 1). The American
Cyanamid materials studied contained 0, 4, 10, and 13% rubber. Also
included in the study for comparison purposes was a Goodyear Research
material (4) also containing 13% rubber with the smaller rubber par-
ticles approximately 500 A in diameter well dispersed in the matrix (see
Figure 2). The matrix in the Goodyear material was also a glassy
terpolymer.

At quasi-static rates of loading the effect of the rubber particle is
twofold. First, the stress concentrations near the rubber particles induce
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Figure 1. Transmission electron micrograph
(22,050X) of American Cyanamid rubber-
modified acrylic with 16% butadiene rubber

Figure2. Transmission electron micrograph
(20,250X ) of Goodyear rubber-modified
acrylic with 13% butadiene rubber
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the material to yield locally. This yielding can be either dilational (craz-
ing) or distortional (shear yielding). In these materials crazing predomi-
nates, but the occurrence of shear yielding cannot be ruled out, especially
near the small rubber particles. Tge second effect of the rubber particles
is to stabilize the crazes once they have initiated and thus prevent the
formation of flaws which could propagate catastrophically to produce
brittle fracture. This craze—cracl? mechanism is the process by which
brittle fracture occurs in the unmodified matrix materials.

Procedures. The specimens were tested in an Instron Universal
testing machine at 0°, 23°, 50°, and 75°C and at crosshead extension
rates of 0.02, 0.2, 2.0, and 10.0 inches/min. Clip-on strain gage extenso-
meters were used to record sample strain, and testing was done in an
environmental chamber capable of maintaining the selected temperature
to within +0.5°C. All samples were soaked at temperature for at least
30 min before testing.

The Role of Spallation in High Rate Impact

At high rates of loading the britttle nature of the unmodified material
is manifested by the occurrence of spallation (see Figure 3). Spallation

Figure 3. Multiflash photograph of ¥ inch plexi-
glas under ballistic impact. Projectile is moving
from right to left.

is fracture away from the impact point caused by dynamic tensile stresses
which arise from interactions of the intial, compressive stress pulse with
unloading waves from the free surfaces. Spallation results in particles
with fairly high velocities being ejected from the rear surface, and it also
decreases the effective thickness of the material resisting the impact.
Occurrence of spallation significantly decreases the impact resistance of
a polymeric material, and conversely, suppression of spallation by various
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means is a very powerful method of enhancing impact resistance. If the
material can be induced to yield rather than to fracture, spallation can
be eliminated, and plug-like failure at the projectile occurs instead.

As is shown in Figure 4, spallation is suppressed by rubber modifica-
tion. On the left are front and rear views of an unmodified matrix mate-
rial which has been subjected to partial penetration by a metal projectile.
Extensive spallation and radial cracking are apparent. The material on
the right is the same matrix material modified by incorporating 16%
rubber (see Figure 1). Figure 4 illustrates the response of this modified
material to both partial and complete penetration. At a given rate of
loading as the rubber content of the system is increased, spallation is
eventually eliminated, and a maximum in impact resistance as a function
of rubber content is achieved. Stress whitening replaces spall fracture.
In these materials stress whitening accompanies crazing at quasi-static
rates of loading. A measurable decrease in density in impacted samples
indicates that crazing also occurs at high loading rates.

Additional evidence of crazing at high loading rates can be seen in
Figure 5 which is a transmission electron micrograph of a section obtained
from the stress-whitened area shown in the previous figure. The section
was obtained using an ultramicrotome at liquid nitrogen temperature
and subsequent staining with osmium tetroxide. This micrograph shows

LllvlllllllilllllIlll!m
i o —— —

Figure 4. Front and rear views of American

Cyanamid materials subjected to ballistic impact.

Material on left is unmodified; material on right
contains 16% rubber.
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Figure 5. Transmission electron mzcrograzh
il 600X ) of craze material produce
ic impact in American Cyanamid ma-
terial with 16% rubber

crazes that propagated outward into the glassy matrix from points of
initiation at the particle-matrix interface. This provides experimental
evidence that craze yielding is an important factor in the response of
these materials to high rate impact. To quantify this response, especially
in regard to spallation, one must quantify the rate dependence of yield
by crazing in these materials.

Choice of an Analytical Yield Criterion

Simplicity is highly desirable in a yield criterion used in a wave
propagation code since the numerical schemes are often only conditionally
stable and since ease of implementation is desirable in any case. Sim-
plicity is attained by assuming that the yield process is controlled by a
single, thermally activated mechanism which can be described by the
Eyring rate theory. Given do/dt — 0, satisfied during yield (o is stress),
a viscous flow process can be assumed to be occurring, produced under
the action of an applied shear stress along a series of parallel layers in
the stress direction. The basic process is a jump of a molecular patch
from one equilibrium position to another; in glassy polymers this flow
patch is a molecular segment. Assuming a symmetrical energy barrier of
height E, (attributed to the energy required to open a new equilibrium
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position for the flow unit) which can be biased in the forward direction
by the applied stress, the Eyring theory gives

¥ = o exp [— (Eo — vr)/RT] (1)

where 1 is the shear strain rate, '5/0 is a pre-exponential, v is an activation
volume, = is the molecular shear stress, R is the gas constant, and T is
the absolute temperature (5).

Since spallation is controlled by the response to tensile stress pulses,
the measurements of yield behavior were performed in uniaxial tension
rather than in shear, and a tensile yield stress criterion was required.
Bouwens—Crowet et al. (6) rearranged Equation 1 to give an expression
for the uniaxial-tension yield stress oy as follows:

(0;/T) — A [Iné + In B + (Eo/RT)] (2)

where A and B are modified constants related to the molecular parameters
v and 7,, and ¢ is the tensile strain rate. Yield data can be fit to this

equation to give values of the apparent activation energy E,, although
A and B cannot be used directly to determine the activation volume and
the pre-exponential. Although more complex forms of this equation are
available, including for example the influence of multiple yielding mecha-
nisms, we determined the applicability of this simple equation as a yield
criterion by performing quasistatic tensile tests as a function of strain
rate and temperature and by fitting these data to Equation 2.

Results and Discussion

Representative stress—strain curves for the various materials, rates,
and temperatures are shown in Figure 6. Tests were replicated from two
to five times; in general these replications had very high reproducibility
in yield values. Values at fracture, especially fracture strain, showed
much more scatter. Accordingly the yield values of the unmodified mate-
rial, which are really fracture values, also contained more scatter. (In the
plots of yield values to follow, the data symbols lie over all of the replica-
tion values unless the values are sufficiently spaced to permit another
symbol.)

Figure 6a shows the effect of rubber content on the stress—strain
behavior of these materials. All the rubber-modified materials exhibited
a load maximum under all testing conditions. In most tests the unmodified
material failed before it exhibited a yield maximum, although the data
were reduced in the same manner used for the other samples. In all cases
the yield stress decreased as the rubber content was increased, but the
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Figure 6a. Stress—strain curves for various rubber-modified acrylics at

0.2 inch/min and 23°C
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Figure 6b. Stress—strain curves for 10% American Cyanamid material
at 23°C and various displacement rates
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Goodyear material with the same rubber content as the 13% American
Cyanamid material exhibited more ductile stress—strain behavior. Possible
reasons for this difference will be discussed later in the paper. Figure 6b
shows the effect of rate on the behavior of the 13% American Cyanamid
material. The yield stress increases with strain rate as was the case in
all materials tested. Figure 6c shows the effect of temperature on the
behavior of the same material. Again, as was the case in all materials
tested, the yield stress decreases as the temperature is increased.

0

Stress (ksi)

4t 50 %

0 " s N 1 N N " " 2 N
0 4 8 12 16 2

Strain ( percent)

Figure 6¢c.  Stress—strain curves for 10% American Cyanamid material
at 0.2 inch /min and various temperatures

To determine the applicability of the Bauwens—Crowet criterion,
these these data were plotted as o,/T vs. log ¢ and 1/T. Figure 7 shows
the results for the 13% American Cyanamid material. As seen in Figure
7a, the behavior is linear at each temperature, and the slopes are the
same except at 75°C. At 75°C yielding becomes localized, stress whiten-
ing diminishes, and the material appears to undergo a transition in its
yield behavior. Since we were interested only in the high effective strain
rate behavior, we used only the data obtained at 0°, room temperature,
and 50°C to calculate the slope. A good least-squares linear fit was
obtained from the data, and the slope obtained in these calculations can
be used to determine the value of the constant A in the Bauwens—Crowet
equation. As Figure 7b indicates, the yield behavior of the material is
more sensitive to temperature than to strain rate. This illustrates the
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Figure 7a. oy,/T vs. log & for 13% material

advantage of low temperature testing. If an equivalence between low
temperature and high rate conditions can be established, details of the
mechanical behavior can be studied much more easily at low tempera-
tures than at high rates. The slope obtained by least-squares fit to the
oy/T vs. 1/T data, can be used along with the value of A to determine E,.
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Figure 7b. o,/T vs. 1/T for 13% material
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Table I. Constants from Bauwens—Crowet
Equation for Various Materials

Material A inB E,
American Cyanamid 0% 1.25 29.6 40.2
American Cyanamid 4% .98 36.2 63.6
American Cyanamid 10% .90 30.1 56.0
American Cyanamid 13% 75 32.5 59.3
Goodyear 13% 1.12 19.2 39.5

Table I shows the values of these activation parameters for the mate-
rials tested. A time-temperature superposition shift factor (A) can be
calculated from Equation 2 as follows:

A=logar=Eo/R [(1/T) — (1/Tre)] (3)

and this value of A can be used to obtain master curves of oy/T against
log effective strain rate. The fit of these shifted data to the Bauwens—
Crowet equation is another test of the applicability of the Bauwens—
Crowet criterion to these materials.

Using room temperature as a reference the shifted data for the Ameri-
can Cyanamid 13% material is shown in Figure 8. The fit to the Bau-
wens—Crowet equation represented by the solid line is excellent especially
at high effective strain rates. The data obtained at 75°C are included in

60
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50 C -0O-
-~ 8¢ 3% -o-
ot 0% -a-
= 30 A
Bi- st
-0
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l5 B }%/D/
rV/
0 1 1 1 I 1 —
9 % -3 0 +3 +6 +9
Log Sa;

Figure 8. o,/T vs. log 8ay for 13% material. T, =23°C
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this figure but were not used to calculate the contents for the Bauwens—
Crowet equation. The fit to the Bauwens—Crowet equation was good at
the high effective strain rate for all American Cyanamid materials tested,
even the unmodified material.

Turning to Table I, values of the parameter B are essentially the
same for all the American Cyanamid materials but differ for the Goodyear
material. These values are calculated from the intercept of the o,/T vs.
log effective strain rate curve. This value reflects the pre-exponential in
the Eyring equation and therefore depends on the basic frequncy of the
flow unit as modeling by Eyring. This value should be characteristic of
the matrix since the actual flow process occurs in the matrix material.
Therefore differences in matrix formulation between the American Cyana-
mid and Goodyear materials are indicated by the data. This conclusion
is borne out by the fact that the Goodyear material undergoes a gradual
transition in the effective strain rate range of the study manifested by an
upward curvature in the data points around the line representing the
Bauwens—Crowet equation. Roetling (7) reported yield data for pure
PMMA which exhibits this same curvature. Analysis of data in a transi-
tion region requires the use of the more sophisticated Ree—Eyring model
however, and activation parameters obtained from the simple Bauwens—
Crowet equation are essentially meaningless. Since the simple Bauwens—
Crowet equation seems a good model for the American Cyanamid mate-
rials, information about the basic nature of the yielding process in these
materials may be obtained from examining the Bauwens—Crowet activa-
tion parameters. The values of E,, apparent activation energy, are essen-
tially the same for all the rubber modified American Cyanamid materials.
Under all test conditions all these materials exhibited whitening at yield
accompanied by a decrease in density. This indicates that crazing occurs
extensively in all these materials and that ca. 60 kcal/mole is the appro-
priate apparent activation energy for this process; 40 kcal/mole, which is
observed in the unmodified American Cyanamid material, represents the
apparent activation energy for craze fracture and not that for craze
yielding. Even though a yield point was not observed, the data were
included in the analysis since crazing would still be involved in the
fracture process. Although there is considerable scatter in the fracture
data, it still behaves in a linear fashion describable by the Bauwens—
Crowet equation indicating the thermally activated nature of this frac-
ture process. The values of A listed in Table I are a measure of the sensi-
tivity of the yield stress of each material to the applied strain rate. Also
the Bauwens—Crowet constant A is inversely proportional to the apparent
activation volume v in the Eyring equation. It can be seen from Table I
that the rate sensitivity becomes less pronounced and the apparent activa-
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tion volume increases as the rubber content increases. This may reflect
the fact that increasing the amount of rubber induces a larger volume of
matrix to undergo yield.

Figure 9 compares the master curves obtained for all the materials
tested. At a given effective strain rate, which would correspond to a
given impact velocity, the material with the lowest rubber content gives
the highest yield stress. Barring spallation, the highest yield stress should
correspond to the highest impact resistance since high speed photography
of high rate impact indicates that strains during plug-flow under impact
are essentially the same for all these materials. However if spallation
occurs because of the material’s inability to yield under dynamic tensile
stresses, the impact resistance of the material is drastically reduced.

60

( psi 1%)

A7
+

9 % 3 0 +3 +6 +9
log §&;
Figure 9. Comparison of shifted curves for various materials

Thus at a given rate the lowest rubber content which can induce ductility
and suppress spallation will result in maximum energy absorption under
impact. If this yield—spall transition coincides with the ductile-brittle
transition which occurs in these tensile tests, the effective strain rate of
the onset of spallation could be predicted by tests of this type. This
ductile-brittle transition occurs at low effective strain rates for the un-
modified material since it is brittle through the range of conditions used
in these tests. For the 4% material at the highest effective strain rates
achieved in these tests, the load maximum is just beginning to disappear.
Thus, if rate-temperature equivalence holds, extension of these test to
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lower temperatures should allow prediction of both yield stress and the
occurrence of spallation as a function of rubber content and rate. By this
means the optimum rubber content for a given strain rate or impact
velocity could be predicted.

Conclusions

First, the role of rubber modification in high rate impact is to sup-
press spallation by inducing the material to yield in the presence of
dynamic tensile stresses arising from impact. Second, this yield—spall
transition occurs at different strain rates for different rubber contents and
may be predictable using quasistatic, low temperature tests of this type.
These tests can also provide information concerning the basic nature of
the yield process in these materials through the activation parameters
which are obtained. Third, the Bauwens—Crowet equation seems to be a
good model for the rate and temperature sensitive behavior of the
American Cyanamid materials and is therefore a likely candidate for a
yield criterion to use in the analytical code work on these materials which
we hope to perform as a continuation of this work.
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Simultaneous Interpenetrating Networks
Based on Epoxy/Acrylic Materials
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Simultaneous interpenetrating networks (SIN’s) were pre-
pared by simultaneously synthesizing crosslinked epoxy
and poly(n-butyl acrylate) polymers. A two-phase mor-
phology emerged with the dispersed rubber domains being
0.1-0.5 . in diameter. The actual dimensions of the dis-
persed rubber phase domains and the extent of molecular
mixing between the components depended on the relative
polymerization rates or reaction gel times in relation to the
time of phase separation. Although most molecular mixing
occurred when the reactions were closest to simultaneity,
better mechanical properties resulted when conditions were
removed slightly from simultaneity. In some of the SIN’s
the main glass transition temperature was abnormally
higher than that of the cured epoxy resin. Entrapment of
low molecular weight epoxy in n-butyl acrylate phase
domains was proposed as a cause.

Two polymeric species can be combined in a variety of ways, each

producing a distinctive material. Mechanical blends contain no ap-
preciable interspecies bonds, while graft copolymers and block copoly-
mers contain variable percentages of bonds joining the two components.
In addition the two polymers may be either linear or crosslinked. Also, if
the monomers are mixed before polymerization, different morphologies
and mechanical behavior patterns will develop. Morphologies and prop-
erties may also vary if the polymerization reactions are run simultane-
ously or sequentially.

Simultaneous interpenetrating networks (SIN’s) are produced by
running two essentially independent and noninterfering, crosslinking

? Present address: Mobil Chemical Co., Plastics Division, Macedon, N. Y. 14502.
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polymerizations simultaneously in the same container under the same
conditions (I, 2). An example might be a condensation and an addition
reaction. Ideal SIN’s are produced if the polymerizations form entirely
independent, crosslinked networks. However because of the nature of
simultaneous polymerizations, some interaction between the two com-
ponents is expected. As long as the crosslinking in each component is
much greater than grafting between the components and copolymerization
does not occur, the networks can be considered largely chemically (but
not physically) independent as a first approximation. In the present
work an epoxy resin serves as the condensation polymer, and poly(n-
butyl acrylate) serves as the addition polymer.

Similar materials but with different topologies and mechanical be-
havior have been made by combining epoxy and vinyl or acrylic polymers
by conventional graft polymerization. A vinyl or acrylic polymer with
or without (3-60) active graft sites is added to an epoxy resin prepolymer,
and the epoxy is cured with a greater or lesser extent of grafting to the
vinyl polymer.

Nearly all polymer blends undergo phase separation to some extent
because of the small entropy gained and usual positive heat of mixing.
Phase separation is controlled by the change in the Gibbs free energy
of mixing, AF,,, which is:

AF, = AH, — T AS. (1)

where AH,, and AS,, are the changes in enthalpy and entropy of mixing,
and T is the absolute temperature at which mixing occurs. Complete
mixing can occur if AF,, is zero or negative. Because of their low initial
molecular weight, the monomers, prepolymers, and crosslinking agents
involved in simultaneous polymerization have a large entropy gain on
mixing and hence are soluble in each other. At some point during simul-
taneous polymerization, as the molecular weight of each polymer in-
creases, AS, decreases sufficiently so that a positive AF,, results, and
phase separation occurs. However it is thought that phase equilibrium
may be kinetically hindered by the simultaneous polymerization of two
networks. Specifically the chain entanglements and crosslinking asso-
ciated with simultaneous polymerization would be expected to restrict
mechanically phase separation, Maximum restriction of phase separation
should result when the polymer begins to gel near or before the time at
which AF,, becomes positive and at which phase separation can first
occur. Thus phase separation in a simultaneous polymerization is con-
trolled by the relative times of gelation and phase separation.

Varying the relative rates of the two reactions in a simultaneous
polymerization permits a great variety of synthetic detail. One component
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can be allowed to react faster, slower, or at nearly the same rate as the
other component. It is both convenient and of interest to study simul-
taneous polymerizations when their reaction rates and gel times are
nearly equal. In addition the reaction rates can be varied slightly to
produce reactions that are more or less simultaneous to study the effects
on the microstructure and mechanical behavior of the materials produced.

A Brief History of IPN’s and SIN’s. Simultaneous interpenetrating
networks (SIN’s) constitute a subgroup of a larger class of materials
which are known as interpenetrating polymer networks (IPN’s). IPN’s
are unique types of graft copolymers because they consist of two cross-
linked polymer networks that are intimately mixed but largely chemically
independent. The first IPN’s reported in the literature were prepared
by Millar (61) who used swelling techniques to produce polystyrene/
polystyrene IPN’s, both components being equal. Polystyrene network I
was swollen with styrene, initiator, and crosslinking agent and was
polymerized in situ to form network II. Shibayama and Suzuki (62, 63)
studied similar IPN compositions with both networks composed of poly-
styrene. Shibayama and Kodama (64, 65) using the same swelling tech-
nique synthesized IPN’s with two chemically different plastic networks:
one composed of polystyrene (PS) and the other composed of poly(methyl
methacrylate) (PMMA). IPN’s of the type made by Millar swelled less
than the corresponding single networks with the same chemical crosslink
density. The reason for the swelling restriction was the permanent defor-
mation and reduced entropy imparted to network I by the swelling of
monomer II.

Sperling and Frisch both reported distinguishable polyblend topolo-
gies composed of two different network polymers. Frisch’s polyblends
(66, 67) were designated as interpenetrating elastomeric networks
(IEN’s) because the original materials had two elastomeric components.
The IEN’s were made by mixing polyurethane (PU) and polyacrylate
(PA) emulsions and by crosslinking after film formation. The PU was
crosslinked by a triol, and the PA was crosslinked by allowing double
bonds in the polymer to react with sulfur. Sperling and Friedman (68)
however were the first to report making an interpenetrating polymer net-
work with one network a plastic and the other a rubber component.
Sperling and co-workers (68-81) used a swelling method similar to
Millar’s in an effort to obtain a polyblend with finely divided phases with-
out mechanical mixing. In IPN’s and IEN’s components were chemically
different; thus incompatibility and phase separation resulted. The phase
structure was influenced largely by the compatibility of the two networks,
the crosslink density, and the order in which they are formed. The phase
domain size of the IEN’s was controlled by the latex particle size.
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When one polymer of an IPN was plastic and the other was rubber,
the combination showed synergistic properties; reinforced rubbers, impact
resistant plastics, or noise damping materials were reported. Because of
the macroscopic network structure formed in IPN’s, they are thermoset
and cannot be molded. However IPN’s have been made by emulsion
polymerization so that each individual emulsion particle is an IPN in
miniature form containing both networks (75, 76, 77, 78, 82, 83). Emul-
sion polymerization allows the molding of IPN’s if the crosslink density
of the “miniature” IPN’s is not too high.

A novel approach to IPN synthesis was reported by Sperling and
Arnts (1). They synthesized two polymer networks by simultaneous yet
independent reactions in the same container at the same time. Compli-
cated interactions were eliminated in the SIN’s by combining free radical
(acrylate) and condensation (epoxy) polymerization. The present work
uses the basic technique of Sperling and Arnts.

Since work on this project was begun, several cases of simultaneous
polymerization have been reported. Frisch et al. (82, 83, 84, 85, 86)
studied simultaneous polymerizations that consisted of two crosslinked
components: one a polyurethane and the other either a polyester, a
polyacrylate, or an epoxy. They mixed the prepolymers with their
respective crosslinking agents in solution or bulk and then cured them
in situ. Allen et al. (90-95) studied a system combining free radical and
condensation polymerization reactions. They mixed polyurethane elas-
tomer prepolymers and catalysts with an addition type monomer, usually
methyl methacrylate, and initiator. The polyurethane polymerization was
always started at room temperature; later the free radical polymerization
was begun at 50°-70°C. In all cases the polyurethane gelled before the
free radical polymerization began because of the prereaction of the ure-
thane and the induction time of the free radical polymerization. However
the urethane polymerization was not complete when the free radical
polymerization started. The materials of Allen et al. (90-95) may be
designated semi-SIN’s because only one component, the polyurethane, was
crosslinked and the second component was linear. Several other examples
of SIN’s (93) and semi-SIN’s (97-103) with similar topologies have also
been reported in the literature (see Appendix).

Experimental

Synthesis. The samples in this study were made by heating a low
molecular weight epoxy prepolymer, Epon 828, Shell Chemical Co., to
120°C and adding with stirring 31.1 parts phthalic anhydride per 100
parts epoxy. After the epoxy mix prereacted for set times, n-butyl acrylate
monomer was added along with di-tert-butyl peroxide initiator and cross-
linking agent diethylene glycol dimethacrylate (DEGDM). Two percent
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isoprene based on n-butyl acrylate was added to provide unsaturation in
the polymer for osmium tetroxide staining. The reaction flask was purged
with dry nitrogen and sealed. Stirring was continued at 120°C until the
reaction mix became sufficiently viscous to prevent the lighter rubber
component from rising to the surface and producing gross layering. The
mix was then poured into heated glass plate molds. The reaction was
run for at least three days at 120°C, which is above the glass transition
temperature of the epoxy, so that the reaction was not hindered by
vitrification (106, 107). The reaction was continued an additional day
at 150°C to ensure full curing of the epoxy. The sample was then cooled
and removed from the mold.

Instrumental Technique. The morphology and mechanical behavior
of the SIN compositions were studied Ey electron microscopy, dynamic
mechanical spectroscopy (DMS), and tensile and impact tests. Materials
were prepared for electron microscopy by first drying pretrimmed samples
in a vacuum oven for two days at 75°C. The samples were then stained
in osmium tetroxide vapors (108, 109) for at least 19 hr. After staining,
ultramicrotome sections ca. 700 A thick were obtained using a diamond
knife with a Sorval Porter-Blum ultramicrotome. Electron microscopy
was done on a Philips model 300 transmission electron microscope.
Dynamic mechanical spectroscopy was done with a Rheovibron model
DDVII on vacuum-dried samples by increasing the temperature from ca.
—150° to 150°C at about 1°C per min. Dynamic mechanical spectroscopy
measured the storage modulus, E’, and the loss modulus, E”. The quanti-
ties E’ and E” are related through the equation

E"/E’ = tan 3 (8)

where § is the phase angle between E’ and E”, the in-phase and out-of-
phase components of the complex modulus. Tensile (Instron) and
notched impact tests (Charpy) were made on at least four standard size
samples from each action, and the averages were reported.

Independent Variables. Simultaneous synthesis of two polymer net-
works is a complex process. Many independent variables are available
for study and not all could be explored in a limited investigation. The
emphasis in the present study centers on those variables whose predomi-
nant effect is to influence the relative rates or gelation times of the
reactions. Three independent variables were selected: (a) the concen-
tration of di-tert-butyl peroxide initiator was changed to vary the rate of
polymerization of n-butyl acrylate; (b) the epoxy mix was allowed to
prereact for different lengths of time before the acrylate mix was added,
and (c) the amount of DEGDM added to the acrylate mix was varied
to control the gel time of the acrylate without significantly affecting its
rate of polymerization.

Experiments were centered around conditions that would result in
simultaneous polymerization or simultaneous gelation of the two com-
ponents. Reactions off center resulted in one reaction or the other pro-
ceeding faster. Thus a range of properties at or near simultaneous gela-
tion could be systematically observed. The range of the initiator con-
centration was 0.18-0.46% (based on n-butyl acrylate). The epoxy was
prereacted from one to eleven hours before the acrylate mix was added.
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The length of time the epoxy could prereact was limited at the high end
b{ the gel time of the epoxy which was about 14 hr. The concentration
of DEGDM was variedli)etween 0 and 1.6% based on n-butyl acrylate.
(Note that 0% DEGDM content produces a semi-SIN.) The ranges of
all variables were preselected so that the reactions were most nearly
simultaneous in rate when the variables were at the midpoint of their
experimental ranges. The experimental conditions are given in Table 1.

Table I. Experimental Conditions Levels of the Independent Variables

Initiator Epozy DEGDM
Experiment Concentration  Prereaction Time  Concentration

Number (%) (Rr) (%)
1 0.40 9 1.28
2 0.40 9 0.32
3 0.24 9 1.28
4 0.24 9 0.32
5 0.40 3 1.28
6 0.40 3 0.32
7 0.24 3 1.28
8 0.24 3 0.32
9 0.32 6 0.00
10 0.32 6 1.60
11 0.32 1 0.80
12 0.32 11 0.80
13 0.18 6 0.80
14 0.46 6 0.80
15 0.32 6 0.80
16 0.32 6 0.80
17 0.32 6 0.80
18 0.32 6 0.80
19 0.32 6 0.80

Dependent Variables. Electron microscopy revealed the size and
shape of the phase domains, and DMS gave complementary information
about the extent of molecular mixing and phase continuity. The stress—
strain and impact studies revealed the extent of toughness of the materials.

The quantitative data used from DMS and electron microscopy in
the computer study included: (a) the average length and width of the
discontinuous (n-butyl acrylate) phase; (b) the glass transition tempera-
ture of the continuous epoxy rich phase (T,:), (¢) the glass transition
temperature of the discontinuous poly (n-butyl acrylate )-rich phase (T,z),
and the height of the low temperature loss modulus peak caused by the
acrylic glass transition (HT,,). The glass transitions are defined in the
present work as the temperatures at which the corresponding loss moduli
have maxima. Other dependent variables included impact strength, ulti-
mate tensile strength, elongation at break, and toughness, denoted by the
area under the stress—strain curve. In addition the gel time of the reaction
mix was estimated roughly by the viscosity of the mix and was taken as
the time when stirring was stopped and when the material was poured
in the mold.
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Computer Program. Because of the complexity of the problem
stemming from the many variables, computer programs were used to
assist in the analysis. The experiments were designed in such a way
that more information could be obtained from fewer experiments than
is the case with traditional noncomputer-related experimentation. The
exi)erimental design used was a rotatable central composite design de-
veloped by Box and Wilson (110) and described by others (111, 112,
113). In the rotatable designs all experimental points were at a constant
distance from a central experimental point. A rotatable design was
ideal for the experiments because it revealed how the properties varied
from simultaneous conditions with three independent variables.
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Figure 1. Rotatable central composite experimental design

The center of the experimental design was chosen as the point
thought to give simultaneous gelation with both reactions proceeding
at a moderate rate. Since the experiments included three independent
variables, initiator concentration, epoxy prereaction time, and DEGDM
concentration, the design was set up in three dimensions. Experiments
were conducted on and around the center point of a cube as shown in
Figure 1. There were eight experiments around the center point on the
corners of the cube. Six additional experimental points an equal distance
from the center were found along axes through the centers of the faces
of the cube. In addition, the center point was replicated so that the ex-
perimental error could be found. The experiments were conducted in
random order so that any time trends would tend to average out and
not favor any one direction. Also the experiments were carried out in
two blocks so that no direction would be favored by variables such
as the machining of the samples.

Mathematical models that represented the relationships between the
dependent and independent variables were developed. Once the model
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was developed, the relationships between the dependent and independent
variables could be represented by a response surface. It was convenient
to display the response surfaces by contour graphs developed by a com-
puter program. Holding one independent variable constant, the experi-
mental conditions were described by the x and y coordinates representing
the other two independent variables. The response surface was. indicated
in the third dimension by iso-valued contour lines.

The entire response surface could be predicted from the few experi-
ments performed because the rotatable design had equal predictability
in all directions. If we assume that the responses are functions of the
independent variables’ levels:

Y = f(xuxexs) (9)

where Y is the measured response and x;, x2, and x3 are the independent
variables, a mathematical model can be used to describe the response
surface. In the present case, there was evidence from preliminay experi-
ments that the response surface was not planar, and a second-order
model was used to describe the surface:

Y = BoXo + Ble + BzXz + B3X3 + Bu)(l2 + Bszzz

(10)
+ B33X32 + Bmxl)(z + 3137(17(3 + BzaXzXa + E

where xo is a constant always equal to unity, and the B’s are coefficients
determined by the method of least squares, a method which minimizes
the sum of squares of the error E. In practice, the coefficients are deter-
mined by a computer program which conducts a stepwise regression
analysis of the data by the method of least squares. Statistical tests were
then used to determine if the model was valid. When it was found that
the model was valid, the response surface could be plotted by the
computer.

Results

General. Because of intense light-scattering effects, the samples
produced were various shades of blue-white. Some samples were opaque,
while others were nearly clear. The milky appearance of these materials
indicated a two-phase morphology. The SIN materials were also all
significantly tougher than the epoxy homopolymer. For example, during
cutting and trimming operations related to sample preparation, epoxy
homopolymers responded in a brittle manner and required heating to the
glass temperature before cutting. The SIN materials were tough and
could be cut at room temperature with scissors without special pre-
cautions.

Electron Microscopy. Electron microscopy illustrates the two-phased
nature of the SIN’s directly by showing their microstructure. In all cases
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there was a discontinuous minor phase, presumed to be primarily the
poly(n-butyl acrylate) component. The poly(n-butyl acrylate)-rich
phase domains tended to be slightly elliptical in shape, or irregular. Some
typical electron micrographs are shown in Figures 2 to 5. Particle diame-
ters ranged from less than one-tenth micron to several tenths micron.
Some of the samples had a bimodal particle size distribution. The
bimodal characteristics are illustrated by plotting frequency vs. particle
size (Figure 6).

Figure 2. Electron micrograph of sample 5. This sample
phase separated after gelation and therefore has small and
nearly spherical phase domains.

Figure 3. Electron micrograph of sample 8. Phase sepa-

ration occurred near but before gelation while the sample

was being stirred; thus the ruiber phase domains are
slightly eliptical.



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch017

17. TOUHSAENT ET AL. Simultaneous Interpenetrating Networks 215

Figure 4. Electron micrograph of sample 10. Phase sepa-

ration occurred before gelation while the sample was being

stirred which resulted in larger and more elongated and
irregular rubber phase domains.

Figure 5. Electron micrograph of sample 9. Phase sepa-
ration occurred before ge?ation while stirring which re-
sulted in larger phase domains. Phase domains are nearly
spherical because there was no DEGDM in this sample.
The phase domain size distribution is noticeably bimodal;
the smaller phase domains are believed to result from a
secondary phase separation after gelation.

Similar to our earlier study (2) some of the materials had a dark
band at the phase interface which is believed to be rich in the isoprene
component. This phenomenon arises from the slow rate of copolymeriza-
tion of the isoprene monomer with the n-butyl acrylate. The major ex-
perimental results of this and succeeding sections are summarized in
Table IT which shows phase domain dimensions for the several samples.
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FREQUENCY

01 02 03 032
PARTICLE SIZE, (&)

Figure 6. Particle size distribution of

sample 8
Table II.
Ezxper:- HT,, Tensile
ment Ta Teo (dyne/cm*  Strength  Elongation

(Table )~ (°C) C0) X109 (=) (%)
1 113 —54 9.7 6973 5.03

2 112 —48 13.0 6427 4.76

3 104 —54 8.9 8292 5.80

4 105 —54 9.2 8689 6.34

5 111 —50 7.7 8930 6.63

6 110 —51 8.8 8094 5.61

7 96 —50 6.9 7596 5.22

8 101 —55 8.2 8187 5.70

9 104 —59 9.2 8269 6.11
10 105 —54 9.1 8116 6.67
11 97 —55 8.4 7267 484
12 115 —57 9.7 8013 5.74
13 107 —53 10.9 6781 4.69
14 108 —53 10.1 7508 5.36
15 104 —58 8.8 7685 5.53
16 105 —55 9.0 7520 548
17 106 —51 104 6547 4.80
18 105 —54 9.5 7664 5.79
19 108 —53 9.2 7640 6.10
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Figure 7. Contour plot of the gel time, holding DEGDM constant

Gel Point and Phase Separation. Depending on epoxy prereaction
time, a 20 wt % addition of rubber would be expected to increase the
gel time of the epoxy from 14 hr to a maximum of ca. 19 hr just by a
dilution effect. In many cases the gel time of the reaction is longer than
expected by simple dilution, probably because the n-butyl acrylate hinders
the epoxy reaction. If phase separation occurs before gelation, hindrance

Experimental Results

Rubber Rubber

Phase Phase

Toughness Gel Ttme Length Wodth
(psi-%,) (hrs) (units) (units) l/w
197 17 0.246 0.152 2.22
170 14 0.276 0.149 2.40
272 18 0.239 0.136 1.77
337 15 0.62 0.281 2.21
359 27.5 0.100 0.63 1.59
275 14 0.282 0.116 2.43
226 30 0.087 0.070 1.24
270 25 0.092 0.060 1.53
295 21 ©0.089 0.064 1.38
346 18.5 0.289 0.144 2.01
193 25 0.206 0.108 1.91
268 14 0.209 0.136 1.54
179 15 0.486 0.334 1.45
240 13 0.205 0.117 1.75
242 18.5 0.179 0.137 1.31
242 16 0.407 0.196 2.08
176 17 0.324 0.126 2.57
265 16 0.353 0.169 2.09

279 17 0.344 0.150 2.29
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is less important and, if phase separation is near or after the gel point, the
gel time is up to 30 hr longer than expected. The hindrance is believed
to be caused by the grafting of n-butyl acrylate to hydroxyls on the epoxy
which lowers the rate of polymerization of the epoxy (2). However if
phase separation occurs before gelation, the dilution effect is partly lost,
and grafting is reduced because of its limitation to interfacial regions;
thus the gel time is more nearly that expected. Therefore, the gel time of
the SIN depends upon when phase separation occurs.

Generally there were larger increases in gel time for samples with
low epoxy prereaction times and low initiator concentrations (Figure 7).
The increase in gel time probably occurred because the reactions are
homogeneous for longer times. Unexpectedly, increasing the concentra-
tion of DEGDM tended to increase the gel time, especially when the gel
time was already long. The gel time may be increased by DEGM because
DEGDM forms grafts much more readily than n-butyl acrylate because
of its double reactivity.

Dynamic Mechanical Spectroscopy. Dynamic mechanical spectros-
copy was used to study the loss and storage moduli and tan § of the
several materials from —150° to 4150°C. Thus we obtained information

g " L

110 CPS

]

80/20 EPOXY/PnBA(l) SINs
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as1HR. oceB6HR. os11HR.

7 ) X -
10 =3s—56—75 100 1256
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Figure 8. Dynamic mechanical spectros-

copy on samples 11, 12, and 15 showing the

increase in glass transition temperature with
increased epoxy prereaction time
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Figure 9. Contour plot of T,, holding DEGDM constant

about the glass transition behavior, extent of molecular mixing, and phase
continuity.

The most important results were observed in the glass transition
behavior of the materials where increasing the epoxy prereaction time
increased the glass transition of the epoxy-rich phase (Figure 8). At
an epoxy prereaction time of about 1 hr, T;; was 97°C which was lower
than the glass transition of the pure epoxy, 105°C. However when the
epoxy prereaction time was increased, T'y; also increased. When the epoxy
prereacted for 6 hr, the SIN’s T,; was 105°C or nearly the same as that
of the epoxy homopolymer. Surprisingly, for eleven hours prereaction
time the SIN’s T,; was 115°C or higher than that of the pure epoxy. The
differences in T,; from 97° to 115°C could not readily be accounted for
by experimental error. Replication of the center point showed that the
experimental error was only about =2°C.

A complete picture of how the independent variables affect T,; can
be obtained from examining a contour plot of the predicted response
surface of T, at constant DEGM level; DEGM was held constant be-
cause it had little effect on T,, (Figure 9). It is evident from the con-
tours that T, is increased not only by increased epoxy prereaction time
but also by increased initiator concentration. The lowest values for T,
are found with low epoxy prereaction times and low initiator concentra-
tions, independent of DEGDM concentration.

The glass transition of the phase rich in poly(n-butyl acrylate), T,
ranged from —59° to —48°C. However the estimated experimental
error (*+4°C) was fairly large compared with the range of Ty, 12°C.
When the contour plots of T,, were analyzed, no trends were significant
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Figure 10. Contour plot of HT,, holding DEGDM constant

compared with the experimental error. However the height of the poly-
(n-butyl acrylate) damping peak at its maximum HT,, did show signifi-
cant trends. Figure 10 shows the predicted response surface of HT,; to
varying initiator concentration and epoxy prereaction times at a constant
DEGDM concentration. The quantity HT,, rises at high initiator con-
centrations and epoxy prereaction times and is lower in other cases.
Again the level of DEGM does not greatly affect the behavior, although
HT,, generally increases slightly with increasing amounts of DEGDM.

Stress—Strain Studies. Stress—strain analysis showed that most SIN
samples had tensile strengths greater than that of the epoxy homopolymer
(Figure 11). The pure epoxy resin has a tensile strength of ca. 6700 psi,
and the tensile strength for the SIN’s ranged from ca. 6400-8900 psi.

The predicted response surfaces for tensile strength at three different
levels of DEGDM are given in Figures 12, 13, and 14 which show epoxy
prereaction time and percent initiator level as variables. The surfaces
are saddle contours with maxima and minima in alternating corners of
the graphs. High tensile strengths are found in the corner with low
initiator concentration and high epoxy prereaction time and in the corner
with high initiator concentration and low epoxy prereaction time. The
lowest tensile strengths are found in the other two corners of the graphs
where prereaction time and initiator concentration are either both high
or both low. Thus, less simultaneous reaction conditions produced mate-
rials that were stronger than those synthesized with more simultaneous
conditions.

Computer-generated contour plots of the elongation at break and
the toughness, measured by the area under the stress—strain curve, exhibit
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stant at 0.80%. The diagonal from lower left to upper right represents
the reaction conditions believed to be “most” simultaneous.

essentially the same features as the contour plots of tensile strength with
the less simultaneous reactions yielding better mechanical specimens
than the more simultaneous reactions. The values of elongation and
toughness for the SIN’s may also be favorably compared with those of
pure epoxy. Epon 828 cured with phthalic anhydride has an elongation
of less than three percent and a tougness of ca. 110 psi %, while the
range of elongations for the SIN’s is 4.8-6.6%, and the range of tough-
ness is 170-360 psi %.
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Figure 14. Contour plot of tensile strength holding DEGDM constant
at 1.28%
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The regions in which the tensile strengths show maxima have the
conditions that are the least simultaneous. The experimental point where
the experimental conditions are most simultaneous and where both reac-
tions have medium reaction rates is in the center point of Figure 13.
Along the diagonal running from lower left to upper right in Figure 13
the experimental conditions are such that the reactions are still simul-
taneous, but the gel times of the reactions are longer or shorter than at
the center. Above the line the reactions are less simultaneous—the epoxy
gels faster than the acrylate. Increasing the DEGDM concentration in
this region (Figure 14) tends to make the reaction more simultaneous.
Below the line reactions are less simultaneous—the acrylate reacts faster
than the epoxy. Decreasing the DEGDM concentration (Figure 12) in
this region makes the reaction more simultaneous. Reaction conditions
which are less simultaneous tend to give samples with greater tensile
strength.

Impact Tests. High speed mechanical impact causes the rapid
growth of crazes and cracks in a plastic, resulting ultimately in fracture.
The incorporation of a rubber phase increases impact strength because
the rubber causes the generation of many small crazes or cracks rather
than a few large ones, thus distributing the energy of the impact.

The SIN’s all exhibited modest increases in impact strengths. The
impact strength for the pure epoxy was 0.16 ft-Ibs/in., while the impact
strength of the SIN’s ranged from 0.21-0.33 ft-lbs/in. However experi-
mental error was significant when compared with the range of the impact
strength for the SIN. Consequently no valid trends could be established
other than the modest increases already described.

Discussion

Rubber Phase Domain Size and Shape. Phase domain size seems to
be controlled in part by the time of phase separation in relationship to
the gel time of the reaction. Smaller phases are generally produced when
phase separation is delayed until near or after the gel point of the total
reaction. It is possible to tell if phase separation has occurred near the
gel point by the clarity of the mix. If phase separation has occurred, the
mix is cloudy or milky. In addition the bimodal distribution of phase
domain sizes found in some samples is evidence that the reactions are
truly simultaneous because the larger domains are probably formed before
gelation and smaller domains by continued phase separation after gelation.

The variation in rubber phase domain shape appears to be deter-
mined more strongly than expected by the time of phase separation and
the amount of DEGM crosslinking agent. The ratio of length to width
or elongation increases substantially at the higher levels of DEGDM.
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When phase separation occurs before gelation and while the mix is still
being stirred, the discontinuous acrylate phases tend to be elongated by
the stirring. When DEGDM crosslinks the n-butyl acrylate before stirring
is stopped, the elongation persists because of network formation. Thus
the irregular or elongated shapes of the rubber domains are locked in as
a result of crosslinking attributed to the presence of DEGDM. For
example in sample 10 (Figure 4) phase separation occurred before gela-
tion while the sample was still being stirred. This resulted in large,
elongated, irregular rubber phase domains. However in sample 9 (Figure
5), although phase separation occurred before gelation, there was no
DEGDM present, and large but nearly spherical domains resulted. In
sample 8 (Figure 3) phase separation occurred near but before gelation
while the sample was still being stirred; thus the rubber phase domains
are slightly ellipical. On the other hand phase separation occurred after
gelation in sample 5 (Figure 2), and small and nearly spherical domains
resulted.

Phase Composition and Simultaneous Polymerization. Theoretically
the phase composition of the SIN’s should not be determined by the true
solubility of one polymer in the other. Even though the true solubility
of one polymer in the other is low because the components of the SIN’s
are incompatible, simultaneous polymerization and gelation are expected
to cause entrapment of one component in the other. The degree of en-
trapment presumably will be controlled by the relative rates of the two
reactions and their degree of simultaneity. The phase composition is
reflected in the glass transition behavior of the material. Thus a close
look at the dynamic mechanical spectra of the SIN’s is necessary to
determine the effect of simultaneous polymerization on phase composition.

The most striking feature of the dynamic mechanical spectra is the
increase of the major glass transition (T, ) above the glass transition
temperature of the homopolymer epoxy. While the exact cause for the
increase in T, is unknown, the following factors were considered. First,
increased crosslinking may increase T,;. The crosslinking in the SIN may
be increased either by chemical means or physical entanglements and
promoted by a greater mobility in the epoxy phase attributed to the
presence of the acrylic monomer and polymer (114, 115, 116, 117).
However measurements of the modulus above the glass transition showed
that changes in the density of chemical and physical crosslinks as deter-
mined by the equation

G = nRT (11)

where G is the shear modulus and n is the crosslink density, were not
very large or consistent with changes in the glass transition behavior of
the SIN’s (Table III). Secondly, the rubber may fill the free volume of
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Table III. The Effect of Shear Modulus with Changes
in the Glass Transition Temperature

Ezxperiment T 3G(10)
Number (°c dynes/cm?
11 97 1.0 X 108
16 105 9.6 X 107
12 115 1.2 X 108

the epoxy so that the glass transition of the epoxy is raised. Examples of
the filling of the free volume of a polymer with low molecular weight
compounds are found in the literature; the process is called antiplasticiza-
tion. However antiplasticization is not entirely analogous to the phe-
nomena found with SIN’s. In antiplasticization, described by Jackson
and Caldwell (118, 119), Robeson (120, 121), and others (122-124),
low molecular weight molecules are added to a polymer with a low tem-
perature transition. The low molecular weight compound fills the free
volume and depresses or eliminates the low temperature transition. Thus
the modulus of the polymer does not change at low temperatures in
association with the low temperature transition. The storage modulus
remains at a higher level until the principal glass transition temperature.
As a result the storage modulus of the polymer above the low tempera-
ture damping peak and below the glass transition is higher when the
polymer is antiplasticized. However the principal glass transition tem-
perature is lowered with the addition of antiplasticizer, and the material
softens at a lower temperature. Thus antiplasticization cannot explain
the increase in T,; and HT,; found in the SIN’s.

Another explanation for an abnormal increase in T, in polymer
blends has been proposed by Manabe, Murakami, and Takayanagi (125).
They used a three-layered shell model, which accounts for interaction
between the dispsersed and continuous phases of the blend. Abnormal
increases in the glass transition of polystyrene in blends with various
rubbers were explained by thermal stresses which arise from the differ-
ence in thermal expansion coefficients of the component polymers. How-
ever shifts in the glass transition temperatures of the SIN’s do not appear
to arise from differences in the expansion coefficients of the components
because samples with the same overall composition and almost identical
microstructures have significantly different glass transition temperatures.

Another explanation of the increase in the major glass transition
(126) of SIN’s relates to the retention of low molecular weight polymer
of one component by the other phase. In this case low molecular weight
fractions of the epoxy may be trapped in the rubber. When the epoxy
is at its gel point, there is still much low molecular weight epoxy resin
that has not reacted. At the point when the n-butyl acrylate is still mostly
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monomer and when the epoxy is near gel formation, the low molecular
weight fractions of the epoxy are still soluble in the acrylic phase. This
low molecular weight epoxy component will tend to remain and be
trapped in the acrylic phase as it polymerizes. The low molecular weight
fraction thus trapped in the rubber phase cannot act as a plasticizer for
the epoxy as it normally would; therefore the glass transition temperature
of the epoxy is increased.

The glass transition temperature of a polymer varies with the molecu-
lar weight. A low molecular weight component decreases the glass
temperature. Its removal by fractionation raises the glass temperature.
The present mixing process might cause such a fractionation. Expressed
mathematically (127, 128):

K
M,

Tal = Tyloo - (12)

where T, = the maximum transition temperature, K’ is a constant, and
M, is the number average molecular weight (the inverse of M, is propor-
tional to the concentration of end groups). Thus T, is increased by a
decrease in the concentration of end groups. Roovers and Toporowski
(129) showed by studying star polymers that an increase in endgroups
from branching decreases the glass transition temperature even when the
molecular weight is constant. The number of endgroups in the completely
reacted SIN’s is controlled by the excess amount of epoxy groups in the
formulation. If a low molecular weight fraction of the epoxy is trapped
in the n-butyl acrylate phase, the endgroup concentration of the epoxy
phase may be decreased, and therefore T, increases while the overall
crosslink density in the material remains nearly the same.

If the rise in T, is caused by the entrapment of low molecular frac-
tions of the epoxy in the acrylate, we expect several trends:

(a) the samples should become more brittle because the low molecu-
lar weight epoxy trapped in the acrylate will not be available to plasticize
the epoxy phase;

(b) entrapment of low molecular weight epoxy in the n-butyl acrylate
phase should increase the volume of the acrylate phase and therefore
increase HTj, with T;

(c) the highest values of T,; should result when the reactions are
simultaneous and fastest (high epoxy prereaction time and initiator con-
centration) because these conditions favor entrapment.

In fact these trends do occur, and therefore the entrapment of low
molecular weight in the acrylic phase is consistent with the experimental
results and is the favored explanation for the observed rise in T';.

On the other hand, when epoxy prereaction time and initiator con-
centration are low, T, is decreased. This decrease in T, is more com-
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mon in polyblends. The decrease in T,; probably arises from the entrap-
ment of the acrylate polymer molecules in the epoxy phase. Theoretically,
if the acrylate is trapped in the epoxy phase causing T, to decrease, HT,
should decrease because the volume of the acrylic phase domains would
be decreased. Entrapment of the acrylic polymer in the epoxy at low
epoxy prereaction times and initiator concentrations is enhanced by the
longer time of reaction before phase separation which encourages grafting
of the acrylate to the epoxy especially at the hydroxyl groups on the
epoxy (2). Experimentally, HT,, does not tend to decrease when T
decreases (compare Figure 9 with Figure 10). Thus the entrapment of
rubber in the epoxy at low initiator concentrations and epoxy prereaction
times causes a decrease in T,; while the entrapment of low molecular
weight epoxy in rubber at high initiator concentrations and prereaction
time causes an increase in T;.

The entrapment of rubber in the epoxy at low initiator concentrations
and epoxy prereaction times promoted by grafting causes a decrease in
T,:; the entrapment of low molecular weight epoxy in the rubber at high
initiator concentrations and prereaction times causes an increase in Tj;.
Both types of entrapment occur at the same time, and their effect on. Ty,
is in the opposite direction accounting for the rather small changes in T,.
However one or the other type of entrapment may predominate depend-
ing on the reaction conditions, especially the reaction rates or gel times
and the time phase separation occurs. With low initiator concentrations
and prereaction times, grafting causes entrapment of the acrylate in the
epoxy phase to dominate, and T, is lowered. When both reactions are
fast, phase separation occurs early in the reaction, and grafting is limited
to the interface. Also the n-butyl acrylate monomer is more mobile than
the higher molecular weight epoxy prepolymer which makes entrapment
of the epoxy in the acrylate predominate when the gel times are shorter
and when there is less time for phase separation to occur.

It is not surprising that entrapment of one component in the other is
significant when the epoxy prereaction time and the initiator concentra-
tions are both high or both low because in these cases the two polymeriza-
tions are more simultaneous than if one variable were high and one low.
Although the reaction conditions were chosen so that the reaction would
be most simultaneous when the independent variables were at the middle
of their ranges, changing both the epoxy prereaction time and the initiator
concentration together changes the rate of both polymerizations, thus
keeping the reactions close to simultaneity. When the reactions are less
simultaneous, the two types of entrapment probably occur to a lesser
extent and may result in improved properties. Entrapment of the rubber
in the epoxy could offset the brittleness caused by entrapment of the
low molecular weight epoxy fractions in the acrylic phase domain. The
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result is a material with a higher softening point, decreased brittleness,
and greater tensile strength.

Ideally, a simultaneous interpenetrating network should have exten-
sive mixing at the molecular level, even to the extent of forming one
uniform phase. As with other polymer blends, blocks, and grafts, SIN’s
exhibit phase separation attributed to the low entropy of mixing of two
polymers which limits interpenetration in the real case. Thus there is an
apparent discrepancy between theory and practice; however, the pursuit
of the ideal has led to a new understanding of the ways that super-
molecular structure can be controlled, and new understanding of the
relationship between polymer structure and properties.

Conclusions

Simultaneous interpenetrating networks of 80/20, epoxy/acrylate sys-
tems have resulted in polyblends with novel behavior. However interest-
ing it may have been to control the reaction components so that they
reached gelation simultaneously, experimental results show that better
properties are obtained with the present system when the two gelations are
less simultaneous in time. The present simultaneous polymerizations pro-
duced materials with a discontinuous, acrylic rubber-rich phase in a
continuous epoxy-rich phase. The discontinuity of the acrylic phase is a
result of its being present only to a level of 20%. The discontinuous phase
size and shape was changed by the relative times of phase separation and
gelation and mixing conditions. Phase composition determined the
mechanical properties of the SIN’s to a greater extent than expected. The
formation of two incompatible crosslinked polymers simultaneously from
a homogenous solution of their monomers hindered complete phase sepa-
ration of the polymers and promoted entrapment of a minor amount of
one component in the phase domains of the other. Entrapment by a
minor amount of one polymer in the other was controlled by the relative
polymerization rates and gel times of the two polymerizations. Both
entrapment of the acrylic in the epoxy phase and entrapment of epoxy in
the acrylic phase domains occurred to some extent. The glass transition
of the epoxy rich phase was increased over that of the epoxy homopolymer
as the initiator concentration and epoxy prereaction time were increased.
The increase in the glass transition may have been caused by entrapment
of low molecular weight portions of the epoxy in the acrylate. On the
other hand at low initiator concentrations and epoxy prereaction times
the glass transition of the epoxy was lowered from that of the epoxy
homopolymer probably because of entrapment of rubber in the epoxy
phase. Samples made with more simultaneous reactions tended to have
lower tensile strengths and toughnesses than those whose reactions were
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not as simultaneous. Samples made with less simultaneous reactions
tended to have greater tensile strengths and higher glass transition tem-
perature than the epoxy polymerized above.

Appendix

Application of Group Theory Concepts. The above descriptive
approach has indicated some basic examples of polymer combinations.
Noting that there are in fact over 100 distinguishable types of graft-
copolymers alone, several of which involve simultaneous polymerizations,
it becomes immediately apparent that the nomenclature used to date is
inadequate. Besides inadequately differentiating among the more com-
plicated materials described in the literature, the nomenclature system
fails to suggest how new combinations of two or more polymer molecules
might be conceived. To supply the need for a concise mathematical for-
mulation we make use of that branch of mathematics known as group
theory (104, 105).

To form a group four conditions must be met: (a) The set must be
closed—i.e., the combination of two operations also yields a member of
the set. (b) The operations must include an identity which leaves the
molecules unchanged. (c¢) The associative law of combination must hold.
(d) Every operation must have an inverse.

In a formal sense a group must meet all of these criteria. Collections
of sets and operations meeting some but not all of the required criteria
may meet the lesser demands of semi-groups or groupoids. The groupoids
demand only a set and an operation between them. Conditions (a) and
(c) will sometimes not be met. Hence although the theory we present
below is incomplete, the definition of a groupoid most closely applies to it.

As basic elements we consider monomer 1, monomer 2, . ...,
monomer n, that can be polymerized to form various polymers and co-
polymers. As the basic operations we designate the following symbols:
P (polymerization), G (grafting), and C (crosslinking). Polymerization
will be assumed to be linear unless operation C is specified. Most impor-
tant the present group is noncommutative, and the time sequence of
events must be preserved. Thus the order of the operations must be
maintained.

The operations and the reactive units must be clearly distinguished.
Capital and lower case letters will differentiate between operations and
the objects upon which the group operates. For example the addition of
a monomer will be designated as m. The addition of monomers capable
of inducing grafting or crosslinking, e.g. divinyl benzene, will be desig-
nated by g and c. The operations of grafting and crosslinking, which may
come much later in the reaction sequence, will be specified by the capital
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letters. Parentheses indicate simultaneous operations, and brackets indi-
cate operations carried out separately with the products later mixed or
allowed to react. Different components are denoted by the subscripts
1L,2,....,n.

With the aid of group theory concepts the different IPN’s and SIN’s
may be written in mathematical form. For example a graft copolymer
with polymer 2 crosslinked (11-22) (designated a semi-IPN of the second
kind (18) may be written:

mM1P1macs(PaGis) (2

where G,, represents grafting of the second monomer to the backbone
of the first polymer. The Millar type (61) IPN’s could be written:

(mye1) P1(mac1) Py 3)

Note that the first and second polymerizations involve identical polymers
as crosslinking agents. Sequential (bulk) IPN’s could be written (68-81):

(mac1) P1(mace) (P2Gi2) 4)

For simultaneous polymerizations note this case of two linear
polymers:

(myms) (P1P2G19Go1) 5)

When one polymer is linear and one is crosslinked (90-95, 97-103) the
synthesis may be written:

(mycyms) (P1P2G12Ga1) (6)

This product is designated as a semi-SIN. The SIN’s may be written
(1, 2, 84-89, 96):

(mlclmzcz) (P1P2G12G21) (7)

where both polymers are crosslinked. Thus group theory concepts help
to delineate the similarities and differences among the various IPN’s
and SIN’s.
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The Impact Strength of Styrene—Butadiene
Block Copolymer and Its Dependence on
the Continuous Phase

R. J. ANGELO and R. M. IKEDA

E. I. du Pont de Nemours & Co., Inc., Film Research Laboratory,
Experimental Station, Wilmington, Del. 19898

M. L. WALLACH

E. I. du Pont de Nemours & Co., Inc., Photo Products Research Laboratory,
Experimental Station, Wilmington, Del. 19898

The pneumatic impact strengths of a series of well-character-
ized styrene—butadiene triblock copolymers (B/S/B) were
measured and compared with torsion pendulum tan § meas-
urements. Instead of a linear log-log impact strength—tan 8
correlation, an S-shaped curve was observed. The latter is
interpreted in terms of the two-phase structures revealed by
electron microscopy.

A few years ago, T. P. Yin (1) correlated the internal friction and

tensile impact strength measurements for several series of homoge-
neous and heterogeneous elastomeric polyblends. With each series, a
linear log-log plot was obtained which was attributed to the invariance
of the crack propagation energy, rubbery reinforcement, geometrical fac-
tors, etc., in the series and to a simple dependence of the impact strength
on the dissipative vibrational energy (tan 8). In view of this work, we
examined tan § and pneumatic impact strength information gathered on
our series of styrene/butadiene block copolymers.

Experimental

The styrene/butadiene block polymers were synthesized in tetra-
hydrofuran by the Szwarc anionic living polymerization technique (2, 3,
4). Details of the polymerization, as well as extensive characterization

234
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Polymer
Destgna-
tion
S
S/B;
S/B,

Table I.
[4]
Vol Benzene
% S* dl/g
100 0.49
81 0.71
67 0.76
55 0.82
48 1.06
28 2.85
0 1.19
85 1.69

°Based on NMR.
®* DSC values (heating rate: 30°C/min).

IMPACT STRENGTH (kg—cm /mil)

107

10-2

100}

M, X 10° M,/M,

0.609 1.17
1.05 —
1.02 1.22
0.845 —
1.28 —
3.14 —
0.914 1.08
1.85 —

Impact Strength of Block Copolymer
Polymer Characterization Data

Ty(B)®
(°C)

—4
—1
—2

2

0
—1
—2
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o A

102

107!
tan 3 (10°C)

100

Figure 1. Impact Strength vs. tan 8. For samples
S/Bs, S/Bi»’ S/B;, and B, the range of impact

strengt

values are enclosed by the circles.
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information, have been reported (5, 6). Infrared analysis showed the
polybutadiene segments to be 90% 1,2- and 10% trans-1,4-butadiene.
The samples used in this study are listed in Table I with selected
characterization data. Also given are our notations for the samples. S
and B represent polystyrene and polybutadiene, respectively. The block
polymers are denoted S/B,, S/Bs, etc. The letters identify the polymer
components with the first letter indicating the center segment. TII:e poly-
mers were isolated from the polymerization solution by precipitation into
cold (0°C), well-stirred methanol. After careful drying in a vacuum oven
(25°C), film samples were prepared by melt pressing at temperatures
ranging from 25°C for homopolybutadiene to 150°C for homopolystyrene.
Details of the torsion pendulum analyses were given previously (5).
Pneumatic impact strengths were determined by a well-known method (7).
Electron microscopy samples were prepared by techniques similar to
that of Kato (8). Film samples were fixed with OsO,, potted in poly-
methyl methacrylate and then microtomed into thin sections ( ~ 100 nm)
for transmission examination using a Philips 100B electron microscope.

Results and Discussion

The torsion pendulum determinations were made at low frequency
(~ 1 Hz) while the duration of the impact strength measurements is on
the order of 1 msec. To correct for this frequency difference, we used the
WLF equation (9) and found that the 10°C (1 Hz) tan § information
should approximately correspond to the impact measurements taken at
room temperature. In Figure 1, we plot the impact strengths vs. tan §
(10°C). A single linear correlation does not exist, but the tan § values
predict that the S sample would have a higher impact strength than the
B/S sample and that the B sample, at the other extreme, would have a
lower impact strength than the S/B; specimen. Most models would favor

Figure 2. Electron micrograph of

samples S/B,. OsO, staining results in

dark polybutadiene phases. Markers
indicate 1 pM.
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Figure 3. Electron micrograph of

sample S/B,. OsO, straining results in

dark polybutadiene phases. Markers
indicate 1 pM.

placing the compositional extremes at the correlation extremities. The
straight lines were expected on the basis of Yin’s work. We interpret the
two lines as indicating a change in failure mechanism with a change in
continuous phase. With polystyrene as the continuous phase, we obtain a
charactertistic low impact strength with modest increases (straight line)
accompanying the incorporation of the soft filler. When polybutadiene
becomes the continuous phase, we get a tenfold increase in the impact
strength which then modestly increases further with a decrease in the
hard segment content. The composition at which the impact strengths
switch from one mechanism to the other (~ 50 vol %) is reasonable for
this hypothesis and, indeed, electron microscopy studies provide evidence
for this switch in continuous phase.

Our OsOy staining techniques and the subsequent observation of the
two phases are similar to that found by a number of workers (10, 11).
Figures 2 and 3 are representative examples of our observations. The
butadiene domains appear dark in these micrographs from the incorpora-
tion of the osmium. Near the compositional extremities [B/S (85% S),
S/B; (81% S), and S/B; (28% S)], the minor component appears in
spherical domains dispersed in the continuous second matrix. Figure 2, a
micrograph of S/B,, is illustrative, showing a continuous styrene matrix
with dispersed, spherical polybutadiene domains. For the middle com-
positions [S/B, (67% S), S/B; (55% S), and S/Bs (48% S)], the
shapes of the domains are rodlike or, possibly, platelike. In these cases, a
clear choice of the continuous phase is difficult although S/B, appeared
to have a continuous polystyrene phase and S/Bs a continuous poly-
butadiene phase. Figure 3, a photomicrograph of S/B;, illustrates the
structures usually seen. In parts of Figure 3, polystyrene is the continuous
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matrix. In other areas, polybutadiene predominates. The absence of a
single continuous phase in this sample, S/Bj;, agrees with its transitory
position between the two straight line portions in Figure 1.

The possible effect of crosslinking upon the impact strength of this
copolymer series was not examined. Although the butadiene-rich poly-
mers showed a tendency to crosslink slightly during film fabrication, the
extent of crosslinking was considered insufficient to account for the shape
of the curve in Figure 1.
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Super High Impact Polystyrene Based on
Polystyrene and Butadiene-Styrene Block
Polymer Blends

R. R. DURST, R. M. GRIFFITH, A. ]J. URBANIC, and W. J. VAN ESSEN

General Tire and Rubber Co., Research and Development Division,
Akron, Ohio 44329

A blend of a rubbery styrene-butadiene block polymer and
commercial polystyrene has been prepared which can be
injection molded into articles having high impact strength
and most of the other desirable properties of high quality
ABS. The impact strength of the molded articles depends
on the particle size of the rubbery block polymer component,
its composition, and molecular weight. Impact strength
reaches a maximum when the average particle size of the
rubbery compound is near 1 um and when the styrene con-
tent of the block polymer is preferably in the range 50 =+
10%. A relatively high molecular weight, preferably ca.
250,000 M,, is required to process successfully the blend
while retaining the impact strength. When molecular weight
is below 150,000 M,, impact strength decreases with in-
creased processing. Articles molded from this polymer
blend have an impact strength, flexural modulus, heat dis-
tortion, hardness, and appearance comparable with high
quality ABS.

Attempts to improve the impact strength or to toughen polystyrene are

not new. Some early attempts to improve the impact strength by
blending butadiene rubber with polystyrene failed because of the poor
bond between the separate phases (1, 2, 3, 4).

Commercial high impact polystyrene (HIPS), having rubber present
during the polymerization of the styrene, will reach an Izod impact of
2.2 ft-Ibs/inch compared with 0.2 ft-Ibs/inch for unmodified polystyrene.
Styrene grafts on the rubber were sufficient to improve the bond between
phases; this resulted in the higher impact (5, 6, 7, 8, 9). The commercial

239
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HIPS products however do not have sufficient impact strength for many
uses. Skilled researchers agree that HIPS with impact strength approach-
ing 7.5 ft-Ibs/inch notch can be prepared by adding more rubber. How-
ever the hardness, flexural modulus, tensile, and heat distortion tem-
peratures are then drastically reduced.

Van Henten, at the Shell Plastic Laboratories (11), showed that
styrene-butadiene block polymers can be blended with commercial
HIPS to upgrade its impact strength to 5.8 ft-lbs/inch. Childers, at
Phillips Petroleum (12), blended commercial polystyrene with block
polymers in a Brabender plastograph. To control rubber particle size
he added a peroxide during the blending operation, thereby creating
crosslinks. With this technique he achieved an impact strength of 5.9
ft-Ibs/inch.

Here we describe work which led to a high impact polystyrene
blend, designated as PS/SBS, with a notched Izod impact of ca. 7.5
ft-Ibs/inch. This product was obtained by mechanically or solution
blending crystal polystyrene with a proprietary, unbranched graded
styrene-butadiene—styrene block polymer. The blend has impact strength,
flexural modulus, heat distortion, hardness, and molded appearance more
equal to a high quality ABS resin than other polystyrene blends reported.
The morphology, processing, and properties of the PS/SBS are briefly
discussed and compared with those of commercial HIPS and ABS resin.

Development of PS/SBS Blend

Initially various rubbery butadiene and styrene-butadiene block
polymers were screened as impact-modifying agents for polystyrene.
Commercial polystyrene and various rubbers were blended by dissolving
the polymers in benzene and by subsequently precipitating them with
isopropyl alcohol. The solid polymer blends were dried and molded into
test bars. Laboratory and commercial polybutadiene and polystyrene
were used in several combinations with the block polymer prepared in
our laboratory. '

A preliminary screening indicated that excellent impact could be
obtained using 15-20 wt % butadiene based on the total polymer blend.
At #20 wt % butadiene, several block polymers were screened for opti-
mum impact and overall balance of properties. Two-component systems
(block polymer—polystyrene) and three-component systems (block poly-
mer—polybutadiene—polystyrene) were tried. The impact varied with the
styrene content of the block polymer in both two- and three-component
systems as shown in Figure 1. Subsequent work showed that the best
overall balance of impact, flexural modulus, and heat distortion was
obtained at 15% butadiene.
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Figure 1. Impact strength vs. composition

For economic reasons we achieved the same quality blends by
mechanically mixing commercial polystyrene with the block polymers.
Good quality products were obtained from two-roll mills, the Brabender
plastograph, the Banbury mixer, and continuous high intensity mixers.

With high shear mixing equipment such as the Banbury or continu-
ous mixer, the use of block polymers with a number average molecular
weight (M,) below 150,000 did not give the expected improvement in
impact over polystyrene. This anomalous behavior occurred because the
particle size of the discrete rubber phase averaged less than 0.2 ym
compared with an average of 1um for blends with optimum impact
obtained in the solution blends.

We attempted to prevent excessive dispersal of rubber particles by
blending at a higher temperature which decreases the viscosity of the
mix and reduces the shear experienced by the rubber. This technique
slightly improved the impact strength, but the product still failed to
match the solution blended polymers.

Block polymers of a higher molecular weight, around 250,000 M,,
dispersed into particles in the 1 ym range even in the intensive mixing
units. The use of higher molecular weight block polymers resulted in
polymer blends with properties equal to the best achieved by the solution
blending technique. These blends retained their high impact during
fabrication and in reprocessing operations.

After the molecular weight and composition of the block polymer
were fixed at appropriate levels, mechanical blending was scaled-up to
both larger and continuous dispersion mixers. An acceptable and repro-
ducible product was made at all levels up to the highest output tried,
e.g., 1000 1bs/hr.
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Figure 2. Phase contrast photomi-
crographs of HIPS, PS/SBS, and
ABS

Figure 3. Transmission electron
micrographs of %I;S, PS/SBS, and
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Figure 5. Effect of molecular weight of the block polymer on its particle
size and blend impact strength in mechanical dispersions in polystyrene
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Blends contain constant composition, styrene-butadiene block copolymer
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Morphbology of PS/SBS Blend

Rubber particle size has been recognized as an important structural
parameter in HIPS and ABS polymers (10). The dispersed phase in
PS/SBS has been examined and compared with that in HIPS and ABS.
Figure 2 shows thin section phase contrast photomicrographs of samples
of PS/SBS, HIPS, and ABS resin. Figure 3 shows the transmission elec-
tron micrographs of the same materials. In HIPS one finds predominantly
1-10 pm rubber particles (8, 10). In PS/SBS the rubber particles resem-
ble those in ABS, but the average particle size is near 1 ym in diameter
in contrast to ABS with an 0.3-0.5 um average particle size. The ABS
particle size range agrees with observations in the literature (10). The
weight fractions of various particle sizes in PS/SBS were estimated from
phase contrast and electron micrographs. The broad distribution (see
Figure 4) was expected from mechanical blending.

The effect of the molecular weight of the block polymer on the size
of the rubber particle and on the impact strength of the PS/SBS samples
made under the same high shear mixing conditions is shown in Figure 5.
The higher molecular weight results in a larger average particle size for
the rubbery phase and in a higher impact strength for the PS/SBS.

Properties of PS/SBS Blend

PS/SBS can be injection molded into test specimens and commercial
articles on both laboratory- and commercial-size equipment. Processing
conditions and cycles recommended for HIPS and ABS were acceptable
for PS/SBS.

The properties of PS/SBS are compared with HIPS and ABS in
Tables I and II. PS/SBS is similar to HIP in color, hardness, tensile
strength and flexural strength and to ABS in impact strength, stiffness,
and heat resistance. PS/SBS is intermediate between ABS and HIPS in
tensile creep, gloss, and chemical resistance. Normal finishing methods

Table I. Physical Properties of PS/SBS, HIPS, and ABS

Polymer

Property Units PS/SBS HIPS ABS
Color — white white yellow

Gloss, 60° 70-86 70 90
Melt flow g/10 min 1.0 3.5 1.7

(condition g) .

Rockwell “R” — 103 103 105
Gardner impact J/mm 9.9 0.9 11.8
in.-lbs/mil 2.2 0.2 2.6
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Table II.  Physical Properties of PS/SBS, HIPS, and ABS

Polymer
Property Units PS/SBS  HIPS ABS
Unnotched, Izod ; J/m 1185 747 1334
impact ft-lbs/in. 22 14 25
Notched, Izod 3 J/m 400 117 374
impact ft-lbs/in. 7.5 2.2 7.0
Tensile yield % MPa 29.4 19.6 41.2
strength psi 4200 2800 5880
Elongation % 28 38 30
Flexural modulus % MPa 0021 0019  0.020
X 10-5 psi 3.0 2.7 2.8
Flexural strength % MPa 46 30 62
psi 6600 4300 8800
°C
Deflection temp 87 75 88
(Unannealed 1.82
MPa (264 psi)
Annealed 2 hr 93 82 94

at 73°C)

can be used with PS/SBS. It can be painted, solvent welded, vacuum
metallized, and hot stamped.

Summary

Commercial polystyrene can be efficiently and reproducibly tough-
ened by mechanical blending with a styrene-butadiene rubbery block
polymer of specific composition. It is not necessary for this rubber to be
crosslinked, but it must have sufficiently high molecular weight to resist
particle size breakdown during processing of the blend into finished
articles. The particle size distribution may be broad, but the diameter
of most rubber particles must average 1 pm for optimum impact strength
and other physical properties. The end result of this work has been a high
impact, rubber-modified polystyrene blend which has processibility and
end use properties much closer to ABS than any polystyrene blend previ-
ously reported.
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Evaluating Mechanisms of Toughening in
Impact Thermoplastics

P. J. FENELON and J. R. WILSON
Borg-Warner Chemicals, P.O. Box 68, Washington, W. Va. 26181

Mechanisms of toughening in three experimental ABS poly-
mers were studied at various impact strain rates at 25°C.
The three experimental polymers formed a series of increas-
ing polydiene content. Photographic analysis of high speed
tensile deformation was used to measure simultaneously
longitudinal and lateral strains and their respective strain
distributions along gage lengths of test specimens. The extent
of localization of deformation was determined, and true
engineering stress—strain properties were quantified. Tough-
ening mechanisms were divided into two main groups: cavi-
tation mechanisms, i.e., crazing and other density reducing
processes, and shear mechanisms, i.e., shear band formation
and cold drawing.

It has been reported by several workers (1, 2, 3,4, 5, 6, 7, 8,9) that when
thermoplastics are subjected to tensile stresses they deform by shear
and cavitation mechanisms. These processes are capable of absorbing
substantial quantities of energy. Commercial impact thermoplastics, in-
cluding rubber-toughened thermoplastics such as high impact polystyrene
(HIPS) and acrylonitrile-butadiene—styrene polymers (ABS), owe their
toughness to molecular motions and interactions which allow these defor-
mation mechanisms to operate. It is important that the material scientist
not only quantify the relative contributions of the above processes but also
establish their rate, stress, and environmental dependence. Such quantiza-
tion will allow more detailed studies of relationships between structure
and mechanical properties and will provide better judgment on the suita-
bility of deformation theories, i.e., elastic, plastic, elasto-plastic, etc., for
predicting multiaxial material response from simple uniaxial tensile
behavior.
Following the procedures used by Bucknall et al. (6, 7, 8) for analyz-
ing low strain rate deformation mechanisms, toughening in three ABS
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polymers ABS 1, ABS 2, and ABS 3 was studied at impact strain rates at
25°C. The three polymers formed a series of increasing polydiene con-
tent. Photographic analyses of high speed tensile deformation was em-
ployed simultaneously to measure longitudinal and lateral strains, together
with their respective strain distributions, along gage lengths of test speci-
mens. In this way, localization of material deformation, true engineering
stress—strain properties and volume strain vs. longitudinal strain were
determined. Volume strains were calculated, based on the assumption
that the deformation in thickness and width was isotropic. Toughening
mechanisms were divided into two main processes: cavitation mechanisms,
i.e., crazing and other density reducing processes, and shear mechanisms,
i.e., shear band formation and cold drawing. It is assumed that during
deformation bulk modulus of uncrazed material does not alter and that
shear mechanisms obey constant volume relationships. Respective con-
tributions of cavitation and shear to overall deformation were quantified
by comparing experimental volume strain vs. longitudinal strain curves
with theoretically determined curves for pure cavitation and pure shear.
These contributions were determined throughout the complete tensile
deformation, i.e., up to and including fracture. Analyses of results showed
that the relative contribution of shearing to the total deformation be-
comes more dominant at higher strains, that cavitation persists even after
the material has traversed its engineering yield point, and that the influ-
ence of increasing polydiene content is to increase fracture strain rather
than change the relative contributions of the various processes giving rise
to toughening.

Experimental Details and Results

Materials and Specimen Preparation. ABS 2 and ABS 3 were pre-
pared by dry and melt blending of ABS 1 with a rigid polySAN. The
styrene/acrylonitrile ratio of the polySAN used for blending was the
same as that present in the parent ABS 1. Polydiene contents are in the
order ABS1 > ABS 2 > ABS 3.

Extruded compounded pellets were converted into strips (1 in. X
0.05 in.) using a 3/ in. Brabender laboratory extruder. ASTM-D 638 Type
I 0.05 = 0.005 in. tensile specimens were tensile cut from the extruded
strips. Extrusion conditions used were typical for this class of materials.
Extrusion take-off rates were controlled to minimize orientation in the
extruded strips. Annealing experiments showed shrinkage to be approxi-
mately 2% in the longitudinal direction.

High Speed Movie and Tensile Testing. High speed force—elongation
material properties were measured on a model 581 Plastechon high speed
tester. Experimental details have been describd previously (10). Figure
1 shows a typical force—elongation trace obtained for this class of materials.

A Hycam 16 mm high speed movie camera with a variable framing
rate of up to 11,000 frames/sec. was used to film the high speed tensile
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FRACTURE

FORCE

ELONGATION ——

Figure 1. Typical force-elonga-
tion plot

deformations. Specimen index marks approximately 0.1 in. apart were
used to allow measurement of incremental longitudinal strain over the
total length of specimen during deformation. In this way, localization of
material deformation—i.e., variation of material strain within the speci-
men gage length—was quantified. Figure 2 shows a schematic of localized
deformation. Figure 3 shows actual variation of longitudinal strain along
the gage length of a specimen of ABS 1 at fracture. The degree of strain
localization is substantial. This points out the uncertainty associated with
selecting constant gage lengths for converting force—elongation traces into
stress—strain curves for thermoplastic materials. Specimen edge markings
were used to provide suitable photographic contrast for measurement of
lateral strains during specimen deformation.

True Tensile Stress—Strain. As indicated above, analysis of high

speed motion pictures of material deformation during tensile testing pro-
vides a measure of maximum strain change in cross-sectional area and

Fi%ure 2. Schematic of variaton of mate-
rial deformation along the length of a
specimen
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length as a function of deformation. Figure 4 shows a force—elongation
trace obtained for ABS 1 at 10,000 in./min. Figure 5 shows maximum
longitudinal, lateral, and cross sectional area strains vs. deformation for
ABS 1. These curves were generated by photographic analyses. Cross-
sectional area strains were calculated on the assumption that specimens
deform isotropically in width and thickness. The data in Figures 4 and 5
are combined to yield true stress—strain curves through use of the follow-
ing relationships:

instantaneous force

2
- (1)

™= instantaneous cross-section area
sum of incremental changes in length L dL
== " = _— = l l
«® instantaneous lengths Lo L n(l+e

(2)

where ,, ¢, and ¢, are true stress, true strain, and nominal strain, respec-
tively. Figure 6 shows a comparison of true stress vs. true strain and
nominal stress vs. nominal strain for ABS 1, ABS 2, and ABS 3 in the vicin-
ity of maximum deformation.

60t
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.0(\ o’
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Figure 7. Volume strain vs. longitudinal strain curves
for three specimens of ABS 1 at 10,000 in./min. Theo-
retical cavitation and shear curves are also included.
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Figure 8. Volume strain (AV) and nominal stress (z,) vs. longitu-
dinal strain (e,) for ABS 1, 2, and 3 at 10,000 in./min

Volume Strain Vs. Longitudinal Strain. Volume strains (AV/V,)
were calculated from longitudinal strain ¢; and lateral strain ¢; by use of
the following expression:

A7‘:=(1+q>(1+e2)2—1 (3)

The (1 + e)? term arises from the assumption that specimens deform
isotropically in width and thickness. Volume strain vs. longitudinal strain
curves are shown for three specimens of ABS 1 in Figure 7. For compari-
son, theoretical curves for total cavitation, i.e., e, — 0, and pure shear, i.e.,
AV = 0, are also shown. Volume strain vs. longitudinal strain curves,
together with nominal stress vs. nominal strain curves, for ABS 1, ABS 2,
and ABS 3 are shown in Figure 8. Because of the size of the strains in-
volved, it is not possible to approximate Equation 3 with an expression
which contains only first-order powers of strain when calculating volume
strains.

Discussion

The change of mechanical properties with applied external forces,
i.e., stress—strain relationships, is of practical importance in structural
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applications of thermoplastics. Since theory is of little use in predicting
these relationships, it is necessary to resort to experimental procedures..
The uniqueness of combining photographic analyses with high speed
tensile testing for defining the stress—strain properties of thermoplastics
at impact strain rates is demonstrated in the accompanying graphs. In-
deed, for materials which deform locally, i.e., thermoplastics in general, it
is impractical to determine these relationships by other experimental
procedures. The significance of defining real material properties under
conditions that simulate end use has been shown (11) to be of practical
value. In particular, areas under true stress—true strain curves, such as
those shown in Figure 6, have been related to end use impact perform-
ance of finished articles. Photographic analysis not only provides a means
of generating engineering properties but also allows macroscopic observa-
tion of material changes which take place during deformation. Such
changes include onset of stress whitening, necking, and tearing. Deter-
mining the strains at which such phenomena take place may provide bet-
ter judgment in selecting thermoplastics for specific applications in the
future.

Volume strain vs. longitudinal strain curves shown in Figure 7 and 8
clearly indicate that combinations of shearing and cavitation take place
during tensile deformation for this series of materials at the test speed
studied. In particular, cavitation predominates at low strains and ac-
counts for > 95% of the total deformation up to the engineering yield
point, i.e., 2-3% strain. The change in ratio of cavitation to shearing with
longitudinal strain is smooth and changes from > 95% cavitation at low
strains to > 80% shearing at fracture strain for ABS 1. Percentage cavita-
tion with deformation for this material is listed in Figure 7. Volume
strain vs. longitudinal strain curves for the ABS series shown in Figure 8
indicate that the influence of increasing polydiene content is to increase
fracture strains. It does not change the shape of a volume strain vs. longi-
tudial strain curve, i.e., the strain dependence of the various processes
giving rise to toughening is unchanged. These results demonstrate that
impact modification through dispersing a discrete elastomeric phase in a
rigid matrix is achieved by allowing cavitation and shearing mechanisms
to operate. Furthermore they provide a means of quantifying these
mechanisms.

The observed results shown in Figures 7 and 8 are in general agree-
ment with the predictions of Buknall and Drinkwater (8). They sug-
gested, based on the influence of stress on the creep behavior of ABS
polymers that crazing (cavitation) should be the dominant factor under
impact conditions. Their predictions were based on low strain (< 5% )
observations and are clearly substantiated by the data shown in Figures 7
and 8.
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Cessna (9) carried out similar experiments as those reported here on
several commercial impact thermoplastics over a range of strain rates.
His work suggested that the classes of impact plastics studied exhibit a
similar transition from volume-conserving to cavitation-controlled defor-
mation processes as deformation rates are increased or temperature de-
creased. The present work supports those findings, as do the predictions
of Bucknall and Drinkwater. Unlike Cessna, in no case did we find evi-
dence of closure of cavities by shear yielding after cavitation.

Conclusions

This work has shown that the use of photographic analysis of ma-
terial deformation allows true engineering stress—strain properties, extent
of localization of material deformation, volume strains, and other macro-
scopic material changes, e.g., necking, whitening, and tearing, to be deter-
mined. Volume strain vs. longitudinal strain relationships may be used
to quantify the extent of cavitation and volume conserving deformation
mechanisms. In particular, for a series of increasing polydiene ABS poly-
mers, the relative contribution of shearing to the total deformation be-
comes more dominant at higher strains, and the major influence of increas-
ing polydiene content is to increase fracture strain and not to change the
strain dependence of the various processes giving rise to toughening.

This work has been extended to include other polymer systems over
a range of deformation rates (12).
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Carbon Black Embrittlement of ABS

RUDOLPH D. DEANIN and KALIDAS R. PATEL
Plastics Department, University of Lowell, Lowell, Mass. 01854

The addition of carbon black to ABS resin improves its
hardness, modulus of rigidity, heat deflection temperature,
and ultraviolet stability but reduces its ultimate strength,
particularly its impact strength. Fine particle size and high
structure carbon blacks have the greatest effects.

Commercial ABS generally combines the rigidity, strength, and heat
and chemical resistance of a continuous styrene/acrylonitrile (SAN)
copolymer matrix with the impact resistance gained from small dispersed
butadiene rubber particles (1). Carbon black reinforces the strength and
the resistance of butadiene rubbers against tearing, abrasion, and chemi-
cal attack (2, 3); a similar reinforcement in plastics is rarely observed
(4, 5). This study investigates if butadiene rubber in ABS makes it
susceptible to carbon black reinforcement.

Experimental

Two commercial grades of ABS were used: Goodrich Abson 89140
and 89110 (Table I) which represent “soft” and “hard” grades presumably
made with high and low rubber contents (6). Four commercial grades
of carbon black were used (Table II) which represent fine and coarse
particle size and low and high “structure.” ABS was blended with 0-20
phr (parts per hundred of resin) carbon black by masticating the blends
for 10 min at 152°C on 6 X 12 in. two-roll, differential-speed mills and
by pressing for 10 min at 174°C to form % X 6 X 6 in. sheets. These
were machined into standard % X % X 5 in. test bars, and properties
were measured according to standard ASTM methods. Results are pre-
sented in Tables III-X.

Discussion

The addition of carbon black to ABS markedly increased its rigidity
both at room temperature (Tables III-V) and at elevated temperature

256
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TableI. Description of ABS®

Goodrich Abson grade 89140 89110
General type “soft”’ “hard”
Shore D hardness 76 85
Barcol hardness 58 70
Flexural modulus, 10° psi 2.62 3.52
Flexural strength, 102 psi 9.1 10.9
Izod notched impact strength, fpi 4.2 1.5
Heat deflection temperature, 264 psi, °C 99 96
Melt flow, 250°C, 5000 g, g/10 min 18.5 6.8
Burning rate, ASTM D635, inch/min 1.7 1.3
sExperimental data from present study

Table II. Description of Carbon Blacks (7)

Type Medium Color Low Color
Cabot Grade Black Black  Sterling Regal

Pearls  Pearls
700 800 SO SRF-S

Particle size fine fine coarse coarse
Structure high low high low
Av. particle diam., mu 18 16 41 60
DBP absorption, cc¢/100 g 115 60 120 62
Density, lb/cu ft 21 30 22 29

Table III. Shore Durometer (D) Hardness—ASTM D2240

Carbon Blacks Amount, phr ABS-89140 ABS-89110
Black Pearls 700 0 76 85
3 79 86
10 81 86
20 84 87
Black Pearls 800 0 76 85
3 78 86
10 79 85
20 84 87
Sterling SO 0 76 85
3 79 83
10 81 84
20 82 87
Regal SRF-S 0 76 85
3 79 84
10 81 85

20 82 86
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Table IV. Barcol Hardness—ASTM D2583

Carbon Blacks Amount, phr ABS-89140 ABS-89110
Black Pearls 700 0 58 70
3 58 73
10 62 74
20 66 79
Black Pearls 800 0 58 70
3 57 72
10 62 75
20 70 85
Sterling SO 0 58 70
3 58 72
10 62 75
20 67 79
Regal SRF-S 0 58 70
3 61 73
10 63 76
20 65 79

Table V. Flexural Modulus—ASTM D790 (psi)

Carbon Blacks Amount, phr ABS-89140 ABS-89110
Black Pearls 700 0 262,000 352,000
3 277,000 379,000
10 293,000 410,000
20 372,000 458,000
Black Pearls 800 0 262,000 352,000
3 294,000 374,000
10 344,000 392,000
20 427,000 451,000
Sterling SO 0 262,000 352,000
3 278,000 373,000
10 300,000 432,000
20 346,000 467,000
Regal SRF-S 0 262,000 352,000
3 274,000 397,000
10 298,000 417,000
20 350,000 468,000

(Table VIII). Fine particle carbon black was somewhat more effective
than the coarse grade. Such “hardening” effects usually occur when
inorganic fillers are added to organic polymers, particularly thermoplas-
tics. In this study, the effects might be more pronounced for two reasons:
(1). The carbon black probably concentrated in the rubber domains
where it reached loadings as high as 200 parts carbon black per 100
parts polybutadiene; this greatly reduced the “softening” effect of the
rubber on the SAN matrix. (2). The high surface area of the carbon
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blacks could immobilize more polymer molecules than the coarser inor-
ganic fillers such as clay and calcium carbonate. Thus carbon black could
increase the hardness, modulus, and heat deflection temperature of ABS
in applications where the butadiene rubber had detracted too much
from the inherent properties of SAN.

However, the addition of carbon black reduced ultimate strength
properties both in low-speed flexure (Table VI) and in high-speed
impact (Table VII). Fine particle size carbon black had the greatest effect

Table VI. Flexural Strength—ASTM D790 (psi)

Carbon Blacks Amount, phr ABS-89140 ABS-89110
Black Pearls 700 0 9100 10,900
3 8900 11,100
10 7700 9400
20 4500 6700
Black Pearls 800 0 9100 10,900
3 8600 10,600
10 8100 8800
20 6900 6800
Sterling SO 0 9100 10,900
3 9000 11,600
10 8700 10,900
20 7900 9700
Regal SRF-S 0 9100 10,900
3 9100 11,600
10 8600 10,500
20 6700 9600

Table VII. 1zod Notched Impact Strength—ASTM D256 (fpi)

Carbon Blacks Amount, phr ABS-89140 ABS-89110
Black Pearls 700 0 4.2 1.5
3 1.9 1.1
10 1.0 0.8
20 0.8 0.8
Black Pearls 800 0 4.2 1.5
3 14 1.0
10 1.0 0.8
20 0.7 0.8
Sterling SO 0 4.2 1.5
3 2.8 1.0
10 1.2 0.9
20 1.0 0.8
Regal SRF-S 0 4.2 1.5
3 2.7 1.0
10 14 1.0
20 1.0 0.8
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Table VIII. Heat Deflection Temperature—ASTM D648
(264 psi), (°C)

Carbon Blacks Amount, phr ABS-89140  ABS-89110
Black Pearls 700 0 99 96
3 101 97
10 103 99
20 106 101
Black Pearls 800 0 99 96
3 101 97
10 103 99
20 106 103
Sterling SO 0 99 96
3 100 98
10 102 98
20 103 98
Regal SRF-S 0 99 96
3 100 97
10 102 98
20 102 99

Table IX. Melt Flow—ASTM D1238 (250°C, 5000 g, g/10 Min)

Carbon Blacks Amount, phr ABS-89140 ABS-89110
Black Pearls 700 0 18.5 6.8
3 8.2 5.2
10 2.0 3.9
20 0.0 0.6
Black Pearls 800 0 18.5 6.8
3 8.9 44
10 2.1 3.1
20 0.1 0.7
Sterling SO 0 18.5 6.8
3 17.7 7.8
10 10.1 3.1
20 0.9 2.7
Regal SRF-S 0 18.5 6.8
3 184 5.5
10 11.3 5.0
20 5.9 4.1

on flexural strength. This probably arose from the carbon black acting
as an impurity or flaw which initiated the failure in the SAN matrix.
Also the carbon black in the rubber particles might reduce their ability
to promote ductility and impact resistance. Thus carbon black may
sacrifice much of the impact improvement which the rubber originally
produced. Earlier studies show that even the small amounts of carbon
black used for ultraviolet stabilization may produce some brittleness (8).
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Note that in recent studies the embrittlement of ABS by fillers was
alleviated by reducing interfacial adhesion (9).

Also carbon black markedly reduced melt processability (Table IX),
particularly when fine particle size was used in “soft” ABS. This might
be caused by the bonding between carbon black surfaces and polymer
molecules or by the adsorption of low molecular weight lubricants on
the carbon black surface. This suggests that coarse carbon black, espe-
cially low structure grades, should be used for the least loss of proc-
essability.

Finally, carbon black did reduce burning rate somewhat, especially
when high structure grades were used (Table X), but not sufficiently to
act as a sole flame-retardant—only as an assistant to more conventional
flame-retardant additives. The importance of char and free radicals
in burning mechanisms (10) and the relationship of char and free radicals
to carbon black should prompt further exploratory studies of this prop-
erty—uviz., carbon black’s synergistic combination with conventional
flame retardants.

Table X. Burning Rate—ASTM D635 (%5 In., In./Min)

Carbon Blacks Amount, phr ABS-89140  ABS-89110
Black Pearls 700 0 1.7 1.3
3 1.6 1.2
10 1.6 1.1
20 1.3 1.0
Black Pearls 800 0 1.7 1.3
3 2.0 1.6
10 1.7 1.3
20 1.6 1.3
Sterling SO 0 1.7 1.3
3 1.5 1.0
10 1.5 1.0
20 1.3 0.9
Regal SRF-S 0 1.7 1.3
3 1.7 1.2
10 1.7 1.1
20 1.5 1.1

Conclusions

The addition of carbon black to ABS improves its hardness, modulus
of rigidity, heat deflection temperature, and ultraviolet stability but re-
duces its ultimate strength, particularly its impact strength; recent surface
treatment techniques might alleviate this. Theoretically it could con-
ribute to flame retardance, but this would require further studies of its
synergism.
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Transparent, Impact-Resistant, Styrene/
Methyl Methacrylate Copolymer Grafted
onto Polybutadiene

BERNARD BAUM, WILLIAM H. HOLLEY, HAROLD STISKIN,
ROY A. WHITE, and PAUL B. WILLIS

DeBell & Richardson, Inc., Enfield, Conn. 06082

ANTHONY F. WILDE
Army Materials and Mechanics Research Center, Watertown, Mass. 02172

A series of impact- and ballistic-resistant, rubber-modified,
transparent polymers based on styrene/methyl methacrylate
copolymer grafted onto polybutadiene were developed for
Army Materials and Mechanics Research Center (AMMRC).
The refractice index of the copolymer matched that of poly-
butadiene. Variables that were investigated included the
particle size of the polybutadiene latex, the degree of graft-
ing, the particle content, and the degree of dispersion of
the graft constituent. The highest ballistic impact was for
a graft polymer based on 300 A rubber (polybutadiene) latex
containing 15% rubber and a high degree of grafting and
dispersion.

The objective of this research program was to produce a series of trans-

parent, rubber-modified polymers designed for investigating ballistic
resistance and possessing good optical properties over as maximum a
temperature range as possible. AMMRC had previously specified the
types and general ranges of the rubber particle variations to be investi-
gated. Based on laboratory impact testing we determined what clear
thermoplastics to use, even though ballistic resistance cannot be correlated
to standard impact testing. The size, shape, and speed of a projectile and
the projectile’s effect on ballistic resistance of a thermoplastic are factors
that cannot be accurately predicted.
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We used a matrix copolymer system consisting of methyl meth-
acrylate (MMA) and styrene (St) grafted on polybutadiene rubber. The
variables investigated were latex particle size (360, 2000, and 5000 A),
degree of grafting, rubber content, and the degree of particle dispersion.
The following variables must be considered when a transparent impact
polymer is prepared.

Impact Properties. CHEMICAL NATURE OF THE RuBBER. If the rubber
is too compatible with the matrix, it will dissolve in the rigid material
and disperse on a molecular scale. Little or no reinforcement will occur
since the rubber particles become smaller than the radius of the tip of a
stress-induced propagating crack. However if it is highly incompatible,
good adhesion between rubber and matrix cannot be obtained. For exam-
ple polybutadiene rubber adheres poorly to a styrene/acrylonitrile co-
polymer, but a nitrile rubber adheres well to the SAN copolymer. If graft-
ing techniques are used however, compatibility is less of a problem since
the rubber is chemically bonded to the matrix.

ENERGY ABsORPTION BY THE RuBBER. For the rubber phase to work
effectively it must be able to absorb energy by elongating in the face of a
propagating crack and redistribute the stress to the surrounding matrix,
thus dissipating the energy that causes the crack to propagate (I1). In
general a rubber with the lowest possible glass transition temperature is
required for good impact (2, 3). As with commercial elastomers the
degree of crosslinking in the rubber particles (i.e., the amount of macrogel
crosslinked rubber and microgel highly branched chains) greatly affects
the strength, toughness, and resiliency of the rubber, with an optimum
degree of crosslinking necessary for maximum toughness in the final
product.

AMouNT oF RuBBer. Generally the impact strength of rubber-modi-
fied plastics increases with an increase in rubber content. Although the
impact improves, it is usually at the sacrifice of other properties such as
strength, modulus, heat distortion, weather resistance, and creep.

RusBeR ParTICLE S1zE AND Dispersion. Particle size is important for
impact. If the size distribution is wide—i.e., 1-20 microns—the large
particles represent a less efficient use of the toughness of the rubber and
tend to reduce tensile strength and to give poorer surface finish when
compared with a narrow particle size distribution—i.e., 1-5 microns (4).

If the rubber is evenly dispersed throughout the polystyrene matrix,
cracks which form under stress soon encounter a rubber particle during
propagation through the material; thus further progress of the crack is
hindered by the energy absorbing properties of the rubber.

The degree of dispersion depends on the degree of grafting, where
the graft acts almost as a surface-active agent to keep the rubber in a
colloidal dispersion in the matrix. The effectiveness of the graft appears
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to depend more on the thickness of the graft layer than on the weight
percent used. Below a certain thickness of graft on the particles (e.g.
100 A), the rubber tends to aggregate badly (5).

ADHESION OF RUBBER TO THE MATRIX. Another important variable for
impact properties is how well the rubber adheres to the plastic con-
tinuum (6). Without sufficient adhesion the energy of a propagating
crack can tear a rubber particle from the matrix, and the crack will
effectively bypass the particle. The most commonly used method to
adhere rubber to a matrix is grafting. Grafting has the advantage of using
rubbers which are only moderately compatible with the plastic matrix
because the chemical bonding achieves adhesion. Grafting can be per-
formed in bulk or suspension, but for better control of rubber particle
size it is usually done in an emulsion. The rubber is usually swollen, at
least in the outer layer of the particle, with a monomer, and then the
monomer is polymerized with free-radical initiators such as peroxides or
persulfate.

Grafting is achieved by chain transfer of the growing polymer chains
to the rubber molecules. For unsaturated rubbers such as polybutadiene
grafting probably occurs at allylic carbons or at pendant double bonds.

Prastic MaTRIX. To ensure good impact properties the plastic matrix
should have a medium to high molecular weight. On a commercial basis
this generally means a melt low (ASTM D 1238) of one to five or an
inherent viscosity (7) greater than one.

Optical Properties. MaTcHED REFRACTIVE INDEXES. Of all the vari-
ables, the most important to optical properties is the refractive indexes of
the continuous and dispersed phases. The effects of semicompatible poly-
blending on optical properties are generally undesirable. Since each
incompatible phase has its own refractive index, light traveling through
such a semicompatible polyblend is refracted and dispersed many times
as it enters and leaves the dispersed phase in its journey through the
continuous phase. Thus most semicompatible polyblends are translucent
to opaque. One way to overcome this problem is to match the refractive
index of the plastic matrix to that of the rubbers (8, 9). Most rubbers
have refractive indexes of ca. 1.52, and this is closely matched by styrene/
methyl methacrylate copolymers.

ParTICLE S1zE. Another method to produce transparency is to make
the particle size of the rubber phase smaller than the wavelength of light
(i.e., less than 4000 A). Although the technique is effective, these small
particle sizes are difficult to achieve on a commercial basis and may have
an adverse effect on the impact properties of the final product.

ComrosrrioN oF THE CoNTINUOUS PHASE. To ensure a haze-free plas-
tic, the continuous phase, if a copolymer, must have a consistent compo-
sition. If the monomers react in the same ratio as they are added, there
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is no problem. However if one monomer reacts preferentially to the other
and this is not taken into account during monomer addition, the material
can gradually change in composition during the polymerization reaction
and can result in a mixture of molecules of different comonomer content.

Experimental

Laboratory. Methyl methacrylate/styrene copolymer, polybutadiene
latex, and a graft combination of the two were synthesized in returnable-
type soda bottles. To produce polybutadiene latex, water, surfactant, and
initiator were charged to the bottle followed by butadiene (de-inhibited
by distilling through aqueous sodium hydroxide) at specific time intervals
using a hypodermic syringe to inject the monomer and/or surfactant
through a resealable cap. No mercaptan, chain transfer agent, was used
with 360 A latex formulations. Larger particle sizes generally required
mercaptan to yield a more linear, less crosslinked, more rubbery polymer
structure.

For some grafting runs, distilled water, surfactant, polybutadiene
latex, styrene/MMA monomers, and initiator were all injected into the
bottle. The bottle was then purged with nitrogen, sealed, and rotated in
a water bath at 60°C for 16 hr. In other grafting runs, preswelling in the
absence of initiator was carried out by adding all the ingredients except
the initiator to the bottle. The bottle was purged with nitrogen, sealed,
and rotated inside the water bath at 50°C for 2 hr to swell the rubber
slightly in the monomer. The bottle was removed from the bath, cooled,
and initiator was added. It was then repurged with nitrogen and was
resealed and rotated inside a 60°C bath for 16 hr.

After grafting, the latex was coagulated in and washed thoroughly
with methanol and was filtered. During washing Irganox 1010, an anti-
oxidant, was added to prevent degradation of the rubber during subse-
quent drying. The graft polymer was dried in a circulating air oven at
60°C overnight and was compounded on a steam-heated, two-roll mill
at 315°F for 10 min with 0.1% Irganox 1010. Films used to evaluate
clarity and impact were prepared by compression molding at 350°F using
a hydraulic press equipped with electrically heated platens.

Pilot Plant Scale-Up. All of the pilot plant polymerizations to pro-
duce a rubber latex or a graft polymer were carried out in a 10-gal, glass-
lined Pfaudler kettle. A 50-gal, glass-lined kettle was used to prepare
MMA/St copolymer. EDTA was used in all pilot plant runs to sequester
iron.

The first pilot plant grafting that was run with the commercial 2000 A
latex from B. F. Goodrich coagulated. We switched Run 17B formulation
with the pentamine/peroxide initiator system to the persulfate initiator
system, Run 26 (Table VII). Based on tensile impact data, No. 26 had
almost the same impact resistance as No. 17B.

For the 5000 A latex, scale-up in the 10-gal, glass-lined kettle required
64 hr polymerization at 60°C. After each addition of butadiene, initiator,
surfactant, and/or mercaptan, an additional 16 hrs of polymerization was
needed. Four separate additions were needed to grow the 2000 A poly-
butadiene latex to 5000 A. The final latex had a solids content of 25.3%
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and was calculated to be 80% converted. This latex was used to make
the 5000 A graft.

The ballistic performance of these materials was determined by a
standard projectile impact test. This performance is characterized by the
average impact velocity at which the projectile barely penetrates the test
specimen. Accordingly the higher the characteristic velocity, the better
is the ballistic performance or the ballistic impact resistance of the speci-
men. The data are presented in arbitrary units.

Discussion

Graft Polymer Studies on “Model” System. Methyl methacrylate/
styrene ratio, chain transfer agent level, and type of initiator system were
evaluated in graft polymer using Firestone 2004 polybutadiene latex as
a model.

CLARITY OF GRAFT POLYMERS WITH VARYING METHYL METHACRYLATE/
STYRENE RaTi0s. Refractive index considerations (7, 8) and general state
of the art considerations (8) favor methyl methacrylate (MMA) over
styrene (St) as the major monomer portion of the matrix. With this in
mind, we selected MMA /St ratios from 62/38 to 80/20 (wt % ). Using
a commercial Firestone butadiene latex (2004) to supply the 15% rubber
graft, polymerization runs were made as outlined in Table 1.

After the resultant polymers had been worked up, an evaluation was
made based on clarity. At 73° and 140°F the 80/20 MMA/St polymer
(Run 5) had the best clarity, but at —4°F the 67/33 MMA/St (Run 2)

Table I. Clarity of Graft Polymers with Varying MMA /St Ratios

Run No.

Formulation® 1 2 3 4 5
Distilled water, total 180.0 180.0 180.0 180.0 180.0
2004 butadiene latex,

(2500 A) solids basis 15.0 15.0 15.0 15.0 15.0
Methyl methacrylate
MMA 52.8 56.9 59.5 63.8 68.0

Styrene 32.2 28.1 25.5 21.2 17.0

Sodium stearate 5.0 5.0 5.0 5.0 5.0
Na;PO,-12 H,0 0.5 0.5 0.5 0.5 0.5
KS:0s 0.3 0.3 0.3 0.3 0.3
Yield, 9, 99.5 98.5 98.8 97.8 99.5
Clarity® @ 140°F 5 4 3 2 1
Clarity @ 73°F 5 4 3 2 1
Clarity @ —4°F 5 1 2 3 4
MMA/St based upon

100 Monomer 62/38 67/33 70/30 75/25 80/20

s All formulations are based on 85 parts by weight monomer (MMA /St) and 15 parts
by weight rubber solids.
b Rated from 1-5 (1 is best and 5 is worst).
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Table II. Effect of Level of Chain Transfer Agent on
Impact of Graft Polymer

Run No.

Formulation® 6 6A° 9 10
tert-Dodecyl mercaptan 0.3 0.5 0.7 0.9
Melt index, g/10 min 1.4 — 1.7 4.3
Tensile impact, ft-lbs/in.2 6 6 7 brittle
Clarity slt. haze clear clear clear

¢ H,0-180 parts, butadlene latex—15 MMA-65.5, styrene-19.5, sodium stearate-5,
Na,3P04 12 HzO-06 an Kzsz
lsthre-éwgged for 2 hrs @ 50°C w1thout K:S:0s; K:8,05 added and polymerized for
rs

ratio was superior, and the 80/20 was rated next to the worst. As a
compromise the 77/23 MMA/St was chosen for the remaining experi-
ments.

Errect oF CHAIN TRANSFER AGENT CONCENTRATION ON IMPACT OF
Grart PoLymMeERr. With the MMA /St ratio at 77/23, 15% rubber grafts
were made using Firestone butadiene latex and different levels of the
chain transfer agent (tert-dodecyl mercaptan) to lower the molecular
weight of the polymer so that it can be readily processed. Our first at-
tempt,without mercaptan, yielded a difficult to process, almost intractable
material. At low mercaptan levels the high molecular weight polymer
caused haze (Table II). Run 10 with 0.9 part mercaptan lowered the
molecular weight to a point where the specimen produced was brittle.
We choose 0.5 part mercaptan as the working level for the remainder of
the project.

Table III.  Effect of Initiator Systems on Impact of Graft Polymers

Run No.

Formulation 64 13 14
Distilled water, total 180.0 180.0 180.0
2004 butadiene latex, solids basis 15.0 15.0 15.0
MMA 65.5 65.5 65.5
Styrene 19.5 19.5 19.5
Sodium stearate 5.0 5.0 5.0
N33P04 .12 Hzo 0.6 0.6 0.6
tert-Dodecyl mercaptan 0.5 0.5 0.5
K2S208 0.3 I -
Cumene hydroperoxide — 0.170 —
Tetraethylene pentamine — 0.085 0.170
tert-Butyl hydroperoxide 0 — 0.153
EDTA, 309, solids — 0.017 0.017
Tensile impact, ft-lbs/in.? 6 14 19
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Table IV. Polymerization of Methyl Methacrylate/Styrene Copolymer

Run No.

Formulation 7 11 11A 12
Distilled water 180.0 180.0 180.0 180.0
Na;P0O,-12 H,0 0.6 0.6 0.6 0.6
MMA 77 77 77 77
Styrene 23 23 23 23
Sodium stearate 5.0 5.0 5.0 5.0
K,S:05 0.3 0.3 0.3 0.3
tert-Dodecyl mercaptan 0.5 0.6 0.65 0.7
Melt index, g/10 min 3.1 3.9 4.8 7.8
Clarity haze sl. haze clear v. clear
Yield, % 98.8 — — —

Table V. Polymerization of 360-A Latex
Run No.

Formulation 8e 84¢ 8B®
Distilled water 75 71 71
Butadiene monomer 25 25 25
Na;PO,-12 H,0 0.075 0.035 0.035
Dupanol ME 5.0 — —
Dowfax 2Al, 459, solids — 6.68 6.68
K5S5,04 0.075 0.075 0.075
Rubber particle size, A 880 135 360
Solids, %, 23.8 26.7 21.7

s All ingredients charged to reaction vessel together. .
® Butadiene charged to reaction vessel at the following time intervals: 4% initially;
369% after 1 hr; 609, after 214 hrs.

EFFect OF INITIATOR SYSTEMS ON IMPACT STRENGTH OF GRAFT
PoLymers. Table III contains the formulations and tensile impact data
of grafting runs made with various initiator systems. Run 13 contains
tetraethylenepentamine with cumene hydroperoxide; Run 14 has the
same amine but in conjunction with tert-butyl hydroperoxide. The penta-
mine/tert-butyl hydroperoxide system (Run 14) produced a polymer
with higher impact. Both runs (13 and 14) gave much higher tensile
impact than the potassium persulfate system. This higher impact could
be related to the higher degree of grafting of Run 14 vs. 6A (Table VIII).

Latex Particle Size and Grafting. The bulk of the program involved
the preparation of monodisperse, polybutadiene latexes of 360, 2000,
and 5000 A particle sizes and the grafting of these latexes with methyl
methacrylate/styrene.

PrePARATION OF 360 A LATEX AND GRAFTING. Attempts to make a
360 A latex are outlined in Table V. Runs 8 and 8A are identical in
procedure but vary in the type of surfactant used. Run 8B which gave a
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Figure 1. Electron microiraph of 360-A rubber
particles in Run 8B latex (22,160 X)

360 A latex has the identical formulation to Run 8A, but the butadiene
was injected into the bottle at specific intervals. Runs 8 and 8A were
made by injecting everything into the bottle at once.

Photographing the rubber particles by using the SEM stage of an
electron microscope was unsatisfactory. However, by using the TEM

Table VI. Preparation of Rubber Graft Polymer Using
360-A Monodisperse Latex

Run No.

Formulation 32 33e
Distilled water, total 180.0 180.0
Run 8B 360-A latex, solids basis 15.0 15.0
Na;P0,-12 H,0 0.6 0.6
Sodium stearate 5.0 5.0
MMA 65.5 65.5
Styrene 19.5 19.5
tert-Dodecyl mercaptan 0.625 0.5
EDTA, 309, solids 0.017 —
Tetraethylenepentamine 0.170 —
tert-Butyl hydroperoxide 0.153 —
KzSzOs —_— 0.3
Tensile impact, ft-lbs/in.2 18 35

¢ 2 hrs @ 50°C without K,8,0s; add KS:0s and polymerize 16 hrs @ 60°C.
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stage and polyvinyl alcohol to hold the particles apart, satisfactory pictures
were obtained. A photograph of the 360 A rubber particles produced in
the Run 8B latex reveals its monodispersity (Figure 1). Runs 8 and 8A
gave polydisperse latex as well as the wrong particle size, indicatihg the
importance of both the type of surfactant and the need for continuous
addition of butadiene monomer.

Table VI shows the grafting experiments made with 360-A latices.
Grafting runs (32 and 33) which were made from latex 8B (360 A) again
showed that the initiator system has a significant part in the properties
of the grafted polymer. The persulfate system produced a polymer with
almost twice the tensile impact as the pentamine/peroxide system. Run
33 was scaled-up in the pilot plant.

GraFTING EXPERIMENTS UsiNG A CoMMERCIAL 2000-A LATEX. A com-
mercial, monodisperse (see Figure 2) 2000 A latex (B. F. Goodrich Hycar
1870X3) was used for the grafting experiments. Run 17 (Table VII)
shows the effects of standard type formulations with the pentamine/per-
oxide initiator system. All ingredients were charged to the reaction vessel
initially; our yield was only 53%, and the polymer was difficult to process
because of its high molecular weight. In Run 17A the pentamine was
injected last into the reaction bottle which was agitated during the addi-

—t
spdia

BY e f"‘f

Figure 2.  Electron micrograph of 2000-A rubber
particles in B. F. Goodrich 1870X 3 latex (8000 X)
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Table VII. Preparation of Rubber Graft Polymer
Using a 2000-A Latex

Run No.

Formulation® 17° 174 ¢ 17B¢ 264
Na3;P0,4-12 H,0 0.6 0.6 0.6 0.6
Sodium stearate 5.0 5.0 5.0 5.0
MMA 65.5 65.5 65.5 65.5
Styrene 19.5 19.5 19.5 19.5
tert-Dodecyl mercaptan 0.5 0.5 0.625 0.5
EDTA, 309, solids 0.017 0.017 0.017 —
Tetraethylenepentamine 0.170 0.170 0.340 —
tert-Butyl hydroperoxide 0.153 0.153 0.306 —
K,S;04 — — — 0.3
Yield, % 53.0 98.5 98.8 98.8
Processability very difficult normal  normal

difficult
Tensile impact, ft-1b/in.2 — — 36 33

o H,0-180 parts, Hycar 1870X3 latex-15, MM A-65.5, styrene-19.5, Sodium stearate—
5, Na;PO,-12 H 20-0.6.

b All ingredients charged to reaction vessel initially.

¢ Tetraethylenepentamine charged last to reactor under agitation.

42 hrs @ 50°C without K,S,;05; add K:S;05 and polymerize 16 hrs @ 60°C.

tion. The yield was now 98.5%, but the resultant polymer still had too
high a molecular weight and was difficult to process.

In Run 17B we increased the mercaptan level by 25% and doubled
the pentamine/peroxide initiator levels. This produced a tough polymer.
Run 17B had a slightly higher impact resistance than the polymer made
in Run 26 which was made with the persulfate initiator system. Run 17B
was scaled-up in the pilot plant.

PREPARATION OF A 5000-A MonopispeRse LATEX. The most common
method to prepare a monodispersed latex (i.e., with a narrow distribution
of particle sizes) is the seed latex technique. In this process a polymer
emulsion of uniform particle diameters is prepared by polymerizing a
small amount of monomer (10-20% ) with a slight excess of surfactant
and by running the reaction to high conversion. The resulting latex has
a narrow range of particle sizes. This latex is used to “seed” a subsequent
reaction in which additional monomer, catalyst, and surfactant are added
continuously and polymerized until the desired particle diameter is
achieved. A seeded reaction must be carefully controlled; also the quan-
tity of fresh surfactant added is important since the rate of addition of
surfactant, with respect to the progress of the reaction, is a nonlinear func-
tion. As the reaction proceeds, the growing particles require additional
emulsifier to protect the rapidly expanding surface area. If the surfactant
is added too slowly, there may be an insufficient quantity adsorbed on the
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particles to prevent aggregation or coagulation. If it is added rapidly,
the excess of surfactant will form new micelles (above the critical micelle
concentration) and will initiate new polymer particles of small diameters,
thereby creating a dispersity.

The best choice for seeding the 5000-A latex reaction was the B. F.
Goodrich monodisperse 2000-A latex. Preliminary calculations were neces-
sary to determine the quantity of monomer required to grow the particles
to the desired diameter. A simple multiplication factor was determined
from a ratio of the volume of the initial seed particle to the volume of
the final particle. If the volume of a sphere =V = 4/3 #r®

Ve _ 4/3wr% _ [r%] _ [0.2507] _
V1 - 4/31""‘31 - [7’31] - [01#] = 156 (1)

Va;rs = volume and radius of the 5000-A particle, V,;r; — volume and
radius of the 2000-A particle, and 1 x = 10,000 A.

Since density is a factorable constant in the above equation, the ratio
also indicates the necessary increase in weight required by each particle.
The factor was increased to an even 16 to leave a 3% margin for com-
pletion of the reaction. It is possible to add additional catalyst to force
the reaction to 100% conversion, but this leads to an undesirably high
degree of crosslinking which reduces the impact strength of the rubber.

Growing the 2000-A latex by multiple additions involving surfactant,
monomer, catalyst, and a chain transfer agent to control the molecular
weight was successful. Each increment was added every 26 hr for three
increments from the start of the polymerization. The first two additions
consisted of fresh monomer (not exceeding a 2:1 monomer to polymer
ratio) with 0.25 phm each of catalyst and chain transfer agent. The first
addition also included half of the total surfactant used; the second and
third had catalyst alone.

After the reaction terminated the latex was post-stabilized with 0.5
phr Triton X-202 (Rohm and Haas surfactant) to inhibit aggregation and
was stored at 40°F under dry nitrogen. No antioxidant could be added
at this time because it would destroy the catalyst necessary for the final
grafting polymerization.

Preliminary examination of the latex involved centrifugation and
optical microscopy. Only a marginal tendency to fractionate was noticed
after 2 hr of centrifuging several 10-ml samples. The approximate diame-
ter of particles separable by normal centrifuging was near 0.5 . An
optical microscope was equipped with an oil immersion lens (1000 X)
and a phase contrast stage. The polymer particles were noticeable but
only marginally visible. Their diameters were near the threshold of reso-
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Figure 4. Latex particle diameter vs. ballistic impact of graft polymer
made from these latexes

lution about 0.5 x. Microphotography was difficult, but electron micros-
copy photographs gave excellent results ( Figure 3).

Visual examination with the help of calipers revealed that the average
particle diameter was 5000 == 100 A. No aggregates were discovered.
After measuring the sizes and numbers of particles at different diameters,
we plotted the dispersity. As the graph shows, only about 15% of the
particles are outside 4000-6000 A; nearly 50% are between 4800-5200 A.

PrePARATION OF BLENDS OF GRAFTED PoLYyMERs. The individual 360-,
2000- and 5000-A polymers were worked up, compounded, and compres-
sion molded into sheets. Blends of the three particle size polymers were
made according to the following proportions based on percent rubber.
The total rubber content in the blends remained at 15%.

5% 360 A 4+ 10% 2000 A
10% 360 A 4 5% 2000 A
5% 360 A - 10% 5000 A
10% 360A -4 5% 5000 A
5% 2000 A - 10% 5000 A
10% 2000 A 4 5% 5000 A
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Ballistic Performance in Arbitrary Units

. 0 ] 1

360 @———15 10 5 0
2,000 A —0 5 10 15
Rubber Content of Blend in Percent

Figure 5. Ballistic impact of blends of graft
polymers made from 360- and 2000-A poly-
butadiene latexes

The above blends were mixed in powder form prior to compounding
on the roll mills. The resultant compounds were compression molded
into sheets and were delivered along with the single particle size com-
pounds to AMMRC for ballistic impact evaluation.

BarrisTic EvALUATION OF GRAFT POLYMERS MADE WITH VARYING
ParticLE S1zeE LATEXES. In Figures 4-7 the rubber graft polymers exam-
ined by AMMRC for ballistic impact were based on 15% rubber content
and had a high degree of graft and dispersion of the rubber particles in
the MMA/St matrix. Because of security requirements, ballistic per-
formance is given in arbitrary units. Ballistic impact resistance is plotted
vs. rubber latex particle diameter or vs. the percent of each blend of the
graft polymer. The ballistic impact resistance of the graft polymer
increases as the latex particle diameter decreases (Figure 4). The graft
polymer blending study indicates again that the graft polymer made from
the smallest (360 A) particle diameter latex has the highest ballistic
impact resistance.
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Degree of Grafting vs. Tensile Impact. Only a percentage of the
monomer that polymerized in the presence of rubber is actually attached
or grafted to the rubber. An accepted measure of how well a graft is
made is the resultant tensile impact of the polymer. Generally the higher
the tensile impact, the higher the degree of graft (10).

A quantitative method to determine the amount of graft was to
dissolve—disperse a known amount of the polymer in MEK (methyl ethyl
ketone), which is a solvent for the matrix copolymer only. The rubber
plus the graft remained undissolved and was recovered, washed, dried,
and weighed. Since we knew the initial amounts of rubbers and mono-
mers and the percent conversion, we could calculate the amount of graft
on the rubber.

Table VIII lists the parts of graft per 100 parts of rubber for some
laboratory runs as well as the latex particle size and tensile impact. The
correlation of the degree of grafting to tensile impact still holds—i.e.,
within each latex system the higher the degree of grafting, the greater
the impact. This condition however does not hold from latex to latex. A
higher level of graft in one latex does not necessarily produce a higher

5
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I | 1
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I

Ballistic Performance in Arbitrary Units

0 | |
360 A —-15 10 5 0

5,000 A—0 5 10 15
Rubber Content of Blend in Percent

Figure 6. Ballistic impact of blends of graft
polymers made from 360- and 5000-A latexes
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Fi§ure 7. Ballistic impact of blends of graft
polymers made from 2000- and 5000-A poly-
butadiene latexes

Table VIII. Quantitative Measurement of Degree of Grafting and
Its Correlation with Tensile Impact

Latex Parts Graft
Particle Size, Tenstle Impact,  per 100 Parts
Run No. A ft-lb/in 2 Rubber

33 360 35 238
22A 880 39 108
18A 880 54 283
15 1000 12 115
16C 1000 21 256
26 2000 33 82
17B 2000 37 151

6A 2500 6 95
14 2500 19 167
21A 2500 34 113

20A 2500 42 203
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Table IX. Preparation of Graft Polymer® with a

Medium Degree of Graft
Run No.

Formulation 46 46
Distilled water, total 245.0 245.0
Modified Run 8B latex, solids basis 70.0 70.0
Na;P04-12 H,O 0.6 0.3
Sodium stearate 5.0 —
Aerosol A-196, 859, solids — 1.8
MMA 23.1 23.1
Styrene 6.9 6.9
tert-Dodecyl mercaptan 0.15 0.15
K8:0s 0.15 0.15
Tensile impact, ft-1b/in? 17.6 20.4

a2 hrs @ 50°C without K;S,0s; add K1S:05 and polymerize 16 hrs at 60°C; based on
360-A polybutadiene latex.

tensile impact than a lower level of grafting in another latex. The manner
in which each latex reacts to its initiator and the particle size of the rubber
all contribute to vary the tensile impact of the polymer.

Within each latex system tensile impact improves with the degree
of grafting. The graft polymers evaluated so far by AMMRC had a high
degree of grafting. To complete the correlation of degree of grafting vs.
ballistic impact, graft polymers with a low and medium graft content
were prepared. AMMRC evaluation of the three-particle-size polymers
and their blends showed that the 360-A polymer had higher ballistic
impact resistance than the others tested.

We prepared a 360-A polymer with a low degree of grafting by
blending latexes. The 360-A latex blended with the copolymer latex gave
a 15% rubber content with no graft. The resultant latex blend was
freeze-coagulated and was treated the same as the previous specimens.

A graft polymer made with 360-A latex which had a medium degree
of grafting was made by changing the ratio of rubber to copolymer from
15/85 to 70/30. Since only about 15% of the monomer was expected to
graft on the rubber, less graft was expected. Different surfactant systems
were also investigated (Table IX) since it was difficult to wash the re-
sidual sodium stearate from the previously made polymers; another sur-
factant which was more water soluble and which would give results
comparable with those of sodium stearate would be desirable.

Based on the tensile impact data in Table IX, we used Run 46 with
Aerosol A-196 surfactant to scale up in the pilot plant. We took the
70/30 rubber to copolymer material and diluted it with copolymer to
lower the final rubber content to 15% of the polymer; this was done
during milling.



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch022

280 TOUGHNESS AND BRITTLENESS OF PLASTICS

The differences between low, medium, and high degree of grafting

are:

Parts Graft
Degree of per 100 Parts  Monomer Rubber Method of
Grafting Rubber Level Level Preparation
Low 0 85 15 latex blending
Medium 87 30 70 polymerization
High 238 85 15 polymerization

The AMMRC tests (Figure 8) reveal a direct correlation between
degree of graft and ballistic impact resistance.

Rubber Content. To analyze the effect of rubber content we made
a graft polymer with 25% polybutadiene rubber and a high degree of
graft using the 360-A polybutadiene latex. Essentially the same pro-
cedure that developed the 15% rubber graft was followed. The rubber/
monomer ratio was changed to 25/75, and three surfactant systems were
evaluated (Table X).

The scale-up of Run 43 was made in the 10-gal kettle. The latex was
freeze-coagulated and worked up in the same manner as the other grafts.
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Figure 8. Degree of graft vs. ballistic impact
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Table X. Preparation’ of 25% Rubber Graft Using 360-A Latex

Run No.
Formulation 42 43 44
Distilled water, total 180.0 180.0 180.0
Run 8B latex, solids basis 25.0 25.0 25.0
Na;P0,-12 H,0 0.6 0.3 0.3
Sodium stearate 5.0 — —
Sodium propyl phosphate,

209, solids — 4.0 —
Aerosol A-196, 859, solids — — 1.685
MMA 57.75 57.75 57.75
Styrene 17.25 17.25 17.25
tert-Dodecyl mercaptan 0.5 0.5 0.5
K8,0s 0.3 0.3 0.3
Tensile impact, ft-1b/in.? 56 80 75

@2 hrs @ 50°C without K;S;0s; add KS:0s and polymerize 16 hrs @ 60°C.

The 25% rubber graft was compounded and compression molded into
sheets. The same 25% graft was cut during milling with copolymer to
reduce the rubber content to 20%. This same technique was used to cut
the 15% rubber graft previously made to 10 and 5% rubber content.
Copolymer alone was compounded and molded into sheets to give a 0%
rubber content material.

The tensile impact data below show that the 25% rubber polymers
have much higher impact resistance than the 15% rubber polymers. Com-
paring the highest tensile impact obtained at the 25% rubber level, we
find that it is over 125% higher than the tensile impact at the 15%
rubber level (80 vs. 35 ft-1b/in.2).

% Rubber Tensile Impact Ballustic
(360 A Latex) (ft-lb/in.2) Impact
15 35 475
25 80 4.55

Figure 9 indicates that, in agreement with the tensile impact data,
ballistic impact resistance improves with increasing rubber content. How-
ever ballistic impact, unlike tensile impact, decreases above 15% rubber
content.

Degree of Dispersion. The graft polymers examined had a high
degree of rubber particle dispersion. A batch was now made with a low
degree of dispersion at 15% rubber and a high graft content using 360-A
latex. Taking the recovered, dried, 15% rubber graft polymer, we dis-
solved the ungrafted copolymer in MEK. This left us with a rubber and
graft prepared with a high degree of grafting.
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Figure 9. Rubber content of graft polymer vs. ballistic
impact

Because we knew the amount of polymer, we carefully weighed and
used the rubber and graft that remained; we could easily calculate the
amount of rubber. The recovered rubber/graft mixture was compounded
into copolymer on a two-roll mill at a sufficient amount to give a final
rubber content of 15%. The compounding was just long enough (2 min)
to blend the materials. It has been our experience in plastics processing
that 10 min of compounding gives an extremely high degree of dispersion
and that 2 min gives a poor dispersion. As expected, ballistic data reveals
that the higher degree of rubber dispersion gives a higher impact resist-
ance (Figure 10).

Conclusion

This research program has produced a series of transparent rubber-
modified polymers that were designed to investigate ballistic resistance
and that had good optical properties over a maximum temperature range.
Of the variables studied, a 360-A particle size polybutadiene latex with a
high degree of methyl methacrylate/styrene copolymer grafting and high
dispersion was optimum at the 15% rubber level.
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A Strength—Morphology Study of
Transparent Two-Phase Polymers

R. G. BAUER and P. S. PILLAI

The Goodyear Tire & Rubber Co., Research Division,
142 Goodyear Blvd., Akron, Ohio 44316

ABS and high impact polystyrene are two-phase composites
comprising dispersions of rubber particles in a rigid glassy
matrix of SAN or polystyrene. Because of their transparency,
the MBS, MBAS, SA, and similar clear impact plastics are
useful variations of these rubber-modified polymers. The
investigation of two-phase morphology has been expanded
using laser light scattering, a convenient, non-destructive
method to characterize domains of super-molecular size
which give the outstanding impact resistance characteristics
of these heterogeneous two-phase systems. The laser light
scattering technique is most valuable when used to deter-
mine the morphology of the new transparent plastics con-
taining saturated elastomers which are not readily stained
by osmium tetroxide and similar oxidizing agents for elec-
tron microscopy studies.

The physical properties of rubber-modified impact plastics depend on

the morphology, the nature, and extent of the inhomogeneity in the
blend. Light scattering is a convenient method to characterize domains
of the size commonly found in these thermoplastics. Laser light scatter-
ing has been used to study the structure of SBS block copolymers (1)
and to examine the phase structure of an MBAS plastic as a function of
the graft rubber concentration (2). In this investigation the authors used
this method to study the domain sizes in several transparent impact
plastics and attempted to make some correlation between their morphol-
ogy and strength.

284
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Experimental and Procedure

Material. Optically clear films (about 5 mils thick) of three SA (satu-
rated acrylic) plastics (3) that contained 25, 33, and 50% of an acrylic
graft rubber (referred to as SA-1, SA-2, and SA-3) were compression
molded. The acrylic graft rubber latices were latex blended with a resin
latex composed primarily of methyl methacrylate, and the blend was
coagulated. The compositions of these three polymers are as follows:
SA-1, 79/17/4 wt % —methyl methacrylate/butyl acrylate/styrene; SA-2,
72/23/5 wt % —methyl methacrylate/butyl acr;i,ate/ styrene; SA-3,
59/34/7 wt % —methyl methacrylate/butyl acrylate/styrene. All three
%rgft ru‘l;b)ers contained low levels of a crosslinking comonomer (less than

Owt %).

Apparatus. Impact strengths were measured by the notched Izod
procedure. These tests were run using a TMI autographic impact tester.
Tensile strengths were run using an Instron tensiometer. Samples were
elongated at 0.2 and 2.0 inches/min. For laser light scattering a He—Ne
Laser (A =6328 A) was the source, and an RCA 7265 photomultiplier
tube was the detector. This was mounted on a rotating arm with the
sample axis as the center. The output voltage was amplified by a San-
born amplifier and then was fed into a recorder.

Each of the impact plastic films was supported independently, and
the scattered intensity (I) was measured as a function of angle by a
previously described method (1).

Results and Discussion

It is well known that systems like polystyrene or polystyrene—acrylo-
nitrile—generally considered brittle materials—have a remarkable in-
crease in toughness and resistance to impact wheén polyblended with
finely dispersed, crosslinked, but partly compatible, rubber particles.
These particles are generally 0.1-10 . in size and frequently consist of
butadiene which has been grafted with monomers of similar composition
to the matrix or continuous phase.

Typically, electron microscopy has been used to determine rubber
particle size and overall domain sizes in polyblends. For most systems
containing polybutadiene or similar diene elastomers, it is possible to
stain the rubber phase satisfactorily with a suitable oxidizing agent such
as bromine or osmium tetroxide to provide a density gradient for detec-
tion. Since the graft rubber used in this investigation had no double
bonds, these samples could not be stained; hence the electron micrographs
had poor quality with no discernible phase structure. Electron microscopy
requires ultrathin sections for examination which must be sectioned by
ultramicrotoming,.

A procedure (1) was described to examine the size of these rubber
particles and the interparticle distance using laser light scattering which
is uniquely applicable to transparent polyblends. This procedure is best



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch023

286 TOUGHNESS AND BRITTLENESS OF PLASTICS

Figure 1. Electron micrograph of
SA-1 (75,000 X)

used to examine the phases in transparent polyblends containing saturated
elastomers which cannot be readily oxidized. Figure 1 shows an electron
photomicrograph of a saturated, acrylic, rubber-modified polyblend. The
difficulty in measuring rubber particle size or interparticle domain sizes
in this polymer is apparent. By contrast Figure 2 is an electron photo-
micrograph of a polybutadiene rubber-modified polyblend; the structural
features are more clearly seen.

Laser light scattering was described by one of us (2) for measuring
the phase structure of an MBAS plastic as a function of graft rubber
concentration. The data were analyzed with the Debye-Bueche expres-
sion (1, 2)

I = CVyp2r32g3exp[—4n?sin®(6/2)a?/N?] (1)

Figure 2. Electron micrograph of
MBASA (15,000 X
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Figure 3. Log intensity vs. sin? (0/2) plot—SA-3

where C = constant, V = scattering volume, 7* — mean scattering power,
a = domain size (radius), § = scattering angle, and A = wavelength in
the medium.

Plots of In I as a function of sin?(4/2) were made by a computer for
all of the films studied. One such plot for an SA-modified PMMA is
shown in Figure 3. The initial and tail portions have different slopes.
The mean sizes a, and a, of the scattering domains were calculated from
these slopes and are given in Table I. v

Table I shows that the size a, is constant (~ 0.26 ) for all three
samples, and a, decreases from 1.05 to 0.78 as the graft rubber content
increases from 25 to 50%. The same rubber latex was used for all three
samples. Therefore the smaller dimension a; is attributed to the size of
the filler domain. The large dimension a, varies inversely with the filler
content and hence is considered as an interparticle separation distance.

Table I. Characteristic Dimensions of Domain Sizes and
Interdomain Distances

Sample Domain Radius Separation Distance
a 1(#) az(l-‘)
SA-1 0.26 1.05
SA-2 0.25 0.85

SA-3 0.27 0.78
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Figure 4. (a,/a,) vs. rubber concentration

The physical significance attached to the a; and a, dimensions in
this study is identical to that which we obtained for a series of MBAS
impact plastics (2) containing butadiene rubber where rubber latex
particle size was determined independently. We found that both laser
light scattering and electron microscopy results agreed.

The above conclusion was verified by checking whether the a, and a,
values were consistent with the composition of the rubber in the plastic
matrix (2). The volume of one scattering particle (v) is 4/3ra:®. If
there are n such scatterers in the correlation volume (V') given by 4/3 =
a,® and if c is the percentage of the rubber filler, then

Ve = nv (2)

1.e., (a1/az)® = ke (2a)
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A plot of (ai/a,)? vs. ¢ should be a straight line going through the
origin (2) (see Figure 4). The straight line nature of this graph agrees
with Equation 2a, thus confirming the physical significance attached to
the dimensions a; and a,. These results indicate a two-phase structure in
which the rubber particles are dispersed in the plastic matrix.

Figure 5 depicts the dimensions of the a; and a, parameters measured
by the light scattering method. The ratio (a,/a,) gives an approximation
of the relative matrix size for different loadings of graft rubber. A plot
of this function vs. impact strength or tensile behavior for various rubber
loadings indicates the efficiency of a given type of rubber to improve
impact strength. Figure 6 shows two curves of this type: one for the
saturated acrylic plastic (from @, and a, values in Table I) and the other
for the MBAS plastic (data from Ref. 2). These curves have the same
shape, indicating an exponential relationship between rubber content and
impact strength. This coincides with the experimental data reported for
other types of rubber used to improve the impact strength of glassy resins
(4). A similar examination can be made of the tensile strength variation
with elastomer content for these two types of rubber (see Figure 7).

The graft rubber particle sizes for these MBAS and SA impact
polymers are nearly equivalent; hence they can be compared directly.
Other variables which may affect strength properties such as the craze
size of the resin matrix, the interphase adhesion, molecular weights and

RUBBER
PARTICLE

RESIN MATRIX

Figure 5. One-dimensional, rubber-resin array show-
ing a, and a, distances
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molecular weight distributions of the resin and rubber, and the graft
type and level were not included; however the data suggest that the diene
rubber in the MBAS plastic increases notched Izod impact strength more
efficiently than the acrylic rubber in the saturated acrylic plastic although
the tensile strengths of the latter seem less dramatically reduced by rubber
modification. ,
Experiments—previously impossible without laser light scattering
technology— suggested by this work involve studying the effect on physi-
cal properties of varying particle size for different types of elastomers.

Conclusion

The application of laser light scattering technology to the study of
the morphology and physical behavior of transparent impact plastics has
been introduced. This procedure is an excellent means of studying satu-
rated elastomer impact modifiers which have not been amenable to exami-
nation by other procedures, e.g., electron microscopy.

The SA polymer exhibited a two-phase structure in which the filler
particles of radius ca. 0.26 . are dispersed in the plastic matrix. The
impact and tensile behavior of this polyblend was compared with that of
an MBAS polyblend (graft diene rubber approximately the same size)
which was examined previously by the laser light scattering technique.
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Dispersions of acrylic polymer beads in rapidly polymerizable
liquids are used extensively in biomedical applications. Their
utility and durability depend on their resistance to impact
and to flexural stresses under bioconditions. Resistance to
impact was investigated by an instrumented Izod method
which also determined the time scale of events occurring
during impact. Flexural strengths and moduli were deter-
mined under simulated oral conditions (37°C in water). The
morphological features responsible for the mechanical be-
havior of polymerized dispersions were examined by polar-
ized light and scanning electron microscopy. The micro-
structure and mechanical properties were dependent on the
volume fraction of dispersed acrylic beads, impact modifiers,
and barium sulfate filler and on the molecular weight and
volume fraction of crosslinkers and dissolved polymers in
the continuous phase.

Dispersions of acrylic polymer beads in rapidly polymerizable liquids

are important biomaterials (I, 2). The biocompatibility and func-
tionality of dental restoratives, dental prostheses, and surgical prostheses
depend on the mechanical properties of these biopolymers as well as on
their physical and chemical constitution. This investigation was part of a
continuing program to determine the influence of microstructural para-
meters on the mechanical properties of these multiphase systems. The
effects of the volume fractions of dispersed phase and matrix, molecular
weight of the matrix, chain length and concentration of crosslinkers, im-
pact modifiers, and filler were studied in terms of microstructure, hard-
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ness, flexural properties, impact resistance, and fracture characteristics to
find methods to improve the function and durability of dental and sur-
gical materials.

Experimental

Experimental Design. Model dispersions were prepared consisting of
60% (by volume) dispersed phase and 40% polymerizable matrix to
simulate commercial denture base resins and surgical cements. Volume
concentration effects were observed by comparing these with a dispersion
with 67% dispersed phase. Effects of crosslinker chain length were
observed by substituting ethylene dimethacrylate, triethylene glycol di-
methacrylate, or tetraethylene glycol dimethacrylate for methyl meth-
acrylate in the matrix. Eﬂ};cts of crosslinker concentration were observed
at 0, 5, 10, and 15% crosslinker concentration in the matrix—that is,
0, 2, 4, and 6% of the total dispersion volume using ethylene dimeth-
acrylate and triethylene glycol dimethacrylate as the crosslinkers.

Effects of additives in the matrix were observed by substituting for
methyl methacrylate a poly(methyl methacrylate) homopolymer with a
solution molecular weight of 950,000, a vinylidene fluoride copolymer
(Pennwalt’s Kynar 7201), and a methacrylate-butadiene—styrene impact
modifier (Marbon’s Blendex BTA IIIN). Concentrations were 2% on
the total dispersion volume. The same additives were studied at the same
volume concentration in the dispersed phase. Barium sulfate (Whit-
taker, Clark, and Daniels’ Barytes No. 91), a commonly used additive for
radiopacity, was also studied in the dispersed phase. Responses were
observed by the test methods described below.

Test Methods. All dispersions were prepared by twin shell blending
of the dispersed phase followed by thorough stir-in mixing of the dis-
persed phase into the liquid matrix. Polymerization was in silicone molds
in a thermostated pressure reactor at 20 psi for 1 hr at 60°C. Sample
prepa;ation was by the method of American Dental Association Specifica-
tion 12.

ASTM D790-71 was used to obtain flexural strengths and tangent
moduli. The tests were performed in water at 37°C on specimens pre-
conditioned in water 50 hr at 37°C to approximate bioconditions. Com-
parative fracture energies were calculated from the flexural stress—deflec-
tion curves by taking the area under the curves.

The standard Izod test apparatus of ASTM D256 was modified to
permit simultaneous Izod and dynamic impact studies. A special vise with
built-in strain gages was used to detect the stress—strain behavior of
samples during fracture. The output from the strain gages was amplified
by a bridge amplifier (BAM-1) and displayed on a storage oscilloscope
(Tektronix, tgpe 564) as a stress vs. time curve. The memory display was
photographed for later study of the phenomena occurring during fracture.
The impact studies were made on specimens preconditioned in water 50
hr at 37°C followed by 24 hr in water at 23°C.

Rockwell hardnesses and recoveries were determined by the method
of American Dental Association Specification 15. Samples were condi-
tioned 50 hr in water at 37°C and 72 hr at 23°C. Tests were run in water
at 23°C. Loads were 15 kg on a % in. ball.
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Polarized light microscopy studies were done on a Leitz Ortholux
metallographic microscope. All observations were by transmitted 3200°K
unfiltered light. Scanning electron microscopy studies were done on a
Cambridge Stereoscan microscope.

Materials. The dispersed phase of the dispersions contained, by
weight: 98.07% acrylic polymer beads, 0.8% benzoyl peroxide (98%
active), 1% red acetate fibers, 0.03% red pigments, and 0.1% TiO, pig-
ment. The acrylic polymer beads were a 50/50 wt/wt blend of two sus-
pension polymerized poly(methyl methacrylate) polymers with solution
molecular weights of 160,000 and 950,000. Additives to the dispersed
phase were those described above. The polymers were each reduced 1
vol % on the total dispersion volume to compensate for the additives.

The liquid phase of the dispersions contained, by weight, 9% methyl
methacrylate, 0.5% distilled dimethyl-p-toluidine, and 0.5% ultraviolet
absorber. Matrices used for volume concentration effects contained 5%
ethylene dimethacrylate and 10% methyl methacrylate—ethyl methacry-
late copolymer with methyl methacrylate monomer reduced to 84%.
Matrices containing 5% additives (described above) contained 15%
triethylene glycol dimethacrylate with methyl methacrylate reduced to
79%.

Results and Discussion

Table I shows the effect of crosslinker chain length and concentration
on mechanical properties. Contrary to expectations, both flexural and
impact properties increased slightly with increasing ethylene dimeth-
acrylate (EDMA) content up to 10%. The crosslinker had a relatively
slight effect on the stiffness and brittleness of the cured dispersions up to
15 vol %. Triethylene glycol dimethacrylate (TEDMA) behaved simi-
larly but had a less favorable effect on impact strength. The 5 to 10%
improvements in all mechanical properties at the 10% EDMA level com-
pared with uncrosslinked dispersion might well offer a substantial im-
provement in functionality and durability under bioconditions if com-
bined with other dispersion technology (1, 2).

Table I. Effect of Crosslinker

No Crosslinker

Flex strength, psi® 7800
Flex modulus, 10° psi® 3.0
Unnotched Izod impact strength, ft-1b/in. 3.0
Rockwell indentation, mm 0.056
Recovery, % 79
Comparative fracture energy, ft-1b° 0.128

*EDMA: ethylene dimethacrylate.
TEDMA: triethylene glycol dimethacrylate.
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Fracture surfaces of impact and flexural specimens indicated in-
creased toughness at 5 and 10% EDMA in the matrix but brittleness with
12% tetraethylene glycol dimethacrylate (4EDMA) (Figures 1 to 6).
Flexing (hinging) effects in the samples became increasingly prominent
at 5 to 10% EDMA while 4EDMA caused glassy multiple fractures with
reduced ability to bend. Fracture of the polymerized dispersions oc-
curred by a combination of cracking through and around the dispersed

Figure 1. Impact fracture surface of
polymerized acrylic dispersion, no di-
methacrylate, SEM 17.5X

l

e
A A
I s
o )
-
7 ® Figure 2. Impact fracture surface of
oy po%ymen’zed acrylic dispersion contain-
' ing 5% ethylene Idgimethacrylate, SEM
- X
Type® and Concentration
5% Crosslinker 10% Crosslinker 15% Crosslinker
EDMA TEDMA EDMA TEDMA EDMA TEDMA
8200 8150 8600 8450 8200 8050
3.1 3.3 3.2 3.2 3.1 3.2
3.0 2.9 3.3 2.9 3.1 2.8
0.058 0.054 0.052 0.055 0.055 0.057
78 79 83 78 78 77
0.139 0.144 0.143 0.140 0.150 0.143

®* ASTM D790-71.
¢ Area under flexural stress—strain curve.
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Figure 3. Impact fracture surface of

polymerized acrylic dispersion contain-

10% ethylene d;nget acrylate, SEM
17.5X

Figure 4. Impact fracture surface of

polymerized acrylic dispersion contain-

ing 12% tetraethylene glycol dimeth-
acrylate, SEM 19X

Figure 5. Flexural (0.05 in./min)

fracture surface of polymerized acrylic

dispersion containing 10% ethylene
dimethacrylate, SEM 17.5X

beads. Increased flexural strength and impact resistance were accom-
panied by increased cracking around the beads, possibly caused by in-
creased load bearing ability of the matrix with increased failure at the
diffused interface of the beads and matrix.

Figure 7 shows the hinging effect in the beads and cracking around a
bead in the model dispersion (5% EDMA) in a denture bonded to an
acrylic artificial tooth. The typical hyperbolic crack propagation pattern
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Figure 6. Flexural (0.05 in./min)
fracture surface of polymerized acrylic
dispersion containing 12% tetraeth-
ylene glycol dimethacrylate, SEM 16X

Figure 7. Fracture surface of the in-

terface of a molded acrylic artificial

tooth with polymerized acrylic disper-
sion (60 vol % beads), SEM 850X

Figure 8. Fracture surface of polym-
erized acrylic dispersion (67 vol %
beads), SEM 250X

of molded poly(methyl methacrylate) (3) is evident in the tooth. The
diffused interface between matrix and beads is marked by the transition
from parallel striations to a relatively smooth featureless topography.
Increasing the volume fraction of dispersed phase from 60 to 67%
increased the proportion of crack propagation around the beads instead
of through them (Figure 8). Decreasing the volume of relatively lower
molecular weight matrix apparently increased the load borne by the inter-
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Figure 9. Fracture surface of polym- { %/ i

erized acrylic dispersion (67 vol %
beads), polarized transmitted light &
microscopy 68X e

facial regions resulting in a shift to interfacial failure. Figure 9 shows the
modes of crack initiation and propagation through and around the dis-
persed beads. Black and white photographs showed the stress concentra-
tion areas in the interfacial region as lighter than surrounding lower
stressed areas. Color photography showed these stress concentrations as
bright, yellowish birefringence. Cracks were generated in both the body
of the matrix and in the interphase, but no crack initiation was observed
within the beads. The stress patterns indicated the ability of the matrix
to distribute stress to the interface, but this region apparently lacked the
toughness of the higher molecular weight beads and so generated cracks
preferentially to deformation of the beads. Reducing the volume of the
matrix or increasing its toughness should be reflected in increased fracture
energy (4), and this was the general behavior observed (Table I). Crack
initiation and propagation followed a charactertistic pattern of generation
of tiny cracks at critical stress concentration points. These microcracks
gathered to form larger cracks which then propagated relatively rapidly
through the specimens.

Occasionally debonding was observed at the interface (Figure 8)
producing smooth, dewetted surfaces on the beads. This bead—matrix
adhesion failure made a relatively minor contribution to the overall frac-
ture mode and was limited to beads larger than about 150 ym diameter.
A critical diameter range for stress distribution at the interface may exist
for certain matrix compositions and volume concentrations.

These debonding effects were rate sensitive, as were the other failure
phenomena. Fracture surfaces of samples broken slowly in flexure showed
more crack propagation around beads and more bead dewetting than im-
pact fracture surfaces which exhibited more brittle behavior. Even in
impact specimens, however, the surface topography reflected the rate of
crack propagation. The leading edge of the specimens, where crack prop-
agation was somewhat slower than in the middle and hinging areas, ex-
hibited an overall tougher fracture pattern.
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Figure 10. Oscilloscope trace of im-
pact fracture B/double window glass;
time scale = 20 psec per division

{
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Figure 11. Oscilloscope trace of im-
pact fracture of cast acrylic sheet; time
scale = 20 psec per division

1
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!

Figure 12. Oscilloscope trace of im-

pact fracture of polymerized acrylic

dispersion; time scale = 50 psec per
division
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The oscilloscope traces (Figures 10, 11, 12) indicated a time span of
about 100 to 300 usec for the fracture events during impact of standard
depth Izod specimens. Glass control specimens, which were half the
depth, broke in 50 usec, yielding the expected elastic stress vs. time curve.
The curves for cast methacrylate sheet and the 60 vol % dispersion
showed a similar elastic region, a region involving plastic deformation or
tearing or compressive phenomena, a final region of elastic deformation,
and an unloading region. Some not yet defined ringing or rebound phe-
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Table II. Effect

pMMA
No Addi- Dispersed )
tives Phase Matrix
Flex strength, psi 8050 8150 7750
Flex modulus, 10° psi® 32 3.1 3.3
Unnotched Izod impact strength, ft-1b/in. 2.8 3.0 2.7
Rockwell indentation, mm 0.057 0.056 0.056
Recovery, % 77 78 78
Comparative fracture energy, ft-1b° 0.143 0.147 0.125

® Modifiers added at 2 vol % on total volume. All matrices contained 6 vol %
triethylene glycol dimethacrylate.

nomena were observed after specimen failure. An approximate correlation
of deformation with time was made by considering the deformation to be
qualitatively related to stress divided by tangent modulus of elasticity.
Deformations on the order of .05% per 100 usec were calculated.

The effects of additives on the mechanical properties of the dispersion
system are shown in Table II. None of the additives either in the dis-
persed phase or the matrix significantly improved any of the mechanical
properties. The MBS modifier reduced the flexural strength and impact
resistance when used as a dispersed phase additive as did the very high
molecular weight pMMA in the matrix. The mechanical properties were
much less sensitive to this low volume loading of additives than to similar
volumes of crosslinkers.

Conclusions

The mechanical properties of rapidly polymerizing acrylic dispersions,
in simulated bioconditions, were directly related to microstructural char-
acteristics. The volume fraction of matrix, the crosslinker volume in the
matrix, the particle size distribution of the dispersed phase, and polymeric
additives in the matrix or dispersed phase were important microstructural
factors. The mechanical properties were most sensitive to volume fraction
of crosslinker. Ten percent (vol) of ethylene dimethacrylate produced a
significant improvement in flexural strength and impact resistance. Quali-
tative dynamic impact studies provided some insight into the fracture
mechanics of the system. A time scale for the elastic, plastic, and failure
phenomena in Izod impact specimens was qualitatively established. The
time scale and rate sensitivity of the phenomena were correlated with the
fracture surface topography and fracture geometry in impact and flexural
samples.
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of Modifiers*®

Fluoropolymer MBS Mod:ifier Barytes
Dispersed Dispersed Dispersed
Phase Matrix Phase Matrix Phase

8000 7900 7650 7650 7950
2.9 3.0 32 3.0 3.2
3.0 2.9 2.6 2.9 2.6
0.056 0.055 0.057 0.055 0.054
80 79 78 79 80
0.148 0.133 0.126 0.123 0.131

® Tangent modulus of elastcity, ASTM D790-71.
¢ Area under flexural stress—deflection curve.
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Impact Modification of Polysulfone with
Polysulfone /Poly(dimethylsiloxane) Block
Copolymers

A. NOSHAY, M. MATZNER, B. P. BARTH, and R. K. WALTON

Research and Development Department, Chemicals and Plastics,
Union Carbide Corp., Bound Brook, N. J. 08805

Polysulfone/poly(dimethylsiloxane) block copolymers (PSF/
PSX) of controlled structure and composition are very
effective additives for increasing the notched impact
strength of polysulfone. This is attributed to a unique com-
bination of PSF/PSX characteristcis: morphology, compati-
bility, elastomeric nature, and thermal stability. The opti-
mum effect is achieved with copolymers containing 5000 M,
PSF and PSX blocks at block copolymer concentrations of 5
wt % and with blending conditions that produce a PSF/
PSX maximum particle size of 0.5-3.0 p. Under these condi-
tions good quality injection molded parts can be produced
with notched Izod impact strengths as high as 22.0 ft-lbs/
inch, compared with 1.3 ft-lbs/inch for unmodified poly-
sulfone. The other properties of polysulfone are affected to
only a minor extent by this modification.

he impact strength of thermoplastic resins can be improved by blend-

ing with flexible polymeric additives or by synthesizing the resin in
the presence of a rubber modifier to produce an in-situ graft copolymer.
Since the latter technique is more amenable to addition polymers such as
polystyrene (1) than to step-growth condensation polymers, impact modi-
fication of polysulfone was investigated via the additive blending ap-
proach. Polysulfone/poly(dimethylsiloxane) block copolymers are ideal
additives for this purpose. Other block copolymers have also been re-
ported as useful additives to improve the properties of the corresponding
homopolymers. For example styrene/butadiene block copolymers, espe-
cially when used with peroxide crosslinking agents, improve the impact

302
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strength of polystyrene (2), and polycarbonate/siloxane block copoly-
mers reduce the wettability and frictional properties of polycarbonate
resins (3).

Polysulfone is a high performance engineering thermoplastic which
displays good toughness in the form of flat sheets. However it is notch
sensitive—i.e., it displays reduced toughness in molded items containing
sharp corners, holes, etc. The notched Izod impact strength has been
improved from 1.3 ft-lbs/inch to as high as 22.0 ft-lbs/inch by incorporat-
ing 5% of a polysulfone/poly ( dimethylsiloxane) block copolymer (here-
after abbreviated as PSF/PSX). This improvement has been achieved
without appreciably sacrificing processability and physical properties
because of the unique morphology, compatibility, elastomeric nature, and
thermal stability of PSF/PSX block copolymers. Many other additives
including dimethylsiloxane homopolymers were investigated and found
to be inferior to PSF/PSX because of the absence of one or more of these
characteristics. This paper successfully demonstrates the concept of
impact modification of a thermoplastic resin via the tailoring of a block
copolymer structure designed to achieve a difficult combination of
requirements.

Experimental

The synthesis of polysulfone/poly(dimethylsiloxane) block copoly-
mers was reported earlier (4, 5). Blends of the block copolymer with

CH3 CH3
10-D-H-H 0 -D-s0rD-0-D--D Yo
CHs CHs

+

CHs CH3 @—CI

1

(CHS)ZI\P-Si—(OSi-)—N(CH;,)z =
L\ 1 o —>0¢
L Ly 70—120°C

?Ha (|3H3 \ ?Hal ?Hs
H- 0‘@"?‘@'(‘0—@—SOZ-Q—O"@—?@Z}O?I-(O?I L N(CHy),
; CHs CHs CH; CH; |

-+ (CHg)z NH

Figure 1. Synthesis of polysulfone-poly(dimethylsiloxane) block copolymers
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Figure 2. Temperature-modulus curves

olysulfone were prepared by solid or solution blending techniques. Solid

lending was carried out for 5-10 min in a Brabender plastograph at
~280°C or in a steam-heated Banbury mixer. Solution blending was
carried out in a Marshall mill to mix and to strip off the solvent simul-
taneously. Compression molding was carried out at 290°C, and injection
molding was performed at 315°-370°C. Tensile properties, notched Izod
impact strengths, and tensile impact strengths were determined via ASTM
Methods D638, D256, and D1822.

Discussion

The synthesis of PSF/PSX block copolymers described earlier (4) is
carried out by the interaction of hydroxyl-terminated polysulfone oligo-
mers with dimethylamino-terminated poly(dimethylsiloxane) oligomers
(see Figure 1). The length of the PSF and PSX blocks in the copolymer,
which are controlled by varying the molecular weight of the oligomers,
greatly influences the composition and thus the properties of the block
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copolymer (4, 5, 6,7, 8). Copolymers of short block length display single
phase morphology, but those with block molecular weights (M,) of 5000
or greater display two-phase morphology. This is demonstrated by the
presence of two glass transitions in the two-phase systems characteristic
of each of the segments (see Figure 2). Mechanical properties, which
depend on the weight fraction of the segments in the copolymer, are
summarized in Table I. Compositions ranging from rigid to elastomeric
can be achieved by varying the PSX content from 10-79 wt %. The elas-
tomeric nature of the high PSX-content materials is attributed to a physi-
cal network which is an outgrowth of the two-phase morphology of the
systems (4, 5, 6,7, 8). The preferred compositions for impact modification
of polysulfone are those containing 5000 M, PSF and PSX blocks since
they exhibit the best balance of required properties.

A proper degree of additive compatibility with a matrix resin is neces-
sary to achieve optimum impact modification (9). Excessive compati-
bility reduces energy absorbing capacity and therefore causes poor impact
strength. On the other hand gross incompatibility leads to “cheezy”
blends and inefficient utilization of the impact modifier. The PSF/PSX
block copolymers display just the proper degree of compatibility with
PSF homopolymer. The PSX segments are highly incompatible with the
polysulfone matrix resin because of a large difference in their solubility
parameters, 7.3 and 10.6 (8). However the PSF segments of the block
copolymers are of course soluble in the chemically identical polysulfone
matrix resin. This provides an ideal mechanism for achieving a high
degree of additive dispersion and adhesion between the resulting dis-
persed particles and the surrounding matrix resin. This is shown sche-
matically in Figure 3. As a result, the PSF/PSX block copolymer disperses
very easily in polysulfone when compounded via solid or solution blending
techniques. These blends, after molding, contain PSF/PSX particles
ranging from < 0.5 p to 8.0 u (see Figure 4). By way of comparison, the
optimum particle size in impact modified polystyrene is 1-5 p (1).

TableI. Effect of Block M, on Block Copolymer Properties
Block M ,

Poly(di- Tensile Tensile Elonga-
Poly- methyl- Wt 9, Modulus Strength  tion e
sulfone stlorane) Siloxane  (psi) (pst) (%) °0)

4,700 350 10 240,000 6,000 5 +125
4,700 1,700 28 170,000 4,700 12 +140
9,300 4,900 41 29,000 2,700 150 —110; 4170
4,700 5,100 55 20,000 2,400 350 —120; 4160
4,700 9,200 67 2,000 1,300 500 —120; 4160

6,500 25,000 79 300 900 550  —120; +160
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Figure 3. Compatibility of PSF blocks with PSF matrix

Another attribute that makes the PSF/PSX block copolymer a good
impact modifier for polysulfone is its highly elastic nature. This arises
from the unique rheological behavior of the material. Its melt viscosity
and melt elasticity are so high that it cannot be extruded into filaments
even at temperatures (e.g., > 300°C) that are well above the glass transi-
tion temperature of the PSF segment (160°C). This unusual behavior for
linear, soluble polymers is believed to arise from an extraordinarily stable
physical network structure which persists even in the melt. This, in turn,
is attributed to the high degree of phase separation in the PSF/PSX block
copolymer which results from the large differential (A) in segment solu-
bility parameter (8). All attempts to extrude the block copolymer led
to extreme melt fracture resulting in “Auffy” extrudates similar in appear-

Figure 4. PSF /PSX dispersion in polysulfone (5% injection-molded
blend observed at 172X )

Left: < 0.5 u; Middle: < 3.0 u; Right: < 8.0
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ance to the material before extrusion (see Figure 5). These rheological
characteristics however do not adversely affect the melt processability of
blends of PSF/PSX with polysulfone since the block copolymer is present
in the dispersed phase. On the other hand the high melt viscosity and
elasticity within the dispersed particles of linear PSF/PSX block copoly-
mer results in rheological behavior which is similar to that displayed by
the crosslinked grafted rubber modifiers present in impact-modified poly-
styrene. An important consequence of this behavior is retention of par-
ticle size integrity during high shear melt processing.

Since polysulfone is often melt processed at high temperatures (up
to 370°C), another requirement of a successful impact modifier is that
it display adequate thermal stability at these temperatures. As expected
from the known good thermal stability of polysulfone and silicones (10,
11), the PSF/PSX block copolymer displays excellent thermal stability.
This is illustrated by the thermogravimetric analysis curves shown in
Figure 6.

Figure 5. Highly melt-fractured extrudate of PSF/
PSX. Left: before extrusion; right: after extrusion at
340°C.

Impact strength and melt processability are affected by the compo-
sition, concentration, and molecular weight of the PSF/PSX block co-
polymer. Low notched Izod impact values were obtained with 5%
concentrations of high modulus block copolymers that contained short
PSX blocks (e.g., M, =1700). However uniformly high values (16-20
ft-lbs/inch) were obtained with copolymers containing 5000-10,000 M,
PSF and PSX blocks (see Table II). Although some copolymers had high
impact strengths at 3% concentration levels, the 5% level provided con-
sistently high values (see Table III). The range of PSF/PSX block
copolymer molecular weight capable of producing high impact strengths
is quite broad, covering reduced viscosity levels of 0.5-1.3 (see Table IV).
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Figure 6. TGA of polysulfone-poly(dimethylsiloxane) block copoly-
mers and homopolymers (in nitrogen at 10°C /min)

Table II. Effect of PSF/PSX Composition on Impact Strength

Notched Izod
N Impact Strengthe

Block My wt 9, of 69, Blend

PSF PSX PSX (ft-lbs/inch)
6,600 1,700 20 1.6
5,000 5,000 50 20.4
5,000 10,000 67 20.5
10,000 5,000 33 15.9
10,000 10,000 50 18.6

@ Compression molded specimens.

Table III. Effect of PSF/PSX Concentration on Impact Strength

Notched Izod Impact Strength®
(ft-lbs/inch)

%
PSF/PSX 5,000/5,000 10,000/10,000
Concentration PSF/PSX PSF/PSX
3 11.0 2.0
4 16.0 3.1
5 20.4 18.6

@ Compression molded specimens.
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Table IV. Effect of PSF and PSF/PSX Molecular Weight

PSF 5,000/5,000 Notched Izod
Melt Flow PSF/PSX Impact Strength®

(dgm/min Reduced Viscosity of 69, Blend

44 pst @ 343°C) (0.29%, Soln in CH4Cly) (ft-lbs/inch)
7 0.3 1.7
7 0.5 17.6
7 1.0 17.8
7 1.3 18.5
17 1.0 174

¢ Injection molded specimens.

Table V. Effect of PSF/PSX Degree of Dispersion

5,000/5,000
PSF/PSX Ingection Molded
Mazximum Particle Notched Izod Injection
Sizee in Molded Impact Strength Molding
59, Blend (u) (ft-Ib/inch) Performance
<0.5 1.5 Good
<3.0 18.5 Good
<8.0 16.5 Fair-Poor

¢ Observed in light microscope at 430X.

Table VI. Reprocessability

Notched Izod Injection
Number of Impact Strength Molding
Times Molded (69 Blend) Performance
1 184 Good
2 17.1 Good
3 16.0 Good

Lower molecular weight PSF/PSX did not give high impact strengths
presumably because of an insufficient number of segments in the copoly-
mer to produce a stable physical network. The molecular weight of the
polysulfone matrix resin did not have an appreciable effect on impact
strength, at least at the two levels investigated—i.e., melt index = 7 and
17 (see Table IV).

Variations in blending conditions produced differences in PSF/PSX
particle size. Low impact strengths were obtained when the maximum
particle size in the molded part was less than 0.5 x, but high values were
obtained at the < 8.0 1. level (see Table V). However injection molding
performance—i.e., molding pressure required and molded part appear-
ance—was adversely affected by particles greater than ~ 3.0 u. An opti-

mum balance appears to be achieved when the maximum particle size is
0.5-3.0 p.
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Table VII. Typical Thermal and Mechanical Properties
5%, PSF/PSX

(5,000/5,000)

Property PSF +959, PSF
HDT (°C) 173 166-171
Tensile strength (psi) 10,200 9,200-9,400
Tensile modulus (psi) 360,000 320,000-340,000
Elongation at break (9,) 50-100 10-100
Tensile impact strength (ft-Ibs/inch?) 425 370-500
Notched Izod impact strength 1.3 14-20

(ft-Ibs/inch)

Impact strength was not greatly affected by reprocessing of the blends
(see Table VI). This demonstrates two of the important properties of
PSF/PSX referred to above: (a) excellent thermal stability and (b) high
melt viscosity and elasticity within the dispersed particles.

The improved notched impact strength obtained in a 5%, 5000/5000,
PSF/PSX block copolymer blend is achieved with minimal sacrifice in
polysulfone properties. The data in Table VII indicate that heat distortion
temperature is reduced by only ~ 5°C. Tensile strength and modulus
are reduced by ca. 10%, and elongation and tensile impact strength
(unnotched) are essentially unchanged.

Conclusions

PSF/PSX block copolymers of controlled structure and composition
are effective additives for increasing the notched impact strength of poly-
sulfone. This is attributed to a unique combination of PSF/PSX charac-
teristics: morphology, compatibility, elastomeric nature, and thermal sta-
bility. The optimum effect is achieved with copolymers containing 5000
M, PSF/PSX blocks at block copolymer concentrations of 5 wt % and
with blending conditions which produce a PSF/PSX maximum particle
size of 0.5-3.0 ». Under these conditions good quality injection molded
parts can be produced with notched Izod impact strengths as high as
22.0 ft-lbs/inch compared with 1.3 ft-Ibs/inch for unmodified polysulfone.
The other properties of polysulfone are only slightly affected by this
modification.
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Toughness Enhancement by Introduction of
Silicone Blocks into Polycarbonates of
Bisphenol Acetone and Bisphenol
Fluorenone

R. P. KAMBOUR, D. FAULKNER, E. E. KAMPF, S. MILLER,
G. E. NIZNIK, and A. R. SHULTZ

General Electric Co., P.O. Box 8, Schenectady, N.Y. 12301

Two families of transparent polycarbonate-silicone multi-
block polymers based on the polycarbonates of bisphenol
acetone (BPA) and bisphenol fluorenone (BPF) were syn-
thesized. Incorporation of a 25% silicone block in BPA
polycarbonate lowers by 100°C the ductile-brittle transition
temperature of notched specimens at all strain rates; silicone
block incorporation also converts BPF polycarbonate into a
ductile plastic. At the ductile-brittle transition two compet-
ing failure modes are balanced—shear yielding and craze
fracture. The yield stress in each family decreases with
silicone content. The ability of rubber to sustain hydrostatic
stress appears responsible for the fact that craze resistance is
not lowered in proportion to shear resistance. Thus, the
shear biasing effects of rubber domains should be a general
toughening mechanism applicable to many plastics.

Both resin families are polymerized by copolycondensation in which a

dimethylsiloxane oligomer capped on each end with bisphenol is
mixed with additional bisphenol and then phosgenated. The synthesis
of the block polymers based on bisphenol acetone (BPA) has been
described elsewhere (1).

BPF Polycarbonate. The synthesis of bisphenol fluorenone polycar-
bonate was first reported by Morgan 32). As in that study, the BPF
carbonate family reported here was made by an aqueous caustic/organic
liquid interfacial polymerization. In our case the monosodium salt of
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BPF, which has low solubility in both water and organic liquids, was
used. Phosgene was bubbled into the chloroform/water/salt slurry, and
sodium hydroxide was added at a rate to maintain pH 10.5. Gel permea-
tion chromatograms of these polymers showed a bimodal distribution;
the smaller peak was attributable to cyclic carbonates (1-10% ). Soxhlet
extraction with dimethoxymethane reduced these to 1% or less, and sub-
sequent to extraction My/M, = 2.5-3.5; apparent M,’s (based on a poly-
styrene GPC calibration) were 25,000-50,000. (Corresponding osmo-
metric molecular weights are roughly one-third greater.)

BPF Carbonate-Silicones. The dichlorosilane fluids were first capped
with BPF using a fourfold excess of the bisphenol to avoid coupling the
silicone oligomers. The hydrochloric acid produced in the condensation
was neutralized with ammonia. The interfacial copolycondensation was
run at pH 10-10.5. (The aryloxy-silicon bond appeared stable to at
least pH 11.) M, = 30,000-100,000 by osmometry. Extraction with
dimethoxymethane removed 2% cyclics and a small fraction of the sili-
cone present largely as cyclic silicones in the original silicone fluid. The
resultant polymers contained 7-27% silicone as blocks with number
average degree of polymerization of 8 to 35 siloxy units depending on
design conditions. All polymers could be cast into water-clear films from
chloroform solutions. Residual chloroform lowered yield stress and in-
creased ductility; however it could be removed by vacuum drying at
200°C overnight.

Viscoelastic Properties

The relaxation behavior of the BPA carbonate-siloxane block poly-
mers over the whole range of silicone content is reported elsewhere
in detail (3). As seen in Figures 1-3 the behavior of the BPF family is
similar to that of the BPA family except for two important differences.
First, the modulus of BPF polycarbonate is higher than that of BPA
polycarbonate by about 70,000 psi (5 X 10° dynes/cm?) at moderate and
low temperatures; these differences also have their counterparts in the
two block polymer families. Secondly, the T, of BPF polycarbonate is
275°C by DSC scanning calorimetry vs. 150°C for BPA polycarbonate;
consequently large differences between the thermo-mechanical behavior
of the two families are seen at high temperature. The low temperature
modulus dispersion in both families reflects the polycarbonate B relaxation
and the glass-to-rubber relaxation of the silicone microdomains. The
dispersions at high temperatures in each family depend on the poly-
carbonate block length but are independent of polycarbonate content.
The 125°C difference in T’s of the homopolymers carries through in the
block polymers as long as the families are compared in terms of block
lengths rather than block molecular weights (which differ for equal
length in the ratio MBPFC/MBPAC = 376/254).
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Ductile and Brittle Failure in Notched Izod Specimens of
BPA Carbonate Polymers

Impact Failure. Standard notched Izod impact measurements have
been made over wide temperature ranges on specimens cut from com-
pression molded %-inch thick sheets of BPA polycarbonate and two
BPA carbonate-silicone block polymers (Figure 4) (see Table I for com-
positions and properties). In the homopolymer a ductile-brittle transition
occurs at 0° to —15°C, as reported previously (4, 5). Introduction of
15 and 25% silicone lowers the transition to —45° and —110°C (block
polymers A and B). As indicated in Table I, this increase in toughness
at low temperature is accompanied by the reduction of modulus and
yield stress.

Instron Three-Point Bending Failure. Three-point bending tests
have also been conducted on notched Izod specimens at crosshead rates
of 0.02-20 inches/min (Figure 5). Plots of work to break obtained from
the areas under the Instron force-displacement traces show abrupt duc-
tile-brittle transitions; these are displaced to lower temperatures as the
test rate is decreased. However the temperature interval between ductile—
brittle transitions of the two materials remains about the same. The force-
displacement trace for each specimen shows a yield point with a ductile
failure but a sharp termination when the sample breaks in a brittle fashion.
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Table I. Composition and Properties of BPA Polycarbonate and
BPA Carbonate-Silicone Block Polymers A and B

(1) BPACe Wt 9, DMS* E- oy
(dl/g) T,(°C) DMS® DP, (ksi) (ksi)

BPA Polycarbonate 0.55 150 0 — 340 9

Silicone—BPA
Carbonate Block 0.8 135e 15 20 270 7.6
Polymer—A

Silicone—BPA
Carbonate Block 0.6 120 25 20 150 5
Polymer—B

¢ BPAC = Bisphenol-A-carbonate.

® DMS = Dimethylsiloxane block.

¢ E = Tensile modulus.

4 6y, = Tensile yield stress.

¢ Estimated from composition and block length using Figure 7 (3).

With the homopolymer the yield point in the force-displacement trace
occurs when the yield zone (discussed below) has already advanced
into the specimen.

Failure Morphologies. Ductile failure of notched polycarbonate
specimens has long been recognized to occur with shear yielding from the
notch tip (6). This occurs for the block polymers for all rates of test.
Hull and Owen (5) recently reported from micrographic studies of im-
pact fracture surfaces that the brittle failure of polycarbonate involves
the formation and breakdown of a craze at the notch tip. The ductile-
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Figure 4. Temperature dependence of impact energy for V&
inch thick notched Izod specimens cut from compression
molded sheets of BPA polycarbonate and two of its block poly-

mers. A: 15% silicone, B: 25% silicone. Silicone DP, = 20.
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brittle transition involves competition between shear yielding and craze
formation and breakdown.

Our findings for the BPA homopolymer generally agree with those
of Hull and Owen—brittle fracture surfaces show mirror areas centered
midway through the bar close to the notch tip. In three-point bending
tests conducted in an environmental chamber craze initiation can be
observed using a cathetometer focused through the chamber window;
the specimen can then be unloaded before failure and removed from
the chamber, and the craze can be examined. With a wedge technique
described previously (7) for empty crazes the critical angle for total
internal reflection has been measured; from it the refractive index was
calculated to be 1.26, in close agreement with the value obtained for
the dried-out solvent craze. The craze is best examined microscopically
by sectioning the specimen parallel to and above the craze plane; with
collimated incident monochromatic light the craze acts as an interference
wedge that permits its planar shape and thickness profile to be constructed
(8). We found that the craze was always separated from the root of the
notch by a section of unvoided material ca. 0.01 inch thick and also from
the sides of the specimen by 0.02 inch or more (Figure 6). These separa-
tions are believed to exist because the stresses in these peripheral regions
do not have a sufficient triaxial component. That is, the craze is initiated
inside the specimen midway between the sides and removed from the
notch root where the triaxial component of stress is understood to be
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greatest; the craze then grows forward and toward the sides only in areas
of sufficient triaxial tension.

The plane stress yield zones that spread from the root of the notch
envelope, distort, and “neutralize” the craze. At temperatures just below
the ductile-brittle transition temperature the shear flow begins at the
notch, but the craze breaks before the shear zones have grown enough
to encompass the craze.

Using the cathetometer the force at initiation was measured on
notched bars of ¥ inch thick extruded Lexan polycarbonate sheet over
the widest temperature range possible at one rate of deformation. These
initiation forces and the forces at failure are shown in Figure 7a. Brittle
failure parallels craze initiation in its temperature dependence. Yield
force has a greater temperature dependence—one that approximately
parallels the measured values of yield stress in linear tensile tests (data

NOTCH

TOP VIEW

BOUNDARY PLANE STRESS
YIELD ZONE

SIDE VIEW

Figure 6. Diagrams of planar shape and thickness

profile of full grown craze and shear zone beyond

root of notch in BPA polycarbonate specimen.

Shear bands initiate from positions of maximum

shear stress at root. Arrows indicate craze growth
directions.
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not shown). Note however the discontinuity at 50°C from which a stress
concentration effect caused by pre-yield crazing is inferred.)

Block polymer B differs substantially in its failure characteristics
from BPA polycarbonate. For the block polymer a mixed failure mode
predominates in three-point bend tests of notched specimens from
—100°-90°C. In the mixed mode craze breakdown and plane strain
fracture occur first inside the specimen; subsequently shear failure occurs
in the surface regions of the specimen. Shear lips (11) are formed as a
result. Shear lips are also found on the notched Izod impact fracture
surfaces of block polymer B, implying that the same mixed mode of
failure occurs under high speed loading conditions.

A comparison of Figures 7a and 7b shows that the resistance to craze
initiation is lowered more than the resistance to plane strain crack initia-
tion (i.e., craze breakdown) by introducing silicone blocks into BPA
polycarbonate.

Kinetics of Yielding. Tensile yield stresses were measured at sev-
eral Instron rates for block polymer B. These results and those of
Bauwens—Crowet et al. (9) for BPA polycarbonate were analyzed in the
framework of the Rhee-Eyring stress bias activation theory for com-
parison purposes. Yield stress of the block polymer is roughly half that
of the homopolymer at a given temperature. The apparent activation
volume for the block polymer is double that of the homopolymer at each
temperature. Activation energies at zero stress are essentially the same
(60 kcal/mole for the block polymer vs. 70 kcal/mole for BPA polycar-
bonate above —50°C).

The modulus and yield kinetic parameters of the block polymer B
can be related to those of the homopolymer in terms of a microcomposite
model in which the silicone domains are assumed capable of bearing no
shear load. Following Nielsen (10) we successfully applied the Halpin—
Tsai equations to calculate the ratio of moduli for the two materials. This
ratio of 2 is the same as the ratio of the apparent activation volumes. Our
interpretation is that the silicone microdomains introduce shear stress
concentrations on the micro scale that cause the polycarbonate block
continuum to yield at a macroscopic stress that is half as large as that
for the homopolymer. The fact that the activation energies are the same
however indicates that aside from this geometric effect the rubber domains
have little influence on the yield mechanism.

From these results and those in Figures 7a and 7b the following
can be concluded about the effects of silicone block introduction: at
intermediate temperatures the resistance to craze initiation is reduced
by 60-70%, the resistance to shear deformation by 40-50%, and the
resistance to craze fracture by about 40%. Thus both modes of plastic
deformation are made easy relative to brittle failure. The origins of
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these relative changes may lie in the sizes of the silicone domains (e.g.,
40 A) relative to the diameters of the fibrils in the craze (e.g., 100-200 A)
(12). The stress concentrations at the boundaries of the initially sphe-
roidal silicone domains bring about easy shear flow and cavitation.
However the drawing out of material into long fibrils during the maturing
of the structure of the craze (12) very likely reduces the stress concen-
tration drastically at the boundaries of the now highly oriented silicone
domains. Thus the strength of the craze in the block polymer is reduced
less than is the resistance to its initiation.

Ultimate Properties of BPF Polycarbonate and Silicone—BPF
Carbonate Block Polymers (BPFC-DMS)

Tensile Yield Stresses of Cast Films. At room temperature all of the
BPFC-DMS polymers investigated (with one exception) reached their
yield stresses before fracturing. BPF polycarbonate on the other hand is
brittle, breaking at about 11,000 psi. Traces of residual chloroform make
the homopolymer ductile; however the yield stress decreased linearly
with chloroform content. Extrapolation of these results to a dry polymer
gives a yield stress of 14,000 psi.

Each BPF polymer has a yield stress o, that decreases linearly with
temperature, extrapolating to zero somewhat above the respective BPF
carbonate T;. At room temperature—far removed from the whole group
of Tys—the effects of these differences are slight. Here the yield stress
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Figure 8. Dependence of yield stress on

silicone content of BPF carbonate-sili-

cone block polymers. Line is calculated

from Halpin-Tsai equations for moduli of

composite of rigid matrix containing soft
spherical inclusions.
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Figure 9. Failure morphology of
BPFC-DMS block polymer

depends on composition, not on block length (Figure 8). The composition
dependence of yield stress is well fitted by the equation

oy (psi) = 14,000 [G(c)/G(0)] 1)

where G(c)/(0) is the ratio of shear modulus of the block polymer to
that of BPF polycarbonate calculated from the Halpin-Tsai equations.

Failure Mechanisms. BPF polycarbonate develops crazes at ascend-
ing stresses and fractures in a pseudo-brittle manner similar to poly-
styrene or PMMA. At room temperature the block polymers develop
few separate crazes. As the yield is approached, shear bands grow from
the edges. Fracture initiates at an edge from a point where the two
shear bands initiated. When a neck forms, the plastic strain in the neck
is ca. 80%; however fracture occurs shortly after the neck is formed so
that the ultimate elongation of the specimen is only 10 or 12%. The
shear bands and necks show some stress whitening (Figure 9).

Effects of Hot Stretching on Ultimate Elongation. Films of some
of the polymers were uniaxially stretched under dead load just above
their T,’s and then were quenched. Hot stretching did not change the
elongation of the BPF polycarbonate but improved the block polymers
considerably. Figure 10 shows room temperature stress—strain curves
after several degrees of hot stretch on one of these polymers. Hot-
stretching increased the strain hardening so that the plastic strain in the
neck was reduced (note decreasing size of post-yield load drop); this
increased the cross-sectional area and thus decreased the true drawing
stress. Also crazing and stress whitening were eliminated. These two
effects counteract the rise in yield stress and engineering drawing stress
so that the neck was better able to sustain load during drawing. The
result was higher elongations.
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Figure 10. Effect of hot-stretching on subsequent room tem-
perature Instron stress strain curves of one BPFC-DMS block
polymer. 27% silicone of DP, = 36.

Thus the combination of pre-orientation to suppress crazing and to
reduce the natural draw ratio and rubber block introduction to bias
the deformation response toward yielding has converted a brittle polymer
to a moderately ductile one. Although the BPFC domain T, has been
reduced by roughly 30°C, the improved balance of mechanical properties
makes this sacrifice worthwhile.

Conclusions

Chronologically the implications for enhanced shear ductility in
Figure 4 prodded us to convert BPF polycarbonate—a transparent but
brittle and useless polymer—into a transparent, tough, and potentially
useful material. The results of the efforts on both families of resins
indicate a general recipe for toughening that does not compromise the
transparency of plastics.
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Rubber Toughened Thermosets

C. K. RIEW, E. H. ROWE, and A. R. SIEBERT
B. F. Goodrich Co., Research and Development Center, Brecksville, Ohio 44141

Epoxy resins are toughened with functionally terminated
liquid polymers. Small rubbery domains of a definite size
and shape are formed in situ during cure. The selectivity
and reactivity of the functional groups of liquid polymers
are critical for the in situ formation of rubber particles.
These systems show marked increases in impact and crack
resistance. Shear deformations are dominant in resins tough-
ened with small particles (< 0.5 pm). Crazing is associated
with microvoid development around the rubber particles in
resins toughened with large particles (1-5 pm). Maximum
toughness is obtained under conditions of combined shear
and craze deformations. This condition is obtainable when
there is bimodal distribution of particle sizes in the rubber
toughened resins. Criteria for rubber toughening of brittle
resins and failure mechanisms are discussed. These criteria
are based on chemical and morphological observations.

A small amount of rubber in the form of discrete particles in a glassy

thermoset resin, such as epoxy resin, can greatly improve its crack
resistance and impact strength. This improvement is achieved without
significantly decreasing thermal or mechanical properties. McGarry with
his co-workers (1, 2) and Rowe et al. (3), emphasized using Hycar CTBN
(liquid carboxyl terminated butadiene—acrylonitrile copolymer) as a
toughener for epoxy resins. They determined the effects of composition,
molecular weight of the CTBN, and particle size of the rubber phase on
fracture energy improvement in epoxy resin systems.

Siebert and Riew (4) described the chemistry of the in situ particle
formation. They proposed that the composition of the particle is a mix-
ture of linear CTBN-epoxy copolymers and crosslinked epoxy resin. The
polymer morphology of the CTBN toughened epoxy systems was investi-
gated by Rowe (5) using transmission electron microscopy by carbon
replication of fracture surfaces. Riew and Smith (6) supported the

326
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character of the discrete rubbery phase using a new osmium staining
technique. Rowe and Riew (7) suggested deformation mechanisms based
on morphology. They observed shear bands and/or crazes depending
on the particle sizes in CTBN toughened epoxy systems. The experi-
ments described above were confined to CTBN toughened epoxy resins.
However we believe that the technology should apply to thermoplastics
or other thermosets. In this paper we show how the chemistry, physics,
and morphology of the CTBN toughened epoxy resins relate to the
thermal-mechanical properties of these systems.

Experimental

Materials. Hycar CTBN is a registered trade name of a carboxyl-
terminated, liquid copolymer of butadiene and acrylonitrile (B. F. Good-
rich Chemical Co.). For most purposes it can be represented structurally
as:

HOOC—[(CH,—CH=CH—CH,) .—(CH,—CH) ] »,—COOH
CN

where averaged x — 5, y— 1, and m — 10. Cure agent D is 2-ethylhexa-
noic acid salt of DMP-30 (Shell Chemical Co.). DMP-30 is tris-(N,N-
dimethylaminomethylene) phenol (Rohm and Haas). Piperidine was
used as received (Fisher Scientific Co.). Epon 828 is the liquid diglycidyl
ether of bisphenol-A resin (DGEBA) (Shell Chemical Co.). Bisphenol A
is the trade name of 4,4’-isopropylidene diphenol. It has a melting point
of 152°-153°C and a molecular weight of 228.3 (Dow Chemical Co.).

Procedures. PREPARATION OF CAST DOUBLE-CANTILEVER CLEAVAGE
TEST SPECIMENS.

Cast SampLE. This material consisted of 100 parts DGEBA resin
(Epon 828), five parts Hycar CTBN, and five parts piperidine (or DMP-
30). For the following procedure we used a 15 X 25 cm tray. Proceed as
follows. Place Epon 828 (285.7 g, ca. 0.76 mole) and the Hycar CTBN
(14.3 g, ca. 0.04 mole) in a 500-ml beaker. Stir the mixture mechanically
for at least 5 min at room temperature or at an elevated temperature. The
mixture is usually turbid with normal Hycar CTBN (acrylonitrile con-
tent, 17-18% ). Add piperidine (14.3 g, 0.17 mole) in one portion with
stirring. Continue the stirring another 5 min. The mixture becomes clear.
Pour the mixture intq a Teflon-coated metal tray which has been leveled
and preheated at 120°C in an oven. The mixture has a working life of
at least 2 hr. Cure at 120°C for 16 hr. Cool the sample gradually to
avoid warpage, and remove it from the tray. Cut into three double
cantilever specimens (3.8 X 23 cm) for fracture energy test.

Hycar CTBN-BispuENOL A-Epon 828 Cast SampLes. A standard
recipe follows: 100 parts DGEBA resins (Epon 828), 24 parts bisphenol
A, five parts liquid rubber (CTBN), and five parts piperidene. It is
often desirable to have a stock mixture of bisphenol A and Epon 828.
Since the shelf stability of the mixture is poor at room temperature, it
should be refrigerated. Melt the bisphenol A in Epon 828 with stirring
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at 120°C using an oil bath for ca. 20 min. Use essentially the same pro-
cedure to prepare cast samples according to the preceding section.

FracTuRe SurFacE ENERGY CaLcuLATION: BERRY's MEerHOD (8).
The dimensions of double cantilever test specimen and techniques are
illustrated in Ref. 3. We determined the surface work by substituting the
measured quantities from the cleavage tests into Griffith’s equation. Three
cantilever bars were used. .

The fracture surface work, y(hJ/m?), is given by:

n F?¥

wl

where F = applied force, kgf; § — deflection of one cantilever, m; w =
crack width, m; [ = crack length, m; n — experimental constant.

TeNsILE TesTs. After a sample has been tested for fracture energy,
the cleaved bars are used for further mechanical testing. Three of the
bars are cut into tensile specimens according to ASTM D-638 test methods.

GARDNER IMPACT. A single bar remaining from the cleavage test is
used for impact resistance. We used a Gardner impact tester and deter-
mined an average weight times drop height for a dart of 1.27 cm radius.

HeaT DistorTioN TEsT. Two remaining bars from the cleavage tests
are used to determine heat distortion temperature in accordance with
ASTM D-621 test methods. These thermal-mechanical tests are necessary
to determine whether a brittle resin has been truly toughened or whether
it has been merely flexibilized. The morphology of the resin also effec-
tively describes a true toughening situation and can aid immeasurably
in explaining departures from true toughening.

ELEcTRON Microscopy. We replicated the surfaces developed from
the double cantilever cleavage test and the surface developed from the
tensile test specimen. Replicas are first taken with a gelatin solution from
the fracture surface (9). A typical electron micrograph of a CTBN-epoxy
system is shown in Figure 1. This micrograph is from a surface of a
fractured cantilever cleavage specimen. It shows a uniformly dispersed
rubber phase in a brittle epoxy matrix.

Results and Discussion

Epoxy resins toughened with reactive liquid polymers consist of a
continuous rigid epoxy resin phase and a dispersed rubber phase. The
rubber phase is formed in situ during the early stage of the cure reaction.
We do not know the precise chemical composition of the particles. We
propose that the particle composition is a mixture of linear copolymers
of CTBN-epoxy resin and homopolymers of epoxy resin (4). The rub-
bery domains impart some ductility which in turn improves the toughness
or crack resistance by absorbing strain energy. We have demonstrated a
technique by which a two-phase thermoset system is produced to form a
toughened system. Also we will describe how the toughening mechanism
is related to the chemistry and morphology of these toughened epoxy
resin systems.
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Figure 1. Typical electron micrograph of a CTBN-toughened epoxy
resin (X4400)

Effect of the Selectivity and Reactivity of Functional Groups. The
acidic functional end groups such as carboxylic, phenolic, hydroxylic,
etc. are highly selective in forming anions with amine catalysts. The
order of selectivity is (10):

0

V4
R—C > R—< :>—OH > R—CH,—OH > R—CH,—SH
Non

The order of reactivity of functional groups (anions) toward the epoxy
group is:

0
R—CH—$° > R—CH~—0° > R—(()—0° > R—C<
Oe

The polymerization in the discrete phase is an anionic addition
between the difunctional liquid rubber and the epoxy resin which gives
a linear block copolymer. Thus the selectivity and reactivity of the end
groups of the liquid rubber are critical.

Table I shows the fracture energies for epoxy resin which have been
toughened by liquid polymers with different functional groups. Clearly
the selectivity of the functional groups is more important than the
reactivity. MTBN, with the most reactive mercaptan end groups, had
the least improvement in fracture energy; the cured material is trans-
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TableI. Effect of Functional End Groups on Fracture Energy*

Liquid
Acrylonitrile— Fracture Second Phase
Butadiene Type of Functional Energy, Rubbery Domain
Copolymer End Groups hJ/m? Domain Size, um
0
Hycar CTBN  carboxyl; —R—C—OH 28 yes 1-5
PTBN® phenol; —R‘—@—OH 26-30  yes 1-5
ETBN® epoxy; —R—CH—CH, 18-26 yes <1
N/
O
HTBN® hydroxyl; —R—CH,OH 9-26 yes 1-5
MTBN?® mercaptan; —R—CH,/SH 24 ? <1 X 10—
1260 Cl,)ofgr81268 h(rlOO parts), liquid rubber (5 parts), and piperidine (5 parts); cured at

b These liquid polymers are experimental materials.

parent. MTBN is probably dissolved throughout the matrix. The gelation
apparently proceeds under the dissolved state where MTBN reacts
rapidly with epoxy resin; thus it will not precipitate. Also heat distortion
temperature and other mechanical properties have been degraded. This
is a system that flexibilized rather than toughened (11).

Effect of Reactive Functional Groups. Table II shows that maximum
fracture energy is obtained from liquid polymers that contain approxi-
mately two reactive end groups. With random, reactive, end groups on
the liquid copolymer (PBAN), less improvement in fracture energy is
obtained. With neither reactive end groups nor random groups (Hycar
1312) there is a slight improvement in fracture energy even though in situ
particles are present.

Table II. Effect of Functionality and Terminal vs. Pendant
Reactive Groups on Fracture Energy*®

- - Fracture
Liquid Acrylonitrile— Func- Position of —COOH Energy Rubbery

Butadiene Copolymer  tionality Terminal Pendent hJ/m? Domain

None — — — 1.75 no

Hycar 1312 0 no no 3.5 yes
PBAN >2 no yes 7.9 yes
Hycar CTBNX >2 yes yes 17.5 yes
Hycar CTBN 2 yes no 28.0 yes

¢ Epon 828 (100 parts), liquid rubber (5 parts), and piperidine (5 parts); cured at
120°Cpfor 16 hr. P 4 P PP
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We believe that the Hycar 1312 is not cured. In these systems there
exist only the van der Waals attractive and/or hydrogen bonding type
forces between the epoxy matrix and the liquid rubber particles. In such
two-phase systems the liquid rubber merely acts as a diluent and will
show physical properties analogous to mechanical mixtures of two dif-
ferent polymers.

Table II shows that the chemical bonding between the epoxy matrix
and the rubbery phase is important. The terminal reactive groups are
more effective than the pendant groups in toughening epoxy resins.

Effect of Molecular Structure. Table III shows the effects of the
molecular structure of the liquid polymer on the fracture energy of tough-
ened systems. The CTIN is a carboxyl terminated isoprene—acrylonitrile
copolymer; CTBS is a carboxyl terminated butadiene and styrene copoly-
mer, and CTA is a copolymer of ethyl acrylate-butyl acrylate.

We demonstrated previously that the elastic character of the rubbery
domain is an important factor (4) in toughening epoxy resins. However
the moduli of these liquid polymers when cured with a stoichiometric
amount of epoxy resin (Epon 828) all have similar values (2.8-4.1 MPa
at 300-500% elongation),

Table III.  Effect of Molecular Structure of Liquid Polymers on
Fracture Energy of Epoxy Resin®

Fracture
Energy Rubbery
Liquvd Polymer® hd /m? Domain

CTB 8.8 (incompatible)
CTBN 28.8 yes
CTBNX 17.5 yes
CTIN 22.8 yes
CTBS 5.3 (incompatible)
CTA 22.8 yes

; ° ll%pﬁn 828 (100 parts), liquid rubber (5 phr), and piperidine (5 phr); cured at 120°C
or r.

b CT (carboxyl terminated), B (butadiene), N (acrylonitrile), X (pendant-COOH
group), I (isoprene), S (styrene), A (acrylate).

The solubility of CTBN in epoxy resin increases directly with the
acrylonitrile content (3). Systems toughened with CTB and CTBS have
the least improvement in fracture energy. This probably arises from the
poor solubility of the polymers in epoxy resin; however the solubility of
CTA is very good. Although the particle sizes from acrylate polymers are
rather small, the improvement in fracture energy is very good.

The initial solubility of a reactive liquid polymer in epoxy resins
before cure is a critical condition not only for chemical reactions but also
for the in situ formation of rubbery domains. A good initial solubility
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Table IV. Effect of Level of Piperidine on Mechanical Properties®

A B c D

Epon 828, parts 100 100 100 100
CTBN, parts 0 10 10 10
Piperidine, parts 5 5 7.5 10
Second phase:

rubbery domain No Yes Yes Yes

domain size, um — 1-5 1-5 1-5
Tensile strength, M Pa 65.8 58.4 54.9 54.3
Fracture energy, hJ/m? 1.75  33.3 40.3 49.0
Gardner impact, J (0.635 cm 5.7 7.7 6.1 7.2

thick specimen)
Heat distortion temp, °C 80 74 73 66
Molar ratio; piperidine/Epon 828 0.11 0.11 0.17 0.22

@ Cured at 120°C for 16 hr.

with good reactivity results normally in a system with small rubbery
domains.

Effect of Level of Piperidine. Infrared analyses of a system cured
with piperidine show a steady increase in hydroxyl content (steps II
and III in Figure 4). The hydroxyl content increases markedly after
the esterification is complete. The increase in the hydroxyl content
lessens at a point during the etherification (steps II and IV in Figure
4). It increases again to the final hydroxyl concentration. Gel permea-
tion chromatographic analyses are consistent with the results of infrared
analyses. Thus initial molecular weight increase is minimal during the
esterification; it becomes moderate during phase separation (linear
etherification) and then drastic during final gelation (crosslinking
etherification).

Table IV shows test results of samples with various levels of piperi-
dine and a constant amount of Hycar CTBN. The data on fracture
energy in the table show conclusively an increase in crack resistance with
increasing amounts of piperidine, but there is no corresponding increase
in the Gardner impact. This system shows a rate sensitivity. The slow
rate cleavage test for fracture energy improves although a fast rate
impact test does not. Also there is a greater deterioration of mechanical
properties when the additional piperidine is used.

The morphology of these systems with the additional piperidine
indicates that more of the particles become less distinct in the matrix.
The particle boundaries are less well defined, and the fracture surface
of the particles becomes similar to the matrix—i.e., the striations in the
matrix will carry over within the particle boundaries. We believe that
the additional piperidine enhances linear copolymerization to give the
characteristics of flexibilization to the resin. This brings the modulus of
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the matrix closer to that of the domain. The optimum concentration of
piperidine seems to be five parts per hundred parts of resin by weight.
At this concentration it gives a reasonable fracture energy with minimal
sacrifice in other mechanical properties. The molar ratio of 1:10 for the
amine to epoxy appears optimum for both DMP 30 and piperidine.

Effect of Level of CTBN. In Table V we varied the level of CTBN
at a constant amount of piperidine. At 20 parts of CTBN we find a
fourfold increase in impact strength with an 11°C loss of heat distortion
temperature. This loss of thermal properties suggests that some of the
CTBN flexibilizes the epoxy matrix. The morphology of these systems
all shows about the same particle size. However electron micrographs
of the fracture surface of the system with 20 parts CTBN show that the
particles are somewhat larger and more diffuse.

Effect of Bisphenol A Addition: Two-Particle Size Systems. If we
modify the Hycar CTBN-epoxy resin system so as to produce a two-
particle size system, we can produce the toughest epoxy resins. We
modified the CTBN-epoxy resin system by adding bisphenol A. A many-
fold improvement in fracture energy is obtained when Hycar CTBN is
used with bisphenol A and epoxy resin. The maximum improvement,
when 5 phr Hycar CTBN is used, is at a bisphenol A concentration of
24 parts per hundred parts of epoxy resin. Typical data describing the
properties of these systems are shown in Table V1.

We conclude from our morphology observations and the properties
listed in Table VI that at low bisphenol A content the system shows
the same appearance and therefore the same properties as the CTBN—
epoxy system. As the bisphenol A is increased to an optimum of 24 phr,
the particles decrease in size, a two-particle size population develops,
and multiple failure sites appear. An example of the bisphenol A modified
system is shown in Figure 2 in which the fractograph shows one family
of small particles < 0.1 um diameter and another family of larger particles
1-5 pm diameter. Another feature shown in this micrograph are multiple

Table V. Mechanical Properties at Various Levels of CTBN*

A B c D E
Epon 828, parts 100 100 100 100 100
CTBN, parts 0 5 10 15 20
Tensile strength, MPa 65.8 62.8 58.4 51.4 47.2
Elongation at break, %, 4.8 4.6 6.2 8.9 12.0
Modulus, GPa 2.8 2.5 2.3 2.1 2.2
Fracture energy, hJ/m? 1.75 26.3 33.3 47.3 33.3
Gardner impact, J 5.7 7.9 7.7 7.7 24.6
Heat distortion temp, °C 80 76 74 71 69

@ Cured with 5 parts of piperidine at 120°C for 16 hr.
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Table VI. Effect of Bisphenol A Concentration on
Thermal-Mechanical Properties*®

Fracture

Amount of Energy Gardner Heat Distortion
Busphenol A hJ /m? Impact, J Temperature, °C

0 21 9 78

3.25 16 7 —

6 21 6 83

12 33 7 78

24 86 32 82

36 37 7 74

45 7 2 71

¢ Epon 828 (100 parts), CTBN (5 parts), piperidine (5 parts), bisphenol A (parts);
cured at 120°C for 16 hr.

failure initiation sites. These multiple failure sites indicate that much
more surface is created during failure. This greater surface development
extends the energy absorption volume by a large amount. We believe
that these features give rate insensitivity to the modified Hycar CTBN—
epoxy system. The two-particle size feature of this material is shown
in Figure 3 also. This is an OsO, stained microsection of the sample and
shows both the large and small particles. At higher levels of bisphenol A,
the particles get smaller, and the toughening properties are decreased.
The thermal-mechanical properties and toughness data on this
system are described in Table VII. From the data it can be seen that
in the bisphenol A modified system there is no loss in thermal (HDT)
or mechanical properties. In addition there is a further improvement in

Figure 2. Electron micrograph of a bisphenol A modified CTBN-
toughened epoxy resin (X8000)
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Figure 3. Electron micrograph of an OsO, stained microsection of a
bisphenol A modified CTBN-toughened epoxy resin (X 34,000)

fracture energy and Gardner impact strength and a significant improve-
ment in Izod impact strength, The Izod impact test is a high rate of
loading test. We also show in this table high-speed tensile tests (6.35
m/sec). The new toughened system shows an increase in both tensile
strength and elongation. This high speed test shows that the bisphenol A
modified systems are less flaw sensitive than the unmodified epoxy resins.

Chemistry of in situ Discrete Phase Formation. We propose a reac-
tion mechanism involving CTBN and epoxy resin in the presence of
piperidine as a curing agent. We include the role of bisphenol A in this
mechanism. The schematic reaction steps are summarized in Figure 4.

Table VII. Thermal-Mechanical Properties of Bisphenol A

Modified CTBN-Epoxy System

Unmodified Bisphenol A

Epoxy
Resin
System
(Control)
Tensile strength MPa 65.5
Elongation at break, 9, 0.12 mm/sec 4.8
Modullus, GPa 2.8
Tensile strength, MPa 73.1
Elongation at break, %, 6.35 m/sec 73
Heat distortion temp, °C 83
Fracture energy, hJ/m? 1.75
Gardner impact®, J 6
Izod impact, J/m of notch 0.68

¢ Nominal 0.635 cm thick samples.

64.1
9.0
2.7

95.8

11.3

83

53-88

23-34
3.5

Modified
CTBN-
Epoxy
System
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SaLT FormaTiON. In our typical formulations, the equivalent molar
ratio of CTBN (Ephr; 0.054, 5 phr), bisphenol A (24 phr), and piperi-
dine (5 phr) is about 1:70:20. According to the selectivity of the car-
boxylic and phenolic groups (10), all the carboxylic groups and about
one-third of the phenolic groups can possibly form the salts (II) and
(III) in Figure 4. Infrared spectra of the mixture showed that the salt
formation of bisphenol A is not very pronounced, whereas the carbonyl
band (1710 cm™) of the carboxyl group shifted completely to 1550 cm™
indicating total carboxyl salt formation.

EsteriFicaTioN. Infrared spectra showed that the carboxylate salts
of CTBN form ester groups first by opening the epoxy groups. The
product should be the linear chain extended product (IV), Figure 4.
Consequently while the esterification proceeds, etherification by the
phenoxide ions of bisphenol A may also take place to form product (VI),
Figure 4. However, the more selective carboxyl groups control the
reaction so that the major product is (IV) (see Figure 4 for the various
products).

ETHERIFICATION. After most of the esterification is completed, i.e.,
all the CTBN has reacted, the phenoxide ion controls the reaction. The
diphenoxide ion of bisphenol A couples either compounds (IV) to form
compound (V) or part of epoxy resin (1) to form compounds (VI). As
the less selective phenol groups are consumed, active reaction among the
epoxy groups takes place by the liberated piperidine from the piperi-
dinium salts. This is the stage at which gelation begins. The gelation
reduces the solubility of product (V). Therefore product (V) or its
aggregate would precipitate first as large particles. Product (IV) or its
aggregate, the least chain extended molecules, would precipitate as small
particles mainly because of a greater solubility than product (V).

In the CTBN-epoxy resin system without bisphenol A we believe
product (IV) type may be dissolved and distributed throughout the
matrix. Because the solubility parameter difference between product (IV)
and the epoxy resin matrix is less than with the bisphenol A modified
epoxy resin matrix, we do not observe the second small particle size in
this system.

GeraTioNn (CoMmpaTiBiLITY). Phase separation occurs during the
incipient gelation step but without growth in particle sizes or increase in
the number of particles. The particles are formed simultaneously at an
early stage of gelation.

Chemically, gelation is a process of crosslinking after the completion
of esterification (see Figure 4). Physically, it is a process of continuously
increasing the viscosity of a polymer solution with time, depending on
the nature of the polymer solvent system and on the temperature. The
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final result is solidification of the entire system into a three-dimensional
network.

A peculiarity of a polymer solution is that under certain conditions
the system does not separate into two phases. For example if we add
more than 10 phr of DMP 30 in the system (100 parts Epon 828 and 5 phr
CTBN), the cured product is a transparent material. This occurs when
the critical solubility of a polymer can be varied by adding to the solution
a small quantity of a good solvent, e.g., DMP 30.

Polymer Morphology and Failure Mechanisms. A failed tensile bar
of unmodified piperidine-cured epoxy resin shows shear deformation
before tensile failure when strained slowly (0.127 cm/sec). We could
not produce stable crazes in specimens of unmodified epoxy resins. At
all stress levels, temperatures, and conditions of annealing only fracture
occurred after shear band formation. The failure to observe crazes in
unmodified epoxy resins may be explained by a fast equilibrium condition
which exists between crazing on loading and recovery on unloading.

Berry (12) found a large discrepancy between observed (~ 4 X 10°
ergs/cm?) and calculated (~ 10%ergs/cm?) fracture surface energy for
poly (methyl methacrylate). The calculated value was computed from the
energy required to rupture the chemical bonds in unit area of cross-
section, assuming perfect orientation. To explain the discrepancy of
fracture surface energy he proposed an orientation hypothesis of polymer
molecules. He raised the possibility that a brittle crack involved plastic
flow on a molecular scale at the crack tip. To produce the extent of
orientation necessary to give the interference effects, a considerable
amount of energy is required to orient the molecule prior to the brittle
failure.

Kambour (13) elucidated the nature of crazes and differentiated the
crazes from cracks by observing optical properties of polycarbonate. He
noted that a craze can bear a tensile load and heal under heat. The
crazes in the glassy polymers studied to date are 40-60% void (14, 15,
16). In essence the crazing was seen as a process of polymer rarefaction
involving the conversion of strain energy to surface free energy. He also
suggested that craze is different from cold drawing which appears to
involve elongation by shearing at 45° to the tensile stress with no change
in material density.

An electron micrograph of a fracture surface of a CTBN-toughened
epoxy resin is shown in Figure 5. This CTBN is particular in that the
in situ formed particles are less than 0.5 ym in diameter. A tensile bar of
this system also shows shear deformation which indicate that the small
particles have not interfered with the shear deformation characteristic
of the unmodified resin. The deformation bands are nearly parallel to
the planes of maximum shear stress—i.e., roughly at 45° t6 the principal
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Figure 5. Electron microgr%)h of a CTBN-toughened epoxy resin
with small particles (X4400)

axis of deformation. Once a deformation band forms and attains a certain
width, it grows only in length. According to the electron micrograph,
the deformation is a true uniform plastic shear without any sign of
fracture.

The morphology of a small particle size, toughened system has been
further explored by examining the fracture surfaces of the stressed tensile
bars. An electron photomicrograph of a replica of this surface showed
a deformation band extending diagonally (Figure 6). The rubber par-

Figure 6. Electron micrograph of a CTBN-toughened epoxy resin
with small particles—fracture through a shear band (X5200)
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ticles within this band are distorted in the direction of the shear deforma-
tion. The band widths are generally 5-50 um.

However if we examine a tensile bar made from a toughened system
containing large particles, we find that the material deformation arises
entirely from crazing. A failed tensile bar of this system has no shear
deformation or necking throughout the length of the sample. Crazing
during stress is observed as whitening in the strained section of the
sample. There is also a corresponding increase in the sample volume.
Shear deformation does not produce whitening, and there is no increase
in sample volume. The crazes occur in a direction perpendicular to the
principal tensile stress axis. Both the shear bands and crazes disappear
when the sample is heated above the glass transition temperature.

We observed in crazed tensile samples that particles are elongated
in the direction of the tensile stress field and show what appears to be a
microvoid associated with each of the large particles (Figure 7). We
did not observe the fibrous crazes reported elsewhere (14, 15, 16) for the
thermoplastics.

Bucknall and Smith (I17) concluded that crazing is the dominant
mechanism to toughen high impact polystyrene and related polymers.
One important function of the rubber particles is to serve as craze initi-
ators and stabilizers in the glassy matrix. However Newman and Strella
(18) concluded from optical microscope studies that cold drawing is
responsible for toughness in ABS.

The question arises as to whether our observed phenomenon which
we call “microvoids” is truly a microvoid associated with the particles or

Figure 7. Electron micrograph of a CTBN-toughened epoxy resin
with large particles—fracture through a craze volume (X5200)



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch027

27. RIEW ET AL. Rubber Toughened Thermosets 341

an artifact produced by the fracture surface development process. We
offer three reasons for proposing actual microvoids. First, the phenome-
non is not observed in normal rapid cleavage surface development.
Second, the craze lines extend only to the void surface and do not termi-
nate (initiate) at the particle (Figure 7). Third, we found that a crazed
tensile specimen that shows whitening (and volume increase) will shrink
to its original size, and the whitening will disappear when heated above
the HDT of the sample. The morphology of this heated sample showed
that the microvoid evidence disappeared. Additional evidence was
obtained by an OsOj stained microsection of the stressed and heat-treated
material. The particles (stained) are of the same size as in the original
unstressed sample,

Next we looked at the microvoid situation in a bisphenol A modified
CTBN-epoxy system. This sample had the highest toughening properties
that we developed in the epoxy system because of a two-particle size
rubber population that uniquely gives a combination of shear deforma-
tion and tensile crazing. Only some of the large particles had microvoid
development. Consequently the whitening was much less than when only
crazing occurs. The multiple failure sites were still evident.

Recently McGarry (19) suggested that toughness may be enhanced
by the interaction of crazes and shear bands in a system with a bidistri-
bution of particle sizes. He (20) later showed the effect of rubber particle
size on deformation mechanisms in CTBN toughened epoxy system—a
shear mechanism is enhanced by the presence of particles a few hundred
Angstroms in diameter; whereas crazing appears as the predominant
flow mechanism under tensile stress with larger particles (1.5-5pum
diameter). Bucknall et al. (21, 22) supported McGarry’s observations
for shear bands and crazes in rubber modified polyphenylene oxide. He
found that HIPS/PPO blends deformed by a combination of crazing and
shear band formation; whereas the HIPS deformed almost entirely by
crazing. The results in Table VII show conclusively that there is a
synergistic benefit gained in the two-particle size system in toughened
properties. This benefit arises from the dual energy-absorbing mecha-
nisms of combined shear deformation and crazing.

Conclusions

We conclude that: (a) Shear deformations are dominant in resins
toughened with small rubbery particles. (b) Crazing associated with
polymer whitening and microvoid development is dominant in resins
toughened with large particles. (c¢) Maximum toughening is obtained
under conditions of combined shear and craze deformations. This condi-
tion is obtainable when both large and small particles are present.
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(d) Conditions of maximum toughening also show multiple failure sites
in fractured surfaces. These sites allow for a greatly increased surface
development, and (e) from the present study and our previous findings
a toughened system must meet the following criteria:

Chemical Criteria. (a) The liquid polymer should have at least two
functional end-groups. (b) The functional group must have a selectivity
to form a salt with an amine cure agent. Also it should have a reactivity
which enables it to undergo initial linear chain extension with a difunc-
tional epoxy resin. The selectivity and reactivity of the functional group
are necessary to form chemical bonds between the rubbery particles and
the epoxy matrix. (c) The liquid polymers should have some degree of
solubility in the epoxy resin without phase separation or agglomeration
before gelation.

Morphological Criteria. It must show a second particulate rubbery
phase. The second phase must have a definite size and shape and the
domains must be dispersed throughout the matrix.

Thermal-Mechanical Criteria. The thermal and mechanical prop-
erties must not be degraded. The toughness properties (crack and impact
resistance) must be improved, and the system should be rather insensitive
to the rate of loading (or temperature) of a given test.
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Motionless Mixer Blending of Styrene|
Acrylonitrile Copolymer and Nitrile
Rubber to Form ABS
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An SAN resin in pellet form and a nitrile rubber powder
were melt blended in a single screw extruder and a two port
motionless mixer to produce an ABS type resin. The com-
pounded extrudate was compression molded and formed
into samples for mechanical testing. Both impact and ten-
sile properties were measured to characterize the degree
of mixing. It was found that the impact and tensile strength
of the physical blend fell within the range of values re-
ported for ABS terpolymer resins. A toughness index
defined as the area under the tensile stress—strain curve
indicated that the energy required to break a sample could
be correlated with the rubber content, the degree of mixing
in the motionless mixer, and the number of mixing elements.

Mixing and compounding of plastic resins and additives such as plasti-

cizers, fillers, colorants, and reinforcements form an important part
of plastics processing. Few, if any resins are used in their original un-
modified state as they are manufactured during polymerization. The
base resins are modified by additives to give either improved physical
and chemical properties or a dilution of the resin by the addition of
extenders that reduce the overall cost. Polymer systems are difficult to
mix because the materials are very viscous and thus require a high power
input per unit mass to achieve the desired degree of homogeneity. Two
types of mixing are possible: simple and dispersive (1). The main
objective of any simple mixing is to alter and to randomize the original
spatial distribution of a component. The non-random, segregated par-
ticles are redistributed into a more random state without reduction of
size of individual particles. Dispersive mixing, on the other hand, aims

344
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at reducing the particle size in addition to randomizing the distribution
of components. This action increases the probability of finding a particle
of any one component at any particular point. An acceptable spatial
probability distribution is achieved when the sample appears uniform
at a specified scale of examination (2).

This study (3) was done to produce an ABS type resin by dry and
melt blending SAN and a nitrile rubber in a motionless mixer. In poly-
blends of two semicompatible polymers, the particle size of the dispersed
phase is an important factor concerning final properties, particularly if
a rubber is dispersed to improve impact strength. Motionless mixers
should give precise control over the final particle size since for laminar
flow the number of fluid layers and the striation thickness can be pre-
dicted mathematically. The hypothesis that the impact strength should
peak out at a precise number of mixing elements was thus investigated.

Experimental

Mixers. Two-port motionless mixers similar to the one reported by
Chen and Fan (4) were used in this study. These mixing devices consist
of right- and left-hand helices which are inserted into a tubular housing
(5). The leading and trailing edges of two adjoining helices are welded
together perpendicularly. A total of six right- and left-hand helices were
welded into a 2.0 inch diameter stainless steel pipe for the dry blending
mixer. Each helix had a 1.5:1 L/D ratio, ang the total length of the
mixer was 20.5 inches. A stream of solid particles flowing through the
tube is split into two streams and twisted clockwise by the first helix.
At the entrance to the second helix each split stream is split again and
mixed with the split from the other stream. Simultaneously the mixed
streams are twisted counterclockwise in this helix. This behavior is
repeated for each two helices in the mixer housing. A similar mixer for
melt blending was attached to a Brabender 34-inch 24:1 L/D extruder
just before the die as shown in Figure 1. This mixer had a 34-inch
diameter housing into which 0, 4, 6, or 10 elements could be placed.
When a polymer melt passes through the mixer, the fixed geometric
design produces unique flow patterns of flow division and radial mixing
simultaneously. At the leading edge of each element the flow divides
and follows the semicircular channel created by the element shape. At
each succeeding element intersection the two flows are further divided
to give an exponential growth of flow division. The number of layers
formed is given as:

S=2" (1)

where S is the number of striations produced, and n is the number of
elements in the unit. For laminar mixing the degree of mixedness is
related to the striation thickness. The smaller the striation thickness, the
more interfacial area between the mixture components and hence the
better the mixing. The striation thickness, d, is defined as:
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d=D/2" 2)

where D is the inside diameter of the mixer housing.

Resin. A styrene/acrylonitrile (SAN) copolymer, Tyril 870, manu-
factured by the Dow Chemical Co. was used. The resin came as Ys-inch
pellets and had a reported tensile strength of 9500 psi and an Izod impact
strength of 0.35 ft-Ib/inch of notch.

Rubber. Hycar 1442 X 110 manufactured by B. F. Goodrich Co. was
used. Properties reported by the company include: specific gravity 1.0 to
3.0, tensile strength 3000—4000 psi, and a maximum service temperature
of 250°-300°F. The rubber came as a powder and was sifted in Tyler
screens; only the largest (20-40 mesh) particles were blended with the
styrene/acrylonitrile.

Mixing and Sample Molding. Blends of 10, 20, and 30% rubber were
made by subjecting the two components to the processing scheme of
Figure 1. The extrudate emerged from the melt blending as a strand
which was pelletized. The material was dried overnight at 150°F and
then compression molded. A sheet 6” X 6” X Y” was formed. Molding
conditions were as follows: 2 min preheat at 350°F with low pressure an
4 min at 350°F with 3000 psi. Cooling was done at room temperature
and low pressure for 3 min in a second press.

Results

Impact and Tensile Testing. A number of mechanical tests were
carried out on test bars cut from the molded sheets. For the impact tests
six sample bars were cut for each mixing and composition condition while
for the tensile tests four test specimens were prepared. The reported
results are average values as determined from that number of test bars.
The tensile tests were run at a crosshead speed of 0.2 inch/min. Table I
lists the results for the impact and tensile tests of the dry blended mate-

SAN Rubber

Dry Blending

* Melt
E 7 Blending

Extrusion

Figure 1. Schematic for dry and melt blending of SAN and rubber



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch028

28, SCOTT AND DHABALIA Motionless Mixer Blending 347

Table I. Dry Blend Properties
Izod Impact Strength, Tensile Strength,

Percent Rubber ft-1b/inch of Notch pst
0 .35° 9500
10 .70 5440
20 99 3350
30 1.74 1990

¢ Values from company literature.

rial in which the %-inch SAN pellets were mixed with the 20-mesh
(0.0328-inch) rubber powder. As expected, the impact strength increased
with rubber content while the tensile strength decreased. The results
represent property values for a simple mixing case. That is, in the dry
blending operation the particle size is not reduced, and hence the SAN
to rubber particle size is approximately 0.125/0.0328, or 3.8 to 1 on a
diameter basis. Table II lists the same properties after the components
had been melt blended in the extruder and 10 mixing elements. Again
note the trends in decreased tensile strength and increased impact strength.
In addition, no significant improvement in either the impact strength or
the tensile strength was observed although the particle size of the minor
component is markedly different from the previous case.

Table II. Melt Blend Properties (10 Elements)
Izod Impact Strength, Tensile Strength,

Percent Rubber ft-1b/inch of Notch pst
0 .35¢ 9500°
10 85 4450
20 1.12 5340
30 1.60 2920

¢ Values from company literature.

Toughness Index Correlation. The above observation suggested that
a toughness index, defined as the area under the tensile test curve, may
correlate directly with the number of mixing elements (implying degree
of mixing and ultimate particle size) and the rubber content. The sig-
nificance of this index can be visualized as the amount of energy that is
stored in the material in a deformation process prior to failure. Table III

Table III. Toughness Index

Percent Rubber  Four Elements Six Elements 10 Elements
10 33.0 30.0 27.0
20 40.5 474 46.0
30 28.5 30.0 36.85

ORI S, T
S, i T A
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shows the thoughness index for the blends as a function of rubber com-
position and the number of mixing elements. A 20% rubber content gave
the best toughness index. Also, more mixing elements are required as
the rubber content is increased to produce the maximum toughness index
for a given rubber content. For the 10% rubber a toughness index of 33
is obtained with four elements, for 20% rubber it takes six elements to
obtain an index of 47.4, and for the 30% rubber it takes 10 elements to
obtain an index of 36.9.

oy 40 10. - 20 30 40 50
& I“”l“"'”"'!Hi("n;'f‘;I‘-filliﬂllu!llll!!lfll

Figure 2. Microstructure of 10% rubber-90% SAN (75X mag-
nification, four elements)

Striation Thickness and Ultimate Particle Size. Striation thickness
can be used to infer the particle size reduction as the components are
melt blended. A certain amount of dispersion takes place in the extrusion
process, but this is constant in all cases (assuming constant extrusion
conditions). The extruder has by far the higher shear rates (100 sec™
or greater), and most of the particle size reduction occurs in the extruder.
However, the motionless mixer radially homogenizes the melt from the
extruder which has been subjected to a non-uniform shear field. Also an
additional degree of dispersive mixing is imparted as the melt passes
through the motionless mixer. The ultimate particle size calculated
according to Equation 2 is 0.0468, 0.0117, and 0.00073 inches for four,
six, and 10 elements. Microscopic examination was done in the material
extruded and passed through four mixing elements. A magnification of
75X was used. Figures 2, 8, and 4 show typical microstructures. No
large rubber particles remain for the 10 percent rubber content. Rubber
is the dark phase. In all cases most of the rubber has been effectively



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch028

28.

SCOTT AND DHABALIA Motionless Mixer Blending

Figure 3. Microstructure of 20% rubber-80% SAN (75X mag-
nification, four elements)

lnn{m1|1uf1unjuump{_‘§‘

Figure 4. Microstructure of 30% rubber-70% SAN (75X mag-
nification, four elements)
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dispersed (if one takes the relative areas of dark rubber and light SAN
resin into account). For the 20 and 30% rubber-content sample a certain
number of large rubber particles remain; this result agrees with the
observation that the ultimate toughness index for those conditions re-
quired more mixing elements. It is estimated that the width of the field
is approximately 0.0007 inch at this magnification which leads to a corre-
sponding largest particle size of 0.0003 inch (for Figure 4) and an
estimated average particle size of 10 inch. Thus, the ultimate particle
size for the optimum toughness index falls below 1075 inch.

Conclusions and Recommendations

The impact strength values of ABS as reported in the literature (6)
vary from 1 to 10 ft-Ib/inch of notch for extrusion grade material. The
experimentally determined average impact strength for the material
formulated by physical melt blending was 1.5 ft-Ib/inch of notch. The
calculated average tensile strength of the same material is 5000 psi which
falls between the values of 4000 and 7000 psi reported for the extrusion
grade. The physical melt blend of the SAN and nitrile rubber had prop-
erties which fall within the reported range of values for the copolymer-
ized material. A toughness index which represents energy stored in a
sample during deformation correlated with both the rubber content and
the degree of mixing. The impact strength and the tensile strength are
independent of the particle size range under consideration in this investi-
gation while the toughness index depended on the ultimate particle size.
The optimum toughness index is obtained at 20% rubber content. For
a constant rubber content the toughness index varied with the degree of
mixing (number of mixing elements). The degree of mixing must be
increased with increasing rubber content. It is estimated that the ulti-
mate particle size of the dispersed rubber phase is less than 107 inch.
It is recommended that further work concerning the ultimate particle
size and particle size distribution in the physical blend be carried out to
obtain the optimum impact and tensile properties by means of the proper
degree of melt mixing.
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The random arrangement of glass fibers in resin matrices
produces composite materials which have planar isotropy
and are of great importance to many structural and engineer-
ing applications. Random fiber composites offer a good
combination of mechanical properties and are extensively
used in various industries. This study deals with the char-
acterization of strength and fracture behavior of random
glass fiber reinforced polyester composites. The concepts of
linear elastic fracture mechanics (LEFM ) have been applied
to these composites to obtain meaningful toughness parame-
ters. Substantial slow crack growth occurs prior to unstable
fracture and the total fracture behavior of the material
should be studied by applying the concepts of crack growth
resistance curves (R-curves).

The incorporation of brittle glass fibers into brittle resins results in

composite materials stronger and tougher than its constituent mate-
rials. The random arrangement of glass fibers in resin matrices produces
composite materials which have planar isotropy and are very important
to many structural and engineering applications. Random fiber com-
posites offer a good combination of mechanical properties and are
used extensively in industry. The properties of aligned discontinuous
fiber composites have been studied to some extent but only a limited
amount of information exists on the fundamental properties of random
fiber composites. After the work of Wu (1), a number of papers have
been published in recent years dealing with the application of linear
elastic fracture mechanics (LEFM) to predict fracture properties of
composites. Wu considered the case of a unidirectional glass reinforced
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epoxy resin with a crack parallel to the direction of the fibers and reported
that the critical stress intensity factor, K, did not vary significantly with
the crack length. Konish et al. (2) studied a wide variety of composites
and concluded that the failure mechanism of the specimens tested was
crack dominated in most cases and the procedures of linear elastic frac-
ture mechanics (LEFM) could be applied even where the overt failure
mechanism was not so obviously dominated by the starter crack. Re-
cently, Owen and Bishop (3) have carried out fracture toughness tests
on a polyester resin containing various forms of glass reinforcement. The
K. values in most cases were not independent of crack size, but a method
similar to the plastic zone correction in metals can be used to obtain K,
values independent of the crack length. Ellis and Harris (4) studied the
effect of specimen size and other test variables on the fracture properties
of some fiber reinforced epoxy resins. The work of fracture values de-
pended on the dimensions of the test specimen, crack length, and type
of fracture test. Beaumont and Phillips (5) investigated random glass
fiber polyester composites with respect to application of LEFM and the
effect of strain rate, crack length, and test method on fracture properties.
The stress intensity factor did not vary significantly with the crack length
when the specimens were fractured in a three-point bending mode. More
recently, Mandell et al. (6) have shown that the candidate stress intensity
factor (Kq) is almost completely insensitive to the thickness of the speci-
men for the roving mat type of composites. In the present study, the
principles of LEFM and the concept of crack growth resistance (R-
curves) have been applied to a random fiber polyester composite to
characterize the fracture behavior.

Experimental

A polyester resin P-43 (Rohm and Haas) was selected as a matrix
material. The glass fiber reinforcement was in the form of a chopped
strand mat (M 700) weighing 1% oz/sq ft bonded together with a high
solubility polyester resin. The chopped fibers were about 2 in. long and
the fiber diameter was about 0.0004 in.

In order to produce test specimens, 10 in. )X 5 in. composite plates
were first molded. The volume fraction of fibers was varied by varying
the number of glass fiber mat layers or by varying the thickness of the
final composite plate. Benzoyl peroxide (1.5 wt % ) was used as a curing
agent. The curing agent was dissolved in styrene (10 wt % ) and the
resulting solution was added to polyester resin (100 wt % ). The cast
mixture thus prepared was poured over the fiber mat layers which were
placed in a mold. The molg was then placed in a vacuum chamber for
about 1 hr to drive off the air bubbles entrapped in the material during
the mixing and pouring process. The resin impregnated mat layers were
then transferred to a larger mold (10 in. X 10 in.) which was placed on
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// Figure 1. SEN test specimen

a hot plate (150°F). Burlap strips were placed around the mat layers
and the resin was slowly squeezed out using a flat knife. The squeezing
process was continued until there were no visible air bubbles in the resin
which was removed. The mold was transferred to a compression press
and a top plate was placed on the mold. The curing cycle required 2 hr
at 220°F.

The composite plates thus prepared were quite clear and transparent
at low volume fractions (v < 25% ). At higher fiber volume fractions
the plates became translucent because of the close packing of fibers and
larger interface surface area.

Flexure and tension tests were conducted on an Instron testing
machine at a crosshead speed of 0.05 in./min. Single edge notch (SEN)
fracture tests were conducted at a crosshead speed of 0.1 in./min. Figure
1 shows the SEN specimen configuration. The width and thickness of
the specimen are 1 in. and 0.090 in., respectively. The notches were
machined on a milling machine using a jeweler's saw (6 mil) which
produced a square notch as shown in Figure 1. Two small strips ( ¥s-in.
square pieces cut from a unidirectional glass fiber composite plate) were
bonded to the specimen using Eastman 910 adhesive on both sides of the
crack as shown in Figure 1. These strips were bonded to the SEecimen
to accommodate a strain gage extensometer to monitor the crack mouth
opening displacement during the fracture test. An Instron transverse
strain sensor (G 57-12) was used to monitor the crack mouth displace-
ment. The strain sensor is quite sensitive and displacement values up to
1 X 10 in. could easily be measured from the chart recorder. The load
displacement records were analyzed in accordance with the procedure
recommended in Method ASTM E 399-71 (7). The candidate stress
intensity factor Ko was calculated using the following K-equation (8).
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Ko=7Y

PQG%

where ¢ is the thickness of test specimen
Y is a calibration factor
P is the load as obtained from load displacement records

a is the initial crack length

w is the width of the specimen.

Results

The flexural and tensile properties of polyester composites at various
fiber volume fractions are listed in Table I. Strength values increase up
to a fiber volume fraction of about 40% but then decrease with increased
fiber volume fraction. This is caused by the poor wetting and extensive
fiber damage which occurs at higher volume fractions because of com-
paction and close packing of the fibers. The ultimate flexural strain
shows a similar trend. The modulus values increase almost linearly with

fiber volume fraction.

Table I. Tensile and Fexural Properties of Polyster Composite (9)
Flexural Properties

Tensile Properties

Strength, Modulus,

v, pst X 10° pst
0 13,000 0.6

20 30,000 1.5

30 38,000 1.95

40 50,000 2.40

50 40,000 2.85

Strain,

%o

24

2.75
2.85
2.60
1.75

Strength, Modulus,

pst

6,000
14,500
19,000
27,000
24,000

X 106 pst
0.6
1.33
1.75
2.06
24

Figure 2. Tensile specimen before and after
failure

Strain,

%
0.9
1.75
1.90

1.84
1.96
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Figure 3. Load displacement curves at various crack lengths

Massive debonding of the fibers occurred prior to catastrophic failure
of the test specimen. Figure 2 shows a tensile specimen before and after
failure. The initially transparent specimen becomes translucent when
loaded in tension. Some transverse cracks begin to appear on the surface
of the specimen at about 30-40% of the failure load values. The density
of these cracks increased as the load on the specimen was increased.
Owen and Duke (10) reported that the debonding in polyester com-
posites started as early as 30% of maximum load. Thus, the debonding
in these materials starts occurring along the transverse fibers and then
spreads to fibers which are at progressively smaller angles to the load
direction. The onset of debonding can thus be considered to be the crack
initiation mode in these materials.

Fracture Results. The polyester resin specimen (SEN) fails in a
brittle manner. The average value of candidate stress intensity factor for
polyester resin as calculated from Equation 1 is 1.97 ksi-in.%. The load
displacement records for the composite (vf~ 0.29) at various crack
lengths are shown in Figure 3 and the Kq values as a function of crack
length are shown in Figure 4. A minimum of four specimens were tested
at each crack length. The results indicate that the Kq values increase as
the initial crack is increased. The method of determination of load Pq
from the load displacement record is recommended for crack length to
width ratios greater than 0.45, and thus the load Pq obtained at smaller
crack lengths may be somewhat erroneous. In other words, the value of
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P, obtained at smaller crack lengths may not correspond to the same
crack growth stage as for large crack lengths. At smaller crack lengths,
the constraint at the crack tip is more severe and thus the material under-
goes less deformation or less debonding takes place at the crack tip. This
results in smaller values of material resistance to crack propagation.
Table II lists the Kq values, K; values based on maximum load and
initial crack length, and Ky values based on maximum load and instan-
taneous crack length at that load. Ky values are much higher than Kq
and K; values. This indicates that the crack growth resistance of the
material increases as the crack extension occurs in the material. The
instantaneous crack lengths were obtained using the following procedure.
A compliance crack detection curve as shown in Figure 5 was first
constructed using the load displacement records obtained from the frac-
ture tests. This compliance is based on the crack mouth opening dis-
placement and is thus not to be confused with the compliance of the

Table II. Various Stress Intensity Factors for Polyester Composite

Average Ky, Average K, Average Kg,
a/w ksi-in kst-in% ksi-in%
0.2 10.3 11.80 16.85
0.3 11.3 13.05 16.70

04 12.2 14.05 —
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specimen. Initial straight line portions of the load displacement record
at various initial notch lengths were used to calculate the compliance and
these compliance values at various notch lengths were plotted to get the
crack detection curve shown in Figure 5. If, during a crack propagation
test, the compliance at any load value is measured, then the crack length
corresponding to that load can be determined from Figure 5.

From the results presented in Table II, the resistance of the material
increases as crack growth occurs in the material. It is thus necessary to
calculate the material resistance values as a function of crack length if
the fracture behavior of the material is to be fully characterized. This
type of approach known as the R-curve approach has been used to study
the fracture behavior of many metallic materials. The R-curve concept
has been completely reviewed (11).

A load displacement record obtained from the fracture test can be
used to develop the R-curve for the material. The procedure used for
establishing the R-curve for the material is described below.

(1) A straight line is drawn from the origin to a point on the load
displacement record as shown in Figure 6. The compliance is the recipro-
cal of the slope of this line.
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Figure 7. Crack growth resistance curve of
two initial crack lengths
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Figure 8. Determination of crack instability point
from R-curve

(2) From the compliance vs. crack length curve (Figure 5) the
instantaneous crack length (a) is obtained. The instantaneous crack
length minus the initial crack length (a — a,) corresponding to the point
(()n t)he load displacement curve is then the amount of crack extension

Aa).

(3) The stress intensity factor Ky is calculated using this load and
the corresponding crack length. This procedure is followed for a num-
ber of points on the load displacement record.

Figure 7 shows the R-curve for the polyester resin composite. The
data points for two initial crack lengths are quite close to each other,
indicating that the R-curve for the materials is independent of initial
crack length. The R-curve shown in Figure 7 can be used to predict
the crack instability point and the Kq values as shown in Figure 8. Crack
driving force curves have been plotted at various load values using the
K-equation, i.e., K = Y(Pa*%/tw). The point of instability is defined as
the point where the crack driving force is equal to resistance of the
material. The point of tangency between the R-curve and crack driving
force curve thus determines the point of instability. From Figure 8, the
material resistance at the point of instability is about 17.5 ksi in.%. To
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Figure 9. Development o{ the debonded zone at the crack
tip (each small division is 0.01 in.)

calculate the candidate stress intensity factor, a crack extension of 2%
has been used by Jones and Brown (12) for some metallic materials. For
many metallic materials, the determination of load Pq from the load
displacement records using the method described in ASTM E 399-71
corresponds to a crack extension of about 2%. Using the R-curve ap-
proach, the Kq value obtained from the polyester composite from the
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Table III. Predicted and Experimentally Observed
Debonded Zone Sizes (13)

Applied Stress Observed Predicted Zone Size, in.
Load, % Intensity Debonding Debonded
of Mazx Factor, Stress,  Zone Size, Plane Plane
Load ksi-in.% op Pst in. Strain Stress
30 1.95 3300 0.020 0.0186 0.054
45 2.92 3300 0.039 0.0416 0.12
60 3.90 3300 0.067 0.0745 0.225
75 4.88 3300 0.083 0.116 0.348

International Journal of Fracture Mechanics

R-curve is about 9.8 ksi-in.%, in good agreement with the average value
of Ko (at a/w = 0.2) obtained earlier. The Kq value obtained from the
R-curve is smaller than the Kq values at larger crack lengths, indicating
that the load P, determined from the load displacement records for Kq
calculations at higher crack lengths probably corresponded to larger
crack extensions. This is possible because a large amount of slow crack
growth in the form of debonding occurs near the crack tip before unstable
fracture in these composites.

Figure 9 shows the debonding at the crack tip at various fractions of
maximum applied load in a three point notch bend test. The debonding
at the crack tip starts at loads less than 30% of maximum load. The size
of the damage zone can be predicted using a fracture mechanics ap-
proach. Table III lists the comparison of measured damage zone size to
the theoretically predicted values. The correlation between experimen-

Figure 10. Transverse cracks at crack tip (75% of maximum
fracture load)
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tally measured and predicted values is quite good up to 60% of the
maximum load values. At 75% of the maximum load, a crack has initiated
from the notch and thus the debonded zone size cannot increase behind
the crack tip. This results in poor correlation of measured and predicted
values for debonded zone size.

Figure 10 shows the notch tip zone in a SEN test specimen loaded
to about 75% of maximum load. The transverse cracks are easily seen
in this photograph. These cracks even occur at some distance away from
the notch plane and the final fracture plane. These micrographs indicate
that considerable damage occurs in the polyester composites prior to
unstable fracture. It is thus important that the R-curve concept should
be applied to these materials if their total fracture behavior is to be
characterized.

Conclusion

Linear elastic fracture mechanics (LEFM) approach can be used to
characterize the fracture behavior of random fiber composites. The
methods of LEFM should be used with utmost care for obtaining mean-
ingful fracture parameters. The analysis of load displacement records as
recommended in method ASTM E 399-71 may be subject to some errors
caused by the massive debonding that occurs prior to catastrophic failure
of these composites. By using the R-curve concept, the fracture behavior
of these materials can be more accurately characterized. The K-equa-
tions developed for isotropic materials can be used to calculate stress
intensity factor for these materials.
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Retarded Necking in Continuous Nylon-
Fiber Reinforced Polypropylene

M. R. KANTZ and R. D. CORNELIUSSEN

Department of Materials Engineering, Drexel University,
Philadelphia, Pa. 19104

The tensile properties of isotactic polypropylene materials
reinforced with continuous nylon fibers were measured.
Less than 10 vol % of the fibers leads to an increased yield
strength and yield elongation. As little as 3 vol % of the
nylon fibers increased the elongation at necking from 10 to
20%. This retarded necking arises from the fiber—matrix
debonding which delocalizes the microscopic yielding
processes.

Reinforcement of metallic and polymeric materials with high modulus

fibers and particles generally leads to reduced tensile elongation or
ductility. According to Nielsen (1) the reduction in the ultimate elonga-
tion of the composite varies systematically with the volume fraction of
reinforcing particles, V,, for particulate reinforced materials in which the
adhesion between the two phases is “perfect.” This relationship is given
as:

S (1= V) (1)

€m

where ¢, and ¢, are the ultimate elongations of the composite and matrix.
The validity of this model has been demonstrated for certain glass-bead
reinforced thermoplastic and thermosetting resins (2, 3, 4). It has been
reported (2), however, that increasing the adhesion between glass beads
and an epoxy matrix using a coupling agent gave higher values of ¢, than
predicted by Nielsen (I). In recent work involving glass-bead filled
amorphous thermoplastics such as polystyrene, styrene/acrylonitrile co-
polymers, and polyphenylene oxide, the elongation of the composite was
greater than the elongation of the matrix when the tensile test was carried

367
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out above the brittle-ductile transition temperature (3, 4). This be-
havior was attributed to debonding, craze nucleation, and subsequent
termination of craze propagation by notch blunting at weak phase
boundaries (4).

During our study of the tensile behavior of isotactic polypropylene
containing low volume fractions (< 10% ) of continuous thermoplastic
fibers we found that the composite yield strength (o.), yield elongation
(e,y), and toughness vary strongly with volume fraction while the
elastic modulus remains essentially constant (5, 6). As in the work cited
above for glass-filled systems, the observation of increased rather than
decreased elongation at yield was entirely unexpected. This paper
examines the basis for increased yield elongation behavior in this crystal-
line polymer composite system.

Experimental

Polypropylene (PP) composites containing monofilament nylon were
prepared by compression molding at 230°C under a pressure of 1200 psi.
The fibers were wound tightly onto a picture frame mold using a lathe
and then were sandwiched between premolded 0.010-0.030 in. thick
polypropylene 5520 (PP) sheets (Shell). Composites containing con-
tinuous glass fibers (glass tow, PPG Industries) were prepared by hand
layup between the premolded polymer sheets and compression molded
as above.

Following a minimum aging period of 48 hr, specimens were cut so
that the fibers were parallel to the long or tensile axis. Conventional
1.5-inch dogbone tensile specimens (1 inch gage-length) were tested at
0.2 inch/min on an Instron testing machine.

Specimens sufficiently thin (0.002-0.010 inch) for detailed observa-
tion of deformation by optical microscopy were prepared by simply
repressing the tensile specimens. The thin specimens were strained
manually on the microscope stage using a Siemens x-ray diffraction fiber

holder.

Results

The dependence of e, y/em,y on fiber volume fraction for the PP-
nylon system is linear as shown in Figure 1. A least-squares fit of these
data gives the relationship,

Sy 14 364V, (2)

€m,y

Thus, reinforcement of polypropylene with as little as 3 vol % of nylon
fibers increases the elongation at which necking and stress whitening
occur from 10% for the unreinforced matrix to 20% for the composite.
We call this phenomenon “retarded necking.”
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In contrast to the retarded yielding behavior exhibited by the PP-
nylon system, the PP—glass fiber system undergoes the expected reduction
in composite yield elongation. Figure 2 shows that the data for the
PP—glass fiber system follow a modified Nielsen prediction as follows:

f63 (1 —1.5V43)

€m,y

Vi

Figure 2. Normalized elongation behavior

of PP-glass composites as a function of fiber

volume fraction. Dashed curve represents
the Nielsen prediction.

(3)



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch030

370 TOUGHNESS AND BRITTLENESS OF PLASTICS

0% 3%

9% 15%

Figure 3. Uniaxial deformation behavior of a thin film PP-nylon composite.
See text for the description of the sequence.

Figure 4. Scanning electron micrographs illustrating drawing of - the

herulites in the matrix-fiber interface. The arrow in the left micrograph

shows the location of the more detailed fibrillar features shown in the right
micrograph.
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Optical microscopy during uniaxial stretching of PP-nylon and
PP—glass thin film composites revealed for the former system that de-
bonding occurs at elongations as low as 2%, followed by drawing of the
spherulites at the interface. No debonding occurs for the latter system.
The glass simply fractures, and the diameter of the void channel left by
the glass fiber is less than the diameter of the fiber itself. This indicates
that the radial stress at the interface was compressive. On the other hand,
debonding in the PP-nylon composite suggests a reversed Poisson effect
—i.e., the radial stress was tensile. For PP, the Poisson’s ratio is 0.33 vs.
0.23 for glass. The photomicrographs in Figure 3 illustrate the following
steps in the retarded yielding process in the PP-nylon composite system:

(a) Unstrained specimen showing slight prestress at the notch root
(black lobes caused by internal reflection from cavitation voids). The
specimen was notched to localize necking.

(b) Neck propagation after 3% elongation. Debonding of the fibers
is shown at the top of the micrograph.

(c) Deflection of the yield front in the axial direction at the interface
following 9% elongation.

(d) Fiber rupture at 15% elongation.

The appearance of the interfacial zone shown in the bottom two
micrographs suggests that the debonded portion of matrix adjacent to
unbroken fibers should be fibrillar to reflect the cold drawing of the PP
spherulites at the interface. This is indeed the case as illustrated by
the scanning electron micrographs in Figure 4. These micrographs were
obtained from the shoulder of the neck in an Instron tensile specimen
that was ground, polished, and subsequently etched in a CrOs;—H,SO4
glassware cleaning solution for 72 hr at 70°C. Etching was done to
remove the fibers and to enhance the details of the crystalline mor-
phology of the matrix. The lower third of the left micrograph shows
the base of a fiber channel and a portion of one of the “walls” (circled)
of the channel. The right micrograph shows the fibrillar or cold drawn
morphology of the circled portion of wall shown in left photo in greater
detail.

Discussion

The results shown in Figures 3 and 4 illustrate that the retarded
necking phenomenon, just as the increased ultimate elongations observed
by Nicolais et al. (4), arises from matrix—fiber debonding with the con-
sequent formation of a third phase. Just as the weak interface causes
lateral spreading or blunting of a crack during the operation of the
Cook-Gordon mechanism, the debonded regions in the PP-nylon system
cause progressive local yielding to occur parallel to the tensile axis for
some macroscopic strain increment rather than transverse to the axis as
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would ordinarily be expected. The microyielding in the axial rather
than transverse direction permits more homogeneous distribution and
dissipation of local strain energy throughout a larger volume of the speci-
men gage length than would be observed for the matrix alone. Thus,
the onset of necking instability is retarded by strain demagnification
(delocalization) where energy dissipation is achieved by drawing of the
crystalline matrix in the debonded region. The extent of local strain
demagnification is reflected by the experimental result given by Equation
2. The direct dependence of . y/em, y on the volume fraction of fibers is
understandable on the basis that the larger the available surface area
present as sites for interface separation, the more homogeneous the
microyielding process. There must be a limit to the extent of retarded
yielding; however, this is assumed to be the ultimate elongation of the
nylon fibers which is 20-22%. In the case of the PP—glass system, the
compressive radial stress gives rise to strain magnification. This is re-
flected by the experimental result given by Equation 3.

It is now pertinent to examine the significance of the coefficients in
Equations 2 and 3. As noted earlier, the Nielsen prediction given by
Equation 1 is based on particulate inclusions in a matrix. For the
reinforced PP, we assume that there is reasonably good adhesion since
the radial stress at the interface is compressive. Despite the fact that
this work deals with continuous fibrous inclusions rather than with par-
ticulate ones, we see that the basic form of the Nielsen prediction is
obeyed except for the coefficient of 1.5. The origin of this factor can be
rationalized by construction of a model composite comprised of a
matrix containing continuous linear assemblies of spheres. If instead of
spheres along a given axis we substitute a fiber having a diameter equiva-
lent to that of the sphere, it can be shown readily that the fraction of
volume occupied by the fiber (V;) is 1.5 times greater than that occupied
by the assembly of spheres (V). Thus, it appears that the coefficient in
Equation 3 is a form factor that accounts for continuous fiber reinforce-
ment rather than (spherical) particle reinforcement.

The PP-nylon system can be treated similarly. If the debonded
region between the fiber and the matrix is viewed as an assembly of
contiguous voids but having a volume fraction corresponding to a hypo-
thetical cylinder (fiber) surrounding the voids, the modified form of
Kerner’s expression (7) for foams and polyblends can be shown to give
a result in excellent agreement with Equation 2.

Acknowledgments

We thank Larry Cessna (Hercules Corp.) for helpful suggestions
during the writing of this paper. One of us (MRK) also expresses his



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch030

30.

KANTY AND CORNELIUSSEN Retarded Necking 373

appreciation to Charles Garber for the use of his SEM facility (Structure
Probe, Inc.).

Literature Cited

7.

. Lavengood, R. E., Nicolais, L., Narkis, M., J. Appl. Po

DULR -

. Nielsen, L. E., J. Appl. Polym. Sci. (1966) 10, 97.

Kenyon, A. S., Duffey, H. J., Polym. Eng. Sci. (July 1967% p. 189.
» ym. Sci. (1973 17,
1173.

. Nicolais, L., Droili, E., Landel, R. F., Polymer (1973) 14, 21.
. Kantz, M. R., Corneliussen, R. D., J. Polym. Sci., Part B (1973) 11, 279.
. Kantz, M. R., Corneliussen, R. D., “The Mechanical Properties of Organic

Fiber Reinforced Polypropylene Composites,” Am. Chem. Soc., Div.
Polym. Chem., Preprints (1973) 14(1), 447.
Kerner, E. H., Proc. Phys. Soc., London (1956) 69B, 808.

ReceIvED October 18, 1974. Work supported in part by a Department Grant
from the National Science Foundation.



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch031

31

Tough—Brittle Transition of Glass Fiber
Composites by Impact Testing
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Department of Chemical Engineering, Tokyo Institute of Technology,
Ookayama, Meguro-ku, Tokyo, Japan

Charpy impact tests were made to show the effects of tem-
perature and specimen size on the impact strength and frac-
ture mode of glass—polyester composites. The tough-brittle
transition depended on temperature and was controlled by
the weaker intrinsic strength of the materials. The law of
stmilarity for size effects held for all materials when the
fracture mode was unchanged, and a clear transition of
fracture mode occurred for cloth laminates. This transition-
occurred at the critical size ratio depending on temperature.
Consequently we could predict the impact behavior over a
wide range of temperature, independent of specimen size,
by using standard specimens.

Numerous studies have been made of the mechanical properties
of fibrous composites; these include recently published papers on
impact properties by Izod (1, 2, 3, 4) and Charpy (5, 6) and drop weight
(7) tests. We reported the Charpy impact fracture behavior of various
glass—polyester composites regarding the effects of temperature (8, 9, 10),
specimen size (8), and fiber orientation (10). This paper describes the
effects of the tough-brittle transition in the impact behavior of glass—
polyester composites which occurs with a variation of temperature and
specimen size.

Materials and Test Procedure

The materials tested were mainly unidirectional and bidirectional
satin cloth laminate. Unsaturated polyester resin was used as a matrix.
The tensile strength ratio of longitudinal fiber to transverse fiber was
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6.6 to 1.0 for the unidirectional laminate and almost unity for the bidi-
rectional laminate; their glass contents (GC) were 62 and 60 wt %.

ASTM E 23-66 was applied for the dimensions of standard specimens
except that the mat reinforced specimen (GC: 33 wt % ) used ASTM D
256-56. Specimens were taken from a molded plate along the longitudinal
fiber direction, and V notches were cut edgewise, perpendicular to both
fiber direction and molding surface. Occasionally a specimen notched
on the molding surface (flatwise) was used. Tests were performed with
an instrumented Charpy impact tester (10) with a 30 kg-m or 150 kg-cm
capacity. Test temperatures were varied from —196°-250°C.

Transition of Fracture Mode Depending on Temperature

Four typical impact fracture modes—tensile, compressive shear, com-
pressive buckling, and interlaminar shear—were recognized from the
broken specimens (9) and load-time curves (10). Among these four
the tensile fracture had the lowest absorbed energy and behaved as a
brittle material; compressive shear fracture had higher absorbed energy
and behaved as a tough material. A mixed mode of fracture was often
observed except for buckling failure at high temperature.

The temperature dependence of the absorbed energy for standard
specimens is shown in Figure 1. Impact behaviors and fracture modes
of edge notched specimens depending on temperature were reported
elsewhere (9, 10). In edge notched specimens of unidirectional roving
reinforced material (GC: 68 wt % ), cloth laminates, and mat reinforced
material the fracture mode changed with temperature; all materials re-
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Figure 1. Effect of temperature on impact strength of glass fiber composites
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Figure 2. Variation of static tensile and compressive strength of
cloth laminates with temperature

vealed sharp peaks at high temperatures which seemed to correspond
with the glass transition temperature in impact testing. After reaching
the peak the specimens buckled by compressive load along the longi-
tudinal direction.

In unidirectional cloth specimens the fracture mode was essentially
compressive; there was compressive shear at lower temperatures and
buckling after the peak, but tensile fracture apparently became dominant
at moderate temperatures. For bidirectional cloth specimens the fracture
is almost controlled by tension but it shifts to compressive shear and then
to buckling at higher temperatures.

Local indentation at the point of impact may contribute to picking
in absorbed energy with increasing temperatures. There was clear in-
dentation for unidirectional roving reinforced specimens that seemed to
increase with increasing temperatures. For cloth specimens a slight
indentation was observed above 100°C.

In specimens notched flatwise the absorbed energy is constant at
lower temperatures and decreases with increasing temperatures. Frac-
ture is caused almost entirely by interlaminar shear, and the number
of delaminated layers is reduced at higher temperatures; however in mat
specimens tensile fracture is added to interlaminar shear, and there is no
clear transition of fracture mode in these cases.

Therefore the clear, tough-brittle transition exists, with reference
to the temperature variation, when the notch was cut on the edge of
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cloth specimens, To evaluate these results static tensile and compressive
strength data were obtained as a function of temperature (see Figure 2).
This behavior in static strength coincides with that of dynamic strength
obtained by the load—time curve (10) and the transition of fracture mode
in Figure 1. In unidirectional cloth laminate compressive strength is
weaker than tensile strength for the temperature range tested, but at
100°C the difference between both strengths becomes smallest; in this
point the fracture area ratio of tension to compression is maximum (10).
For bidirectional cloth laminate, the weaker strength changes at 110°C,
corresponding to the change of fracture mode from tension to com-
pression. Consequently the fracture mode is controlled by the weaker
intrinsic strength of the materials at the test temperature.

Effect of Specimen Size

To clarify the relation between absorbed energy and specimen size,
tests were made with various specimen widths (b) and thicknesses under
the notch—i.e., remaining depth (h).

Law of Similarity. An example of size effects is shown in Figure 3.
The absorbed energy increases linearly with an increase in width and
continuously increases with an increase in remaining depth for unidirec-
tional cloth notched flatwise. The same behavior occurred for other
specimen sizes. Figure 4 shows a logarithmic plot of absorbed energy
and the remaining depth for resin and various composites at room tem-
perature. The law of similarity, Equation 1, held for all the materials
between absorbed energy (E) and specimen size when the same fracture
mode was maintained regardless of specimen size.

E = Cbmh» 1

where C, m, and n are the material constants; m is unity for most cases,
and n varies from 1.0 to 2.0. C depends on the temperature and fracture
mode, and m and n are constant and independent of temperature when
specimens have the same fracture mode. The total absorbed energy (E)
consists of E; ( proportional to the sectional area bh) and E, (proportional
to the volume bh?). Therefore E is given in the form

E = E, 4+ E;, = Cbh + C:bh* = Cbh» 2

Tough-Brittle Transition in Cloth Laminates. For cloth specimens
notched edgewise transition of fracture mode occurred with a variation
of specimen size although the law of similarity held for each region
having the same fracture mode. Figure 5 shows this transition for bidirec-
tional cloth specimens at room temperature. With the increase of remain-
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Figure 3. Effect of specimen size on absorbed
energy of unidirectional cloth specimen notched
flatwise at room temperature
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Figure 5. Effect o[ specimen size on absorbed energy
of bidirectional cloth laminate at room temperature

ing depth at constant width (b — 10 mm ), the absorbed energy increases
continuously although an abrupt transition from compressive to tensile
type occurs with increasing width at a constant remaining depth ( h =
8 mm).

The fracture transition from compressive to tensile type occurred at
a fixed size ratio—at a critical size ratio (b/h). at constant temperature
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Figure 6. Relationship between transition in fracture mode
and critical size ratio
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Figure 7. Appearance of fracture surface with variation of
specimen width for bidirectional cloth laminate

(see Figure 6). At room temperature the transition points appeared at
(b/h). = 0.75. Figure 7 shows the appearance of the fracture surface
with the variation of specimen width at h — 8 mm and fracture mode
changes at b = 6 mm. Compressive type fracture arose from shear frac-
ture which always was preceded by local buckling failure. With de-
creasing specimen width the glass cloth layers limited near the striking
zone tended to buckle toward the outside on each side by direct impact
load without bending. The mechanism of this type of transition may be
considered in the following way. Euler’s equation on the critical buckling
stress (o) induced in a slender column subjected to compressive load

(W) is given by
-

where E is Young’s modulus, k is the radius of gyration — v/I/A (I: mo-
ment of inertia; A: cross-sectional area), and L is height of the column. If
we consider a hypothetical, small rectangular column at the striking zone
with a cross-sectional area bl/2 (I: length of local buckled layers along
a longitudinal direction) and a height h subjecting to compressive load
W/2 and substitute these values in Equation 3, the critical buckling

stress can be expressed as
= A ? 4
Ge = E (-, ) ( )
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where A is constant. Therefore Equation 4 implies that the local buckling
failure will occur at the critical size ratio (b/h).. We only assumed that
the column height was h in place of specimen thickness ¢ (h + notch
depth), and Figure 6 seemed to prove our assumption; for unnotched
specimens the transition occurred at the same critical size ratio with
notched specimens when the size ratio was taken as b/t.

For unidirectional cloth specimens notched edgewise, the effects of
specimen size at room temperature are shown in Figure 8. Although
the fracture mode is unchanged for the variation of specimen width, it
changes gradually from tensile to compressive shear type with increasing
remaining depth at constant width (b — 10 mm)—a change different
from the bidirectional one. From the examination of the fracture surface,
the area ratio of tension to compression in fracture surface varied con-
tinuously with the following relations. Figure 9 shows the variation of
tensile fracture area represented as the depth under notch a to the speci-
men width at room temperature. The depth in tensile fracture is pro-
portional to specimen width. Figure 10 shows the relationship between
depth in tensile fracture and remaining depth. The depth in tensile
fracture is constant and independent of the remaining depth. The same
relations as those shown in Figures 9 and 10 were obtained for other
sizes and temperatures. These relations are expressed as follows:

T T v T T

g
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- ® b=10 mm (constant ) 8
€200

2

=

o

‘C‘ 1508 -
] mpressive)
E type

E 100,

<

0 b
8 h

Figure 8. Effect o[ specimen size on absorbed energy
of unidirectional cloth laminate at room temperature
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a = Kb (5)

At the transition point the tensile-to-compressive area ratio becomes
unity; then

he (6)

By combining Equations 5 and 6, the critical size ratio becomes

(h/b)e = 2K = constant )
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odf 1
&
o7 '
21_ h= 8mm(const.) |
L
o
80 L 1 i L 1

0 2 4 6 8 10

b (mm)
Figure 9. Depth in tensile fracture part vs. speci-
men width
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Figure 10. Depth in tensile fracture part vs. re-
maining depth
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Figure 12. Relationship between transition in fracture mode and
temperature at constant size ratio (h/b = 0.5) for unidirectional
cloth laminate

where K is a material constant that depends on temperature. At room
temperature [2K = (h/b).] equals 0.6 (. — 3 mm; b = 10 mm). There-
fore the transition point should occur at (h/b). = 0.6 at room tempera-
ture. The validity of this conclusion is presented in Figure 11. The
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Figure 13. Size ratio-temperature-fracture mode diagram

same result was obtained by using various notch depths at a constant
width (see X in Figure 11). If the specimen size ratio (h/b) is constant,
the transition point occurs at the same temperature (see Figure 12); there
are two transition temperatures of —25° and 125°C at (h/b) = 0.5.

As a result of analysis using Equations 5-7 and measuring the depth
in tensile fracture of standard specimens at various test temperatures,
we determined the temperature dependence of critical size ratio (see
Figure 13). The critical size ratio maintains approximately a constant
value up to —90°C; it increases linearly with increasing temperature,
but after a peak at 100°C it decreases markedly. Calculated values coin-
cide well with observed values (Figure 12 and Ref. 8) obtained with
various sized specimens. The upper region from the line of critical size
ratio corresponds to compressive fracture, and the material behaves in a
tough manner; however in the lower region the specimen breaks with
tensile fracture mode and behaves in a brittle manner. At over 200°C
failure occurs by buckling completely.

Conclusion

We can predict the impact behavior, namely impact strength and
fracture mode, over a wide range of temperatures independent of speci-
men size by using standard specimens.
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Polyester Fiber: An Impact Reinforcement
in Polystyrene

T-W SHI' and A. CRUGNOLA

Department of Plastics Technology, University of Lowell,
Lowell, Mass. 01854

Two polystyrene plastics were reinforced with polyester
fibers, and the mechanical/physical properties of the result-
ing composites were determined. One of the plastics was
then reinforced alternately with asbestos and glass fiber
Y4 inch long, equal to that of one of the polyester fibers. The
properties of these latter structures were compared with
those of the polyester reinforced structures. It was observed
that certain fibers selectively improved particular properties
(i.e., glass improved the strength and modulus; asbestos
improved heat deflection temperature; polyester improved
impact strength). A mathematical model was proposed to
predict quantitatively the property values of multifiber rein-
forced plastics. The model forecast the observed property
values of several fabricated multifiber composites to a good
level of agreement.

The 1973 output of reinforced thermoplastics has been estimated at

200 million pounds. This represents a 700% growth from the pro-
duction level of 1967. The obvious reason for this massive increase is the
possibility of attaining adequate/acceptable structural properties in these
materials with the convenience and economy of thermoplastic processing
methods.

Currently glass fiber is the overwhelmingly dominant reinforcement
(90-95% ) used for thermoplastics. Various other materials make up the
remaining 5-10% with perhaps asbestos running a far distant second.
The use of synthetic, organic fiber reinforcements on the other hand has
been very limited. Although isolated applications document their utiliza-

Chi ?Present address: Union Industrial Research Institute of Taiwan, Republic of
ina.
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tion in thermosetting resins (nylon fabric in electrical laminates and nylon
fibers in polyester shower stalls), virtually nothing has been reported
concerning the reinforcing effects of these fibers in thermoplastics.

Our study is outlined in five parts. (a) Two polystyrene plastics
were reinforced at different fiber contents alternately with polyester, asbes-
tos, and glass fibers. (b) The mechanical/physical properties of the
resultant monofiber-reinforced plastics were determined and compared.
(c) Combinations of fibers were then used to fabricate multifiber-rein-
forced structures to exploit simultaneously the particular advantages of
the different reinforcements. (d) The effect of each fabrication stage on
the molecular weight and molecular weight distribution of the matrix
plastics was established and (e) a linear mathematical model was formu-
lated to predict the properties of multifiber structures and forecasted
values compared with corresponding values experimentally obtained
from (c) above.

Experimental

Materials. Plastics used were Foster-Grant Fostarene polystyrene
50D3 M,, — 315,000 and Foster-Grant Fostarene polystyrene 817D9 high
flow M, = 232,800 containing approximately 10% of low molecular
weight modifier. Fibers used were DuPont Dacron polyester type 54
staple 1.5 denier, 0.25 inch length, Beaunit Vycron polyester type flock
3.0 denier, 0.03 inch length, Johns Manville asbestos type Paperbestos No.
10.25 inch length (well opened ), Johns Manville asbestos type Plastibest
No. 20 0.125-0.188 inch length (not well opened), Pittsburgh Plate fiber
glass type 3129 0.25 inch length, 0.00038 inch diameter, and Pittsburgh
Plate Fiber Glass type 3129 0.125 inch length, 0.00038 inch diameter.

Procedure. SPECIMEN FaBricATION. The reinforcements were mixed
into the polystyrene melt on a Farrell two-roll mill at 320°F. It was
necessary to dry the asbestos fibers for 24 hr at 250°F prior to mixing to
ensure the breakup of bundle aggregates. The milling/fluxing time was
held to 8 min for all samples. The sheets obtained in milling were cut,
crossplied, and compression molded in an open frame on a Wabash press.
After they reached the platen temperature the material was held at
330°F and 2000 psi for 6 min. The frame was then transferred to a cold
press, and the sample was cooled under the same pressure. The test
specimens were cut from Y-inch thick plates prepared in the foregoing
manner.

TesTING. The physical/mechanical testing was carried out in a fairly
standard method. The tensile properties of modulus, breaking stress, and
breaking strain were determined at a 10% per minute strain rate. Izod
notched impact ASTM D256 and Shore D hardnesses were also obtained
as were the heat deflection temperatures (HDT) according to ASTM
D648 under 264 psi. The molecular weight and molecular weight distri-
butions were determined with a Waters’ model 200 gel permeation
chromatograph (GPC). Each sample was run at a concentration of
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Table I. Mechanical/Physical Properties of Polyester
Fiber-Reinforced Polystyrene*

Fiber length 0.25 inch 0.03 inch

Fiber content 0 159, 309, 159, 309,

Tensile strength (psi)® 4250 4210 3500 4300 3900

Elongation at break (%) 2.30 2.30 2.00 2.20 2.00

Tensile modulus 233,000 241,000 242,000 234,000 235,000
(19, strain, psi)

Impact strength 0.30 1.29 3.08 0.42 0.57
(ft-Ib/inch notched)

Hardness (Shore-D) 84 83 83 84 84

H%aéc deflection temperature, 63 75 77 74 77

e Foster-Grant 50D3.
b Strain rate 109%/min.

0.25% in dimethyl formamide. The rate of flow and the temperature of

the GPC columns were 1 cc/min and 50°C. The processed plastics were

Eeparated from the fibers by dissolution in toluene and subsequent
Itration.

Results and Discussion

Polyester Reinforcement. The data in Tables I and II reveal the
following:
(a) Tensile strength is somewhat reduced—a maximum of 15% at

a 30 wt % content of 0.25 inch fiber but only one half that much by the
0.03 inch fiber,

(b) Elongation to break is barely affected; at most it is slightly
reduced.

(c) Tensile modulus is increased slightly (4% ) by the longer fiber
but not altered by the short flock.

Table II. Mechanical/Physical Properties of Polyester
Fiber-Reinforced Polystyrene*

Fiber length 0.25 inch 0.03 inch

Fiber content 0 159, 309, 159, 309,

Tensile strength (psi)? 3160 3150 2900 3200 3300

Elongation at break (%) 2.40 2.30 2.30 1.90 1.80

Tensile modulus 195,000 196,000 198,000 220,000 232,000
(19, strain pst)

Impact strength 0.30 1.28 3.08 0.40 0.57
(ft-Ib/inch notched)

Hardness (Shore-D) 84 84 84 84 84

H%%c deflection temperature, 61 74 76 65 71

¢ Foster-Grant 817D9 high flow (109, modifiers, lubricants).
b Strain rate 10%,/min.
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Figure 1. Fracture surface polystyrene reinforced with
Ya-inch polyester fiber

(d) Impact strength is the property most dramatically affected by
the polyester fiber. The inclusion of 30% 0.25 inch fiber brings about a
tenfold increase in notched Izod but only modest increases are registered
with the 0.03 inch fiber.

(e) Hardness values are virtually unaffected by these reinforcements.

(f) Heat deflection temperatures are increased significantly (from
63°C to 77°C at 30% fiber). The length of the reinforcement does not
appear to be a factor.

The foregoing analysis summarizes the results obtained with the
50D3 polystyrene plastic. With the 817D9 material, although the impact

Figure 2. Fracture surface of rigid polyvinyl chlo-
ride reinforced with No. 1 asbestos
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strength and hardness modifications are identical (see Table II) to those
of 50D3 (see Table I), some differences are observed with the tensile
properties and the HTD results. Here the tensile strengths are only
slightly reduced (8% at 30% for 0.25 inch fiber) or even improved as by
the flock. The elongation to break, though not effected by the longer
fibers, is somewhat reduced by the shorter. The modulus, though not
altered by adding 0.25-inch fiber, is increased significantly (20% ) by add-
ing flock fiber.

The spectacular increase in impact strength is of particular interest.
Figure 1 is a photograph of the fracture surface of a polystyrene rein-
forced with Y% inch polyester fiber. Figures 2 and 3 are similar photo-
graphs of a rigid polyvinyl chloride (PVC) reinforced alternately with
the No. 1 and No. 20 asbestos. These are taken from a previous study
by one of us (1) and are in apparent agreement with Cameron (2) who
reported that the impact strength of an asbestos-reinforced polyvinyl
chloride depended on the “bundle integrity” of the asbestos fibers. The
originally less well opened No. 20 fiber retained its bundle integrity
much more than the No. 1 fiber. This is evidenced by the lack of complete
fiber wetting. A similar argument may be applicable to the huge increase
in impact strength observed with the polyester fibers. Certainly Figure 1
reveals that much of the fiber has not been wet out.

However the foregoing only shows that good impact behavior accom-
panies incomplete fiber wetting. It does not suggest how this condition
increases impact. A mechanism for this increase was proposed by Crug-
nola and Litman (1) for asbestos fibers in PVC. They stated that:

Figure 3. Fracture surface of rigid polyvinyl chlo-
ride reinforced with No. 20 asbestos
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Table III. Mechanical/Physical Properties of
Asbestos-Reinforced Polystyrene*

Type Paperbestos No. 1 Plastibest No. 20

Content 0 159, 309, 159, 309,

Tensile strength (psi)® 4250 4250 4250 4100 4000

Elongation at break (%) 2.30 2.30 2.30 2.30 2.20

Tensile modulus 233,000 245,000 258,000 240,000 250,000
(19, strain psi)

Impact strength 0.30 0.49 0.59 1.07 1.12
(ft-lb/inch notched)

Hardness (Shore D) 84 85 86 87 88

H%:éc deflection temperature, 61 82 86 82 85

¢ Foster-Grant 50D3.
b Strain rate 10%,/min.

Table IV. Mechanical/Physical Properties of
Asbestos-Reinforced Polystyrene*

Type Paperbestos No. 1 Plastibest No. 20

Content 0 159, 309, 159, 309%,

Tensile strength (psi)® 3160 3250 3200 3500 3450

Elongation at break (%) 2.40 2.10 1.70 1.80 1.80

Tensile modulus 195,000 233,000 233,000 205,000 230,000
(19, strain psi)

Impact strength 0.30 0.47 0.60 0.54 0.60
(ft-1b/inch notched)

Hardness (Shore D) 84 86 87 86 87

Heat deflection temperature, 61 71 73 72 73
°C

e Foster-Grant 817D9.
b Strain rate 10%/min.

Table V. Mechanical/Physical Properties of
Glass Fiber-Reinforced Polystyrene®

Fiber length 0.25 inch 0.125 inch

Fiber content 0 159, 309, 159, 309,

Tensile strength (psi)® 4250 5300 5580 4600 5400

Elongation at break (%) 2.30 2.20 2.00 2.10 2.10

Tensile modulus 233,000 265,000 325,000 238,000 340,000
(19, strain psi)

Impact strength 0.30 0.85 1.48 0.80 1.41
(ft-Ib/inch notched)

Hardness (Shore D) 84 89 90 87 89

H%aé; deflection temperature, 63 82 83 82 83

e Foster-Grant 50D3.
b Strain rate 10%/min.
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Table VI. Mechanical/Physical Properties of
Glass Fiber-Reinforced Polystyrene*

Fiber length 0.25 inch 0.125 inch

Fiber content 0 159, 309, 159, 309,

Tensile strength (psi)?® 3160 5000 5100 4950 5000

Elongation at break (%) 2.40 2.40 2.30 2.40 2.30

Tensile modulus 195,000 280,000 326,000 260,000 265,000
(19, strain pst)

Impact strength 0.30 0.64 1.14 0.58 1.13
(ft-Ib/inch notched)

Hardness (Shore D) 84 87 89 87 87

H%aé: deflection temperature, 61 70 71 70 71

o Foster-Grant 817D9.
b Strain rate 10%/min.

Table VII. Comparison of the Reinforcing Effects of Polyester,
Asbestos, and Glass Fiber in Polystyrene’

Nonre-

inforced Polyester Asbestos  Glass
Tensile strength (psi)® 4250 3500 4250 5580
Elongation break (%) 2.30 2.00 2.30 2.00
Tensile modulus (19} strain) 233,000 242,000 258,000 325,000
Impact strength 0.30 3.08 0.59 1.48

(ft-1b/inch notched)

Hardness (Shore-D) 84 83 86 89
Heat deflection temperature, °C 63 77 86 83

¢ One quarter inch fibers at 30%, content in Foster-Grant 50D3 polystyrene.
b Strain rate 10%/min.

Table VIII. Molecular Weight and Molecular Weight Distributions

Polystyrene 50D3
]—W— w? M N M w/ M N¢

Original as received 315,500 131,200 241
Original after dissolving in toluene 301,400 126,500 2.38
After milling (without fiber) 248,300 116,000 2.14
After molding (without fiber) 256,000 121,000 2.12
After milling (with 309, 0.25 inch 259,600 119,800 2.17

polyester fiber)
After molding (with 3097 0.25 inch 286,500 121,600 2.36

polyester fiber)

My weight average molecular weight.

b My = number average molecular weight.
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Considerable energy must be involved in pulling apart the asbestos
fibers during the impact: energy used in overcoming frictional type forces,
forces required to pull individual fibers away and past others. The extent
of this mechanism is dependent on the asbestos fiber bundles not being
thoroughly wet by the matrix since the better wet open fibers are frac-
tured at the matrix fracture surface.

With the polyester fiber one must consider the added positive effect
of its substantial elongation to break (here 30-40% ).

Comparison with Asbestos and Glass. Tables III, IV, V, and VI
catalog the properties obtained when the two polystyrenes were rein-
forced with asbestos and glass. Table VII compares the reinforcing effects
of the several fibers studied at 30 wt %. The data show that particular
fibers improve particular properties. The tensile modulus and tensile
strength are most improved by glass; the heat deflection is most improved
by asbestos, and the impact strength is most improved by polyester.

Changes in the Fibers. Samples of fibers were collected after each
processing stage, milling, and molding by dissolution of the polystyrene
in toluene. None of the three fibers (polyester, asbestos, and glass) were
measurably shortened by either fabrication step. The polyester (0.25
inch) fiber increased in density after milling and after molding—original
1.3706 g/cm?, after milling 1.3769 g/cm3, and after molding 1.3807 g/cm?3.
On a percent volume crystallinity these densities correspond to 33, 38,
and 42%.

Molecular Weight and Molecular Weight Distributions. The results
of the molecular weight determinations appear in Table VIII. They
show that the molecular weight of the polystyrene was somewhat de-
creased by the processing. Milling without the fiber lowered the weight
average molecular weight M,, of 50D3 by ca. 20%. The subsequent
compression molding operation had little further effect; if anything the
molecular weight averages were slightly increased. When the reinforcing

of Polystyrenes 50D3 and 817D9 before and after Processing

Polystyrene 817D9
232,800 111,000 2.10
216,900 108,800 2.00
214,300 105,700 2.03
200,500 105,200 1.91
185,800 100,400 1.85
181,000 99,300 1.82

¢ Mw/Myx = polydispersity.
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Table IX. Comparison of Experimental
D/@ (15/15)

Experimental Predicted
Tensile strength (psi)® 4850 5300
Elongation at break (%) 1.80
Tensile modulus (19, strain psi) 315,000 273,000
Impact strength (ft-lb/inch notched) 1.74 1.62
Hardness (Shore-D) 87
Heat deflection temperature, °C 83

¢ Foster-Grant 50D3 polystyrene.
b Strain rate 10%/min.

polyester fiber was present, the same milling operation dropped the M,,
somewhat less (15% ); the molding operation again caused an increase
over the milled value. The molecular weight distribution as reflected in
the polydispersity ratio M,,: M, appears to have been slightly narrowed
as a result of the processing. The results obtained with the other poly-
styrene (817D9) are not in one-to-one agreement with those obtained
with the 50D3. These observations may have been complicated by the
low molecular weight fraction in this particular plastic (see materials
description above). Nevertheless there is general agreement in that
processing does lower the molecular weight and narrow the molecular
weight distribution. The decreases caused by milling are probably the
consequence of chain scission induced by the high shearing forces to
which the polymer melt is subjected in the mill. The increases in molding
could arise from a recombination of some of the free radicals formed in
milling.

LRI
Pe=Py+ P =PI + () -POT + . .

YHERE
Pc = VALUE OF A PARTICULAR PROPERTY IN THE MULTIFIBER COMPOSITE

PO = VALUE OF THE PROPERTY FOR THE NON-REINFORCED PLASTIC

Pll le « « = VALUE OF THE PROPERTY FOR THE SINGLE FIBER COMPOSITE

Cl = VOLUME RATIO OF FIBER ] IN THE MULTIFIBER COMPOSITE

= VoLumMe FIBER 1/(VOLUME FIBER 1 + VOLUME OF PLASTIC IN MULTIFIBER COMPOSITE)

X1 = VOLUME FRACTION OF FIBER 1 IN THE SINGLE FIBER COMPOSITE

= VoLumMe FIBER 1/(VOLUME FIBER 1 + VOLUME OF PLASTIC IN SINGLE FIBER COMPOSITE)

Figure 4. Mathematical model—multifiber-reinforced thermoplastic
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and Predicted Composite Properties®

D/A (15/15) D/G/A (10/10/10)¢
Ezxperimental Predicted Ezxperimental Predicted
4200 4220 4900 4970
1.80 1.90
286,000 252,000 310,000 269,000
1.35 1.23 141 1.32
86 87
81 83

< D-Polyester 0.25 inch; G-Glass 0.25 inch; A-Asbestos 0.25 inch.

MS FORTRAN  (4.2) / MSOS

PROGRAM SHI

DIMENSION P(10),D(10),A(10),6(10)
READ (60,1) (P(1),1=1,4
READ 260,1; 2D§I ,1=1,4
READ (60,1) (A(I),I=1,4
READ (60,1) (G(I),I-1,4)
€1=30./1.37

€2=30./2.5

€3=30./2.5

€4=70./1.05

N1=C1+

N2=C2+1

N3=C3+1

D0 10 I=1,4

DO 20 K1-1,N1

K=K1-1

DO 30 J1=1,N2

J=J1-1

DO 40 M1=1,N3

08/16/74

395

M=M1-1
Q=P(1)+(D(1)-P(1))-P(1 )*(K*(CI+C4))/(Cl*(K+C4))')+§A(1 )-P(1))*(3*(c2+C4))

1/(C2*(J+C4) )+(G(1)-P(1))*(M*(C3+C4))/(C3*(M+C4

50 FORMAT (4F20.5,3110,F20.5)

WRITE (61,50) P(1),D(1),A(1),6(1),K,J,4,Q
40 CONTINUE
30 CONTINUE
20 CONTINUE
10 CONTINUE

1 FORMAT (4F10.2)
STOP
END FORTRAN DIAGNOSTIC RESULTS FOR SHI

NO ERRORS
LOAD, 56
RUN,

Figure 5. Fortran program of the mathematical model



Published on June 1, 1976 on http://pubs.acs.org | doi: 10.1021/ba-1976-0154.ch032

396 TOUGHNESS AND BRITTLENESS OF PLASTICS

Multifiber Composites. Table IX, under Experimental, catalogs the
results obtained when the three fibers are combined in several ways.
The different fibers appear to reinforce in combination as they reinforce
when acting individually.

Figure 4 presents the mathematical model which quantitatively fore-
casts the individual property values obtained by combining the different
fibers in a single reinforced structure. The model is a linear one; it pre-
supposes that a fiber when incorporated in a plastic with other fibers
contributes to the improvement of a particular property in the same way
as it did when incorporated alone. In keeping with the well known “rule
of mixtures” the equation utilizes volume percentage rather than weight
percentage. Further, as indicated in Figure 4, the use of the model
requires a previous evaluation of the individual fibers at some one level
of concentration.

Table IX also catalogs the values of the several multifiber composites
predicted by the model. Agreement with the property values actually
obtained appears to be good: tensile strength 4%, impact strength 6%,
and modulus 12%. A Fortran program for the model appears in Figure 5.

Conclusions

(a) For the polyester reinforcement at 30%, the tensile strength
decreased by 15%, the tensile modulus increased by 5%, the impact
strength increased tenfold, the hardness was not affected, and the HDT
increased from 63° to 77°C.

(b) The particular fibers improved particular properties—the glass
improved tensile strength and tensile modulus, the asbestos improved
HDT, and the polyester improved impact strength.

(c) The three fibers when combined in multifiber composites ap-
peared to reinforce as they did individually.

(d) The linear mathematical model proposed predicted the experi-
mentally observed multifiber structure properties to a good level of
agreement.
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